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A B S T R A C T

Defining the initial porosity limits within which hot isostatic pressing (HIP) can effectively densify laser powder 
bed fusion (PBF-LB) components remains a critical gap for industrial qualification of additively manufactured 
nickel-based superalloys. This study systematically investigates the influence of volumetric energy density (VED) 
on initial defect population in Inconel 718 (IN718) and its role in densification response during HIP. Specimens 
with varying initial porosity (0.01–17.76%) were fabricated by intentionally varying laser power, scan speed, 
and hatch spacing. All samples were subjected to identical HIP conditions (1160 ◦C, 100 MPa, 4 h) incorporating 
a combined in-situ solution treatment, followed by double ageing in a vacuum furnace. Porosity evolution, pore 
morphology, microstructural transformations, and nano-mechanical response were characterized before and 
after HIP. Three distinct densification regimes were identified based on initial porosity. Below 0.1%, the absolute 
densification benefit is negligible due to argon-filled gas pores resistant to closure. Between 0.1% and 10%, 
closure efficiencies of 87–98% are achieved, representing the optimal HIP densification window. Between 10% 
and 17%, the response degrades progressively, and above ~17% densification efficiency becomes negative owing 
to open-pore network formation and argon gas expansion during subsequent vacuum treatments. Furthermore, 
HIP at 1160 ◦C fully dissolved Nb-rich laves phases, eliminated melt pool boundaries, and promoted recrystal
lization from columnar to equiaxed grain structure. Double ageing produced a uniform distribution of fine γ′/γ″ 
strengthening precipitates. These findings establish quantitative defect acceptance criteria for pre-HIP qualifi
cation of PBF-LB nickel superalloy components, supporting cost-effective post-processing for aerospace and 
energy applications.

1. Introduction

Metal additive manufacturing (AM) has gained significant attention 
in recent decades due to its excellent ability to fabricate complex near- 
net-shape components directly from digital models, reducing material 
waste and steps as compared to other manufacturing processes [1]. 
Among these AM processes, laser powder bed fusion (PBF-LB), also 
known as selective laser melting (SLM), has emerged as a promising 
candidate for producing high-performance metallic components with 
high geometric resolution, relative density, and control over the part 
produced, particularly required in aerospace and energy applications 
where performance optimization is critical, i.e., nickel based super 

alloys used at high temperature areas [2,3]. Despite the multiple ad
vantages of PBF-LB, the process involves rapid melting and solidifica
tion, which may lead to microstructural heterogeneity, residual stress, 
and the formation of internal defects. These defects are usually classified 
as gas pores, keyhole pores, and lack-of-fusion (LOF) voids, each with 
unique formation mechanisms and shapes; LOF defects are generally the 
most crack-like and damaging in fatigue because of sharp internal 
notches and unmelted interfaces [4].

Moreover, defects are also highly dependent on the PBF-LB pro
cessing parameters, particularly laser power, scanning speed, hatch 
spacing, and layer thickness, which collectively contribute to the applied 
energy density (VED) to the powder. An increase in VED can lead to 
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excessive melt pool instability, keyhole formation, vaporization-induced 
porosity, and, in extreme cases, localized burn-through. Conversely, a 
reduction results in incomplete melting, poor interlayer bonding, 
irregular melt pool morphology, and lack-of-fusion defects and irregular 
porosity. Furthermore, raw material, i.e., powders, also has a critical 
role, including entrapped gas, irregular particle morphology, flow
ability, and powder reuse, which can influence the final properties of the 
produced parts [5,6]. In addition, variations in powder spreading and 
scan strategy may promote discontinuous melt tracks, thereby 
increasing the susceptibility to pore formation. These defects can 
significantly degrade mechanical performance by acting as stress con
centrators and crack initiation sites, thereby failing to meet the stringent 
requirements of aerospace and energy applications.

Among various nickel-based superalloys, Inconel 718 (IN718) has 
recently gained significant attention for manufacturing via the PBF-LB 
process due to its excellent weldability, while maintaining excellent 
high-temperature mechanical properties, making it an ideal candidate 
for additive manufacturing to produce complex parts for aerospace and 
energy applications [7]. This superior mechanical performance of IN718 
is due to the formation of coherent γ′ (Ni3 (Al, Ti)) and γ″ (Ni3 Nb) 
precipitates, strengthening the γ matrix. However, among these pre
cipitates, γ″ is the primary strengthening agent, reducing the suscepti
bility to solidification cracking during rapid melting and solidification 
due to a narrower solidification temperature range and more ductile 
interdendritic regions during rapid solidification, thereby making it 
more suitable for additive manufacturing processes. Consequently, this 
alloy is extensively employed in gas turbine engines and other 
high-temperature structural applications where complexity, along with 
high mechanical properties are essential. Despite these advantages, 
PBF-LB manufactured IN718 exhibits inherent AM process-induced de
fects, as discussed above. Along with these defects, anisotropy and 
microstructural segregation due to rapid solidification are also chal
lenges that can negatively influence the overall mechanical response and 
structural integrity of the part, which needs attention when dealing with 
AM-manufactured parts [8].

Multiple studies were conducted to reduce the anisotropy in the AM 
parts by controlling the manufacturing parameters or by post-heat- 
treating the AM parts [9,10]. However, the porosity issue remains un
resolved and, in some cases, increases after the heat treatments. To 
mitigate both issues in a single-step post-processing treatment, hot 
isostatic pressing (HIP) has been widely investigated and proven as an 
effective technique in reducing internal porosity and also improving 
microstructural isotropy. In this process, high temperature and isostatic 
pressure are simultaneously applied to the material with the help of gas, 
promoting diffusion, plastic deformation, and pore shrinkage, thereby 
increasing the relative density of metallic components to the near 
theoretical density [11]. Traditionally, HIP has been employed in cast 
superalloys to eliminate shrinkage porosity and reduce segregation, 
leading to improvements in tensile strength, ductility, and fatigue life. 
Chang et al. [12] working on cast IN718 superalloy, reported that HIP at 
approximately 1180 ◦C significantly reduced segregation and internal 
porosity while increasing room-temperature tensile strength by 18% and 
elongation by more than 50%. Similar benefits have been reported for 
additively manufactured components, where HIP treatment mitigates 
these inherent drawbacks of the AM process.

Previous studies on PBF-LB IN718 have demonstrated that HIP as an 
effective post-processing technique for improving densification and 
microstructural homogeneity. For example, Yin et al. [13] evaluated the 
effects of HIP on PBF-LB IN718 at multiple temperatures, ranging from 
1120 to 1180 ◦C, followed by solution and ageing heat treatments, on 
the microstructure and tensile properties. It was observed that HIP 
temperatures dissolve the laves phases produced in the as-built part and 
promote grain recrystallization. This dissolution is expected on ther
modynamic grounds: in the as-built condition, rapid solidification drives 
extensive Nb segregation into the interdendritic regions, where it com
bines with Ni, Fe and Cr to form the metastable Laves phase, which 

dissolves readily above approximately 1050 ◦C [14], returning Nb to 
solid solution and enabling subsequent precipitation of the primary 
strengthening phase γ″ (Ni₃Nb, D0₂₂ structure) and the secondary γ′ 
phase (Ni₃(Al,Ti), L1₂ structure) during ageing. The Nb released by this 
dissolution does not remain entirely in solution, however: cooling from 
the HIP temperature and through any subsequent solution treatment, 
some of this Nb instead reforms as needle-like δ-phase (Ni₃Nb, D0ₐ 
structure) at grain and twin boundaries, favored by the locally higher Nb 
activity at these interfaces [15], together with blocky MC carbides that 
remain stable up to the melting point [16]. The δ-phase plays a dual role 
in this context: moderate amounts pin grain boundaries and restrict 
grain growth during the high-temperature hold, but once its volume 
fraction exceeds approximately 4–8%, it depletes the matrix of Nb 
available for γ″ formation and acts as a stress raiser owing to its acicular 
morphology, degrading both strength and ductility [17]. This recrys
tallization behavior strongly depends on the HIP temperature, with fully 
equiaxed grains observed at temperatures ≥ 1150 ◦C. However, an in
crease in HIP temperature results in grain coarsening, along with a 
strength and ductility trade-off in mechanical properties. Similarly, 
Varela et al. [18] also examined the effect of HIP on PBF-LB IN718 at 
1105–1200 ◦C, and observed the formation of equiaxed recrystallized 
grains. Comparable observations were also reported by Sommer et al. 
[19], in which improvement in mechanical properties was observed due 
to varying post-processing routes in PBF-LB IN718. Two routes were 
examined, one with HIP, along with stress-relief (SR) heat treatment and 
double ageing (DA), and the other without HIP. First process improved 
microstructural homogenization and density, in contrast to the second 
route, resulting in increased tensile strength from 849 to 1155 MPa and 
fatigue strength to 190 MPa compared to 85 MPa in the as-built sample. 
This increased mechanical response was due to reduced defects and 
homogenization of the microstructure, leading to uniform crack 
initiation.

Although HIP is effective in improving densification, its success is not 
universal but governed by the characteristics of the initial defect pop
ulation, namely pore size, morphology, and entrapped gas content. From 
a thermodynamic perspective, closure of a spherical pore of radius r 
requires that the applied pressure overcomes both the internal gas 
pressure and the resistance associated with the pore surface [20]: 

Pext > Pint+
2γ
r

(1) 

where P_ext is the applied HIP pressure, P_int is the internal gas pressure, 
and 2γ/r is the surface-energy contribution. Since the latter scales 
inversely with pore radius, fine pores are intrinsically more resistant to 
closure than large lack-of-fusion defects, while the internal pressure 
term is set by the nature of the entrapped gas. Nitrogen-filled pores, 
originating from atmospheric or powder contamination, are relatively 
amenable to closure through dissolution of the gas into the matrix, 
whereas argon is essentially insoluble in the Ni–Fe–Cr lattice and 
therefore resists complete elimination regardless of applied pressure and 
temperature [21,22]. These considerations, together with the cost of the 
process itself, define the thresholds that must be assessed when evalu
ating whether HIP is justified for a given component [11]. In the work of 
Tillmann et al. [23] performed on PBF-LB IN718, it was demonstrated 
via micro-CT and microscopy that HIP substantially densifies PBF-LB 
IN718, reducing porosity from 0.069 to 0.011–0.015 vol% at tempera
tures ≥ 1150 ◦C and pressures ≥ 100 MPa, and down to ~0.0019%. 
Their parametric analysis indicated that temperature is the dominant 
densification driver, as limited improvement was observed below 900 ◦C 
and near-saturation above 1150 ◦C, leading them to identify 1150 ◦C 
with a pressure of 100 MPa as an economical condition for HIP IN718. 
Nevertheless, isolated micron-scale pores persisted after HIP, which they 
attributed to entrapped argon gas, indicating that gas-filled porosity 
cannot be fully healed by HIP alone. Other studies have also reported 
similar results, where HIP improved density, hardness, and fatigue 
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resistance primarily through closure of shrinkage and lack-of-fusion 
defects rather than complete elimination of gas porosity [24]. Kaletsch 
et al. [22] investigated whether PBF-LB productivity for IN 718 can be 
increased by intentionally printing parts with high porosity and then 
densifying them using HIP. Samples with about 3.5% and 9.9% core 
porosity were HIP-treated and then aged with and without pressure 
conditions. For the lower porosity, HIP produced high fatigue strength 
regardless of the ageing condition, but for the high porosity case, a 
notable difference was observed. Specimens aged under pressure 
retained high fatigue strength, while those aged without pressure 
showed a drastic reduction due to the trapped argon gas that expands, 
causing pore regrowth and separation along weak interfaces, reducing 
bonding. Although the fatigue behavior clearly indicates this mecha
nism, the study could not quantitatively measure the pore regrowth. 
Similarly, other studies have also recently reported that HIP cannot heal 
surface-opening cracks in nickel superalloys and can even extend them, 
and also, subsequent heat treatment after HIP can re-enlarge pores due 
to trapped-gas expansion [25,26].

Despite the mentioned studies, a fundamental gap remains, where no 
study has systematically characterized HIP densification efficiency as a 
continuous function of initial porosity across a range wide enough to 
capture the transition from gas-pore-dominated to LOF-dominated to 
open-pore-network regimes, as per the best of the author’s knowledge. 
Existing studies either examine near-fully dense PBF-LB material where 
HIP benefit is marginal or intentionally introduce high porosity without 
quantifying the precise threshold beyond which HIP becomes ineffec
tive. Specifically, the mechanism by which argon gas entrapment during 
PBF-LB has been observed qualitatively but never quantified in terms of 
a porosity acceptance limit. This absence of quantitative threshold data 
represents a direct barrier to industrial qualification, where component 
acceptance criteria must be defined before HIP.

The present study addresses these gaps by fabricating a matrix of 30 
PBF-LB IN718 specimens spanning nearly three orders of magnitude in 
initial porosity (0.01–17.76%), subjecting all samples to identical HIP 
conditions incorporating a combined solution treatment cycle, and 
systematically characterizing defect evolution, pore morphology, 
microstructural transformation, crystallographic texture, and mechani
cal response before and after processing. Specifically, this work estab
lishes quantitative porosity thresholds that define the effective operating 
window for HIP densification, identifies the mechanisms responsible for 
HIP inefficiency at both low and high initial porosity extremes, and links 
defect closure behavior to microstructural evolution and mechanical 
response. These findings provide evidence-based acceptance criteria for 
pre-HIP qualification of PBF-LB nickel superalloy components, sup
porting cost-effective post-processing for aerospace and energy 
applications.

2. Materials and methods

2.1. Material and PBF-LB fabrication

Gas-atomized IN718 was used as feedstock material. The powder 
consisted of predominantly spherical particles produced by gas atomi
zation, with a particle size distribution ranging between 20 and 55 μm, 
suitable for PBF-LB processing.

A total of thirty cubic specimens with dimensions of 
10 × 10 × 10 mm³ were fabricated using an PBF-LB system manufac
tured by TRUMPF TruPrint 1000 operating under an argon atmosphere, 
as tabulated in Table 1. To intentionally generate different initial 
porosity levels, the PBF-LB processing parameters were systematically 
varied by modifying laser power, scan speed, and hatch spacing, 
resulting in different volumetric energy densities. The reported volu
metric energy density values are calculated as per the following 
equation: 

Eᵥ =
P

(v ∗ h ∗ t)
(2) 

Where P is laser power (W), v is the scan speed (mm/s), and h is the 
hatch distance (mm). The layer thickness appears to have been held 
constant at 20 μm. This approach enabled the production of samples 
with controlled variations in defect content, including both spherical gas 
pores and irregular lack-of-fusion defects arising from insufficient 
melting conditions. All specimens were fabricated with the same laser 
spot size of 50 μm and a scan rotation between layers of 67◦.

After fabrication, the samples were removed from the built platform 
using wire electrical discharge machining. No stress-relief treatment was 
applied prior to hot isostatic pressing to preserve the as-built porosity for 
densification analysis.

2.2. Hot isostatic pressing and heat treatment

HIP was carried out using a HIP system of Quintus technology model 
QIH 15 L at 1160 ◦C under 100 MPa for 4 h, along with solution treat
ment at 980 ◦C for 1 h under pressure with high-purity argon as the 
pressure-transmitting medium, as per already optimized parameters 
[27,28]. This single-step HIP + solutionizing treatment will not only 
save the energy wasted during the separate solutionizing heating cycle 
but also save time, ultimately improving the efficiency of the system. 
This result was achieved thanks to the hip-quench capability of the 
press; ca. 120 ◦C/min was the cooling rate adopted after the solutioning 
stage. Subsequently, double ageing was performed using a vacuum 
furnace (102 mbar), TAV MINIJET HP S/N 235, at 720 ◦C and 620 ◦C for 
8 h at each temperature, as depicted in Fig. 1. This two-step ageing 
treatment promotes the precipitation of γ′ and γ″ strengthening phases 
within the γ matrix, which are responsible for the high strength of 
IN718.

The HIP temperature of 1160 ◦C was selected because HIP densifi
cation of PBF-LB IN718 saturates above 1150 ◦C at 100 MPa [23] and 
the Laves phase has been reported to dissolve completely at 1120–1150 

Table 1 
PBF-LB samples parameters.

Sample 
no.

Energy density 
(J/mm3)

Laser 
Power (W)

Hatch 
distance (mm)

Scan Speed 
(mm/s)

1 111 100 0.05 900
2 83 100 0.05 1200
3 67 100 0.05 1500
4 79 100 0.07 900
5 60 100 0.07 1200
6 48 100 0.07 1500
7 62 100 0.09 900
8 46 100 0.09 1200
9 37 100 0.09 1500
10 167 150 0.05 900
11 125 150 0.05 1200
12 100 150 0.05 1500
13 119 150 0.07 900
14 89 150 0.07 1200
15 71 150 0.07 1500
16 93 150 0.09 900
17 69 150 0.09 1200
18 56 150 0.09 1500
19 222 200 0.05 900
20 167 200 0.05 1200
21 133 200 0.05 1500
22 159 200 0.07 900
23 119 200 0.07 1200
24 95 200 0.07 1500
25 123 200 0.09 900
26 93 200 0.09 1200
27 74 200 0.09 1500
28 37 100 0.09 1500
29 93 200 0.09 1200
30 222 200 0.05 900
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◦C [13,14]. In addition, complete recrystallisation within a hold time of 
a few hours requires at least 1150 ◦C, whereas higher temperatures 
promote grain growth: raising the HIP temperature from 1150 to 1180 
◦C increased the grain size after HIP + HT from 85.3 to 146.9 µm and 
reduced the yield strength from 1155 to 1005 MPa [13]. A temperature 
of 1160 ◦C therefore balances homogenization against grain coarsening.

2.3. Defect analysis

Porosity measurements were conducted in both as-built and post- 
HIPped conditions to quantify the HIP process's densification capa
bility. Metallographic analysis was performed on phenolic resin- 
embedded specimens prepared using standard metallographic 
methods. This process included sectioning parallel (XZ) to the build 
direction of the samples so that the building direction can be observed 
for the complete layer analysis of the samples. All micrographs for 
porosity quantification were acquired from the core region of each 
section, excluding the edges and near-surface regions, to avoid contour- 
related and edge defects. Afterwards, grinding and polishing with SiC 
papers and polishing cloths ranging from 100 to 2400 grit, as well as 
diamond pastes containing particles from 6 to 0.1 μm, respectively. 
Optical micrography on the as-polished samples was performed using a 
metallographic microscope, Leica MEF4, at 50x.

Quantitative defect analysis was performed using ImageJ, an image 
analysis software, to determine the area fraction of porosity and pore 
size distribution. Defects were classified based on morphology and size 
to evaluate differences in HIP closure behavior.

The effectiveness of HIP densification was evaluated by comparing 
the initial porosity (P0) with the residual porosity after HIP (PHIP). A 
closure efficiency (ηHIP) parameter was calculated for each sample to 
assess the fraction of porosity eliminated during HIP processing as per 
the following equation: 

ηHIP(%) =
Po − PHIP

Po
× 100 (3) 

2.4. Microstructural characterization

After defect analysis of as-built and post-HIPped samples, micro
structural characterization was also carried out to study the effect of 
PBF-LB parameters and HIP treatment conditions on the microstructure 
of the samples using optical microscopy and scanning electron micro
scopy in both secondary electron (SE) and backscattered electron (BSE) 

modes. Etched samples with Kalling 2 solution (5 g CuCl2, 100 ml HCl, 
and 100 ml CH3CH2OH) etchant were examined for grain boundaries to 
reveal melt pool structures in the as-built condition and grain 
morphology after HIP treatment using a metallographic microscope, 
Leica MEF4. For grain size measurements, five intercepts were drawn on 
five different pictures for grain coarsening evaluation, and measure
ments were averaged as proposed in ASTM E112. However, clearer 
evolution of grain coarsening with VED of the PBF-LB was analyzed 
using Electron backscatter diffraction (EBSD).

While electronic microscopy was performed with a Scanning Elec
tron Microscope EVO 15 (SEM) with an Energy-dispersive spectroscopy 
(EDS) probe by Oxford Instruments Ultim max 40 (40–170 mm2 sensor 
area) for analyzing precipitates, carbides, present in the microstructure. 
EDS was employed to identify Nb-rich regions and carbides and phase 
evolution associated with post-HIPped microstructure. Samples were 
observed at 5 and 100 KX, both in secondary and backscattered modes, 
depending on the particles to resolve, after chemical etching. Moreover, 
EBSD was employed to characterize the microstructure further, enabling 
detailed analysis of grain size distribution, grain boundary character 
(low-angle and high-angle grain boundaries), crystallographic texture, 
and grain orientation using a Tescan S9000G focused ion beam scanning 
electron microscope (FIB-SEM) equipped with an Oxford symmetry 
EBSD detector.

The recrystallized (RX) area fraction, derived from the GOS distri
bution using a 1◦ threshold, was adopted as a standard crystallographic 
proxy for recrystallization. However, a low GOS value can also result 
from recovery or from strain-free grains formed in situ during solidifi
cation, rather than from true recrystallization. For this reason, the HAGB 
fraction, which requires the actual formation of new high-angle grain 
boundaries, was used as a complementary, more conservative indicator, 
allowing the two mechanisms to be distinguished.

2.5. Hardness assessment

Nanoindentation tests were performed using a Hysitron model TI 
950 TriboIndenter on both pre-HIPped and post-HIPped samples to 
evaluate the local mechanical response at the nanoscale. The tests were 
carried out using a standard loading profile of 15–15–15 s (loa
ding–holding–unloading) with a maximum load of 1 mN. This technique 
enabled the determination of nano-hardness and elastic modulus at the 
nanoscale. A 6 × 6 indentation grid was performed on the samples with 
a 10-um distance between the indents. These were then translated into 
heatmaps using MATLAB, employing interpolation techniques to 

Fig. 1. Schematic representation of the HIP + heat-treatment applied to PBF-LB IN718.
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represent the spatial distribution of hardness and modulus. Providing 
further insight into phase-specific mechanical behavior and micro
structural heterogeneity.

3. Results and discussion

3.1. Evolution of defects with HIP

The optical micrographs of different PBF-LB IN718 samples in the as- 
built condition are shown in Fig. 2, representing the defect population 
with different printing parameters. The micrographs reveal multiple 
types of defects: spherical gas pores, pinholes, and irregular LOF defects. 
The spherical pores are typically associated with entrapped gas from the 
powder atomization process, shielding gas or instability in the melt pool, 
whereas the irregular and elongated defects originate from insufficient 
melting, inadequate overlap between scan tracks, or unstable melt pool 
dynamics. These LOF defects often appear along interlayer boundaries 
perpendicular to the building direction, reflecting the layer-by-layer 
nature of PBF-LB fabrication. Quantitative image analysis gave initial 
porosity values ranging from 0.01% in the well-optimized specimens to 
17.76% in the severely under-melted ones, as tabulated in the 
supplementary material. This wide range enables direct evaluation of 
how the initial defect population influences the efficiency of HIP 
densification.

As shown in Fig. 3, initial porosity decreases with increasing VED, 
but the relationship is not single-valued: at a given VED the measured 
porosity spans up to two orders of magnitude, and this spread is sys
tematic rather than random. Considering the overall trend first, for VED 
below ~60 J/mm³ , porosity rises steeply, consistent with the transition 
from stable conduction-mode melting to an unstable regime dominated 
by discontinuous melt tracks and lack-of-fusion voids. This threshold is 
in good agreement with values reported for PBF-LB processing of nickel- 
based superalloys, where complete powder melting and adequate track 

overlap typically require VED above 50–60 J/mm³ , depending on 
powder characteristics and machine parameters [29,30]. Above 
approximately 80 J/mm³ , porosity falls below 5%, and the trend flat
tens, indicating that further increases in energy input yield diminishing 
returns in densification while progressively increasing the risk of 
keyhole-induced porosity above ~170 J/mm³ .

The dominant feature of Fig. 3 is the complete separation of the 
100 W population from the 150 W and 200 W populations. All ten 
specimens built at 100 W lie above the 0.5% porosity line, while all 
twenty specimens built at 150 W or 200 W lie below it, and the two 
groups do not overlap anywhere in the build matrix: the least porous 
100 W specimen (0.71%, sample 4, 79 J/mm³) remains more porous 
than the most porous 150 W specimen (0.42%, sample 18, 56 J/mm³), 
even though the latter was processed at a 30% lower VED. At same VED, 
the difference reaches one to two orders of magnitude: 2.31% at 111 J/ 
mm³ and 100 W against 0.02% at 119 J/mm³ and 150 W, and 13.06% at 
67 J/mm³ and 100 W against 0.18% at 69 J/mm³ and 150 W.

This behavior follows directly from the fact that VED is a lumped 
descriptor rather than a state variable. Melt pool penetration scales with 
the normalized enthalpy, ΔH/hₛ ∝ P/√v for a fixed beam diameter, 
whereas VED ∝ P/(v⋅h⋅t); hatch spacing and layer thickness enter the 
energy equation but not the penetration depth of an individual track. 
Traversing a line of constant VED from 100 W to 200 W therefore in
creases ΔH/hₛ by a factor of √2 even though the nominal energy input is 
unchanged. Consistently, porosity within the 100 W set is governed 
almost entirely by scan speed rather than by VED: samples 3 and 7 were 
built at nominally the same energy density (67 and 62 J/mm³) yet differ 
by a factor of sixteen in porosity (13.06% against 0.80%), the only 
substantive difference being the scan speed (1500 against 900 mm/s), 
with the more closely spaced hatch producing the higher porosity.

The morphology and gas content of these defects largely determine 
their response to HIP. In the present specimens, the two populations are 
clearly distinguishable: samples processed below ~60 J/mm³ contain 

Fig. 2. Optical micrographs showing the pore distribution in as-built PBF-LB IN718 before HIP.
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large, irregular lack-of-fusion defects with aspect ratios exceeding 3:1, 
whereas those processed above ~100 J/mm³ contain predominantly 
spherical pores below 100 µm in diameter. Following the closure crite
rion introduced in Section 1, these two populations are expected to 
behave very differently. The irregular defects present large radii of 
curvature and unbonded rather than gas-filled interfaces, and are 

therefore expected to collapse readily under the applied pressure, pro
vided they remain enclosed. The spherical pores, by contrast, are argon- 
filled and fine, so both terms opposing closure act simultaneously, and 
they represent the population least likely to be eliminated. This 
distinction is examined quantitatively in Section 3.1.1 through the pore 
size distributions before and after HIP.

Fig. 3. Initial porosity (%) and energy density (J/mm³) of IN718 samples arranged in decreasing order of initial porosity, showing an inverse relationship between 
the two parameters.

Fig. 4. Optical micrographs showing the pore distribution in as-built PBF-LB IN718 after HIPping.
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After HIP treatment, a clear reduction in porosity is observed in the 
majority of the samples, as seen in Fig. 4. Samples with low initial 
porosity show almost complete densification, with porosity approaching 
negligible levels. Samples with moderate initial porosity, most of the 
isolated defects are either eliminated or reduced to extremely small 
sizes, as it had both closed and open pores. And then samples with initial 
porosity ≥ 17% show an increase in porosity after HIPping. Based on the 
above observations in post-HIPped samples, the samples are divided into 
three categories:

First, porosity levels are already low, mostly in the form of gas 
porosity. In these samples, trapped argon and post-HIP heat treatment in 
thermally induced porosity play an important role. Even for enclosed 
pores, gas-filled porosity can persist after HIP because inert gas has 
limited solubility in the metal lattice, making complete closure ther
modynamically and kinetically challenging. However, once a pore has 
been closed by creep and diffusional bonding of its surfaces, it cannot 
reopen on depressurization alone, since the deformation is plastic and 
the pore surfaces are metallurgically bonded. Incompletely closed 
argon-filled pores, however, remain susceptible during subsequent high- 
temperature exposure. As the temperature increases, the pressure of the 
entrapped gas rises while the flow stress of the surrounding matrix de
creases, so that in the absence of an external constraint the pore can 
cause porosity again by creep. This thermally induced porosity is typi
cally reported for treatments carried out at temperatures at or above the 
HIP temperature, or at somewhat lower temperatures when the external 
pressure is low, as is the case for the vacuum ageing. Prior IN718 studies 
have linked high initial porosity and argon-filled pores to post- 
processing sensitivity, including differences between ageing under 
pressure versus at ambient conditions [22].

Second is the regime of moderate initial porosity, approximately 
0.1–10%, which shows the sharpest decrease in defect content. These 
defects are typically associated with incomplete bonding or pinholes due 
to overheating, in addition to gas pores, allowing the surrounding ma
terial to collapse and weld together during the HIPping cycle. Pore- 
closure literature similarly reports that large irregular pores can close 
faster than small spherical pores [31].

However, as the porosity levels approaching 17%, HIPping shows no 
improvement in the third type of samples. As the percentage of defects 
increases, the defects convert from closed pores to open pores, making 
the internal and external HIP pressure difference zero. Classical HIP 
theory explains effective closure of enclosed pores through creep/ 

plasticity and diffusion, but requires a pressure differential across the 
pore surface. If LOF defects form interconnected networks that connect 
to the environment, capsule-free HIP allows argon penetration, 
removing the driving pressure differential and preventing closure. This 
mechanism is consistent with AM and HIP studies documenting that 
open-to-surface defects are intrinsically difficult or impossible to elim
inate without encapsulation [11].

As the initial porosity further increases, it leads to an increase in 
defect content after the HIP + heat treatment cycle. This behavior is 
particularly evident for samples 6, 8, 9, and 28, where the final porosity 
exceeded the initial values, depicted in Fig. 5. Examination of micro
graphs suggests that this phenomenon is associated with open porosity, 
where the external pressure is equal to the internal pressure, making the 
closure of the porosity impossible. Moreover, in certain cases where the 
gas is entrapped in the large pores and sealed inside may expand during 
the post-HIP heat treatment, increasing the defect size. Despite the 
general effectiveness of HIP, the results clearly demonstrate that 
densification efficiency strongly depends on the initial defect 
population.

From the above results, we can conclude that a key factor resulting in 
pore closure during HIPping is the balance between external pressure 
and internal gas pressure. Moreover, this situation becomes particularly 
significant during the ageing stage, which was performed under vacuum 
conditions. Under vacuum, the external pressure resisting pore expan
sion is minimal, allowing trapped gas to expand and reopen previously 
compressed defects at high temperature. Consequently, pores may grow 
or coalesce, as the defects look more interconnected in the samples 
where the defect percentage shows an increase, which explains the in
crease in defect area observed in some samples. This phenomenon is 
consistent with the observations reported by Kaletsch et al. [22] dis
cussed in the introduction section, supporting the observations in the 
present work, indicating expansion of argon-filled pores and partial 
reopening of previously compressed defects as ageing was performed 
under vacuum.

Entrapped argon in PBF-LB IN718 has been confirmed by Tillmann 
et al. [23], who measured a higher argon content in PBF-LB built spec
imens than in conventionally manufactured material and attributed it to 
the argon build atmosphere and to gas-filled pores in the gas-atomised 
powder. In samples with open porosity, the pressurized argon of the 
HIP vessel may additionally infiltrate the interconnected defects and 
become sealed inside them, further contributing to pore expansion 

Fig. 5. Variation of Porosity Across PBF-LB IN718 Samples Before and After HIP Treatment.
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during vacuum ageing.

3.1.1. Analysis of pore closure based on size
The pore size distribution, presented as pore count versus equivalent 

circular diameter (ECD) in Fig. 6, provides quantitative insight into the 
size-dependent nature of HIP densification. Pooled over all thirty spec
imens, the total population decreases from 8787 to 7467 pores, a net 
reduction of 15.0%, but this figure covers a strongly non-uniform 
response across the size classes. The smallest resolvable defect in the 
present analysis was 2.2 µm ECD, which defines the lower bound of the 
first class.

The finest class, spanning 2.2–30 µm, dominates the population in 
both conditions, comprising 6999 pores before HIP and 6265 after, a 
reduction of only 10.5%. These are predominantly spherical, gas-filled 
defects originating from argon entrapped during atomization or PBF- 
LB processing. Their persistence is consistent with the closure criterion 
introduced in Section 1: both terms opposing closure, the internal argon 
pressure and the surface-energy contribution 2γ/r, act most strongly on 
the finest pores, so this class is the least amenable to elimination.

The 30–60 µm class shows the largest fractional reduction of the 
whole distribution, falling from 825 to 416 pores (− 49.6%), and 
therefore represents the most HIP-responsive population. Above this 
class the response weakens and becomes size-independent rather than 
progressive: reductions of 30.3% (340− 237) at 60–90 µm, 13.4% 
(216− 187) at 90–120 µm, 23.8% (130− 99) at 120–150 µm, 24.2% 
(120− 91) at 180–240 µm and 20.5% (39− 31) at 240–300 µm, with the 
150–180 µm class essentially unchanged (102− 105). The single excep
tion to the overall reduction is the class exceeding 300 µm, which in
creases from 16 to 36 pores, a rise of 125%. Two processes contribute: 
coalescence of adjacent lack-of-fusion defects into larger interconnected 
voids, and growth of large argon-filled defects, as described in Section 
3.1.

3.2. Microstructural evolution before and after HIP + heat treatment

3.2.1. Optical microstructure before and after HIP
Fig. 7 compares the etched optical micrographs of samples 28, 29 

and 30, processed at 37, 93 and 222 J/mm³ , respectively, in the as-built 
and post-HIP conditions. These three conditions span the processing 
window and correspond to the specimens examined by EBSD in Section 
3.2.3. The two rows are shown at different magnifications, since melt 
pool boundaries and recrystallized grains differ in scale by roughly an 
order of magnitude; scale bars are given in each panel. Micrographs for 
the complete set of thirty specimens are provided as supplementary 
material.

In the as-built condition, the microstructure is dominated by melt 
pool boundaries, visible along the build direction as overlapping semi
circular arcs that reflect the localized melting and rapid solidification of 
successive powder layers. Individual grain boundaries are not resolved 
at this magnification, and the as-built grain morphology is instead 
characterized by EBSD. At 37 J/mm³ the melt pools are shallow and 
poorly overlapped, with large irregular lack-of-fusion voids interrupting 
the layer sequence, whereas at 93 and 222 J/mm³ , the arcs are 
continuous and the structure is essentially defect-free.

Melt pool dimensions measured across the full matrix are reported in 
Fig. 8. The depth-to-width ratios lie between approximately 0.15 and 
0.28, consistent with stable conduction-mode processing [32,33], but 
neither depth nor width correlates significantly with VED (r = − 0.34, 
p = 0.068 and r = +0.26, p = 0.17 respectively). The controlling vari
able is instead laser power, as the separation by symbol colour in Fig. 8
(b) makes clear: mean width increases from 112 µm at 100 W to 128 µm 
at 150 W and 143 µm at 200 W, with little systematic variation along the 
VED axis within each power level, while mean depth remains invariant 
at 26.8, 25.5 and 26.5 µm. Melt pool geometry is therefore governed by 
the individual process parameters rather than by their lumped combi
nation, consistent with the defect results of Section 3.1: hatch spacing 

Fig. 6. Pore size distribution of PBF-LB IN718 in terms of pore count versus equivalent circular diameter (ECD), (a) as-built and post-HIP counts per size class on a 
logarithmic scale; (b) net change in count per class.
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and layer thickness enter the energy calculation but not the geometry of 
an individual track. The narrower melt pools measured at 100 W ac
count for the reduced track overlap and the persistent porosity of that 
group.

After HIP and heat treatment, the melt pool boundaries are absent in 
these three specimens and across all thirty, irrespective of initial 
porosity (provided as supplementary material), confirming that the 
cycle homogenizes the solidification structure independently of the 
defect population. Their disappearance reflects dissolution of the 
interdendritic segregation network that produced the etching contrast, 
examined in Section 3.2.2. The transition from columnar to equiaxed 
morphology is quantified in Section 3.2.3.

Residual porosity remains clearly visible in sample 28, where the 
interconnected lack-of-fusion voids persist and are more extensive than 
in the as-built condition, consistent with the negative closure efficiency 
reported in Section 3.4. Samples 29 and 30 show no resolvable porosity. 
The optical evidence therefore separates the two effects of the HIP cycle: 
homogenisation is achieved uniformly across the processing window, 
whereas densification is strongly conditional on the initial defect state.

To further analyze the as-built microstructure in more depth, SEM 
images were analyzed, which reveal a fine cellular-dendritic substruc
ture aligned along the thermal gradient. The rapid cooling rates inherent 
to PBF-LB processing, typically on the order of 10⁵–10⁶ K/s, result in 
extremely fine microstructural features compared with conventional 
processing routes with highly segregated areas. Specifically, these Nb- 
enriched regions are often associated with the formation of laves pha
ses [(Ni,Fe,Cr)₂Nb], as described in the literature [22,34], which are 
known to degrade mechanical properties by reducing the amount of Nb 
available for strengthening precipitates [35].

3.2.2. SEM microstructure before and after HIP
Higher-resolution examination by SEM, presented in Fig. 9, resolves 

the sub-grain features underlying the optical observations. In the as- 
built condition, the material exhibits a fine cellular–dendritic sub
structure formed during rapid solidification, with cell boundaries 
appearing bright owing to enrichment in niobium rejected from the 
solidifying γ. The morphology of this substructure varies between lo
cations within a single specimen, as shown in Fig. 9(b) and (c). Discrete 
particles consistent with the Laves phase [(Ni,Fe,Cr)₂Nb] are present 
along these boundaries, in agreement with previous reports for PBF-LB 
IN718 [22,23].

After HIP and heat treatment, the cellular network and its associated 
contrast are no longer detectable, and no Laves particles were observed, 

indicating that the 1160 ◦C hold is sufficient to dissolve this phase and 
return Nb to solid solution in the γ matrix. Two secondary phases are 
instead present, both located at grain boundaries: needle-like pre
cipitates identified as δ-phase (Ni₃Nb) and blocky particles identified as 
MC carbides, the latter confirmed as Nb- and C-rich by the EDS spectra in 
Fig. 9(f). The δ-phase distribution is moderate and predominantly 
intergranular. At higher magnification, Fig. 9(e), a fine and spatially 
uniform distribution of nanoscale precipitates is resolved within the 
grain interiors, corresponding to the γ′ and γ″ phases formed during 
double ageing.

In the as-built state, Nb is concentrated in a continuous network at 
the solidification cell boundaries, where it is locked into the brittle Laves 
phase and unavailable for strengthening. After HIP and ageing, the same 
Nb is distributed as a fine, uniform population of γ″ precipitates inside 
the grains, with only isolated δ-phase needles and MC carbides left at the 
boundaries. This sequence of Laves dissolution followed by γ′/γ″ repre
cipitation is well established for heat-treated PBF-LB IN718 and is the 
reason the alloy recovers its strengthening response after post- 
processing. It also explains the reduction in local property scatter re
ported in Section 3.3, since the hard interdendritic regions and softer 
cell interiors of the as-built condition are replaced by a uniformly 
precipitation-hardened matrix.

3.2.3. EBSD analysis and crystallographic texture evolution
EBSD analysis was performed on three representative samples, 

namely 28, 29, and 30, fabricated at VED values of 37, 93, and 222 J/ 
mm³ , respectively, thus spanning the processing window from its lower 
to its upper limit. For each sample and condition, Fig. 10 presents the 
EBSD inverse pole figure (IPF) coloring maps from the transverse section 
and the corresponding pole figures.

In both conditions, sample 28 shows a fragmented, pore-rich 
microstructure resulting from the sub-optimal printing conditions. 
Although the IPF maps do not reveal a clear orientation distribution, the 
pole figures show significant differences between the as-built and HIP
ped states. In particular, the as-built sample presents the typical fiber 
texture in the {100} pole figure, with a preferential grain orientation 
along the building direction. After the HIP treatment, by contrast, all 
three pole figures display an almost random intensity distribution. Un
like sample 28, the IPF maps of samples 29 and 30 in the as-built state 
present a very evident preferential grain orientation, which is further 
confirmed by the pole figures. Indeed, both samples exhibit a clearly 
defined fiber texture, with a strong orientation along the building di
rection in the {100} pole figure and the typical rings modulated by four 

Fig. 7. Etched micrographs of PBF-LB IN718 samples in the as-built condition showing melt pool morphology.
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intensity maxima in the {110} and {111} pole figures. As observed for 
sample 28, both samples become randomly oriented in the HIPped state 
[36].

To evaluate recrystallization also in quantitative terms, several 
EBSD-derived quantities were considered (Table 2). It was assessed both 
from a crystallographic standpoint, using parameters such as the High- 
Angle Grain Boundary (HAGB) fraction, the recrystallized (RX) area 
fraction and the average Grain Orientation Spread (GOS), and from a 
morphological standpoint, using the Fitted Ellipse Major Diameter 
(FEMD) and the Aspect Ratio (AR). The RX area fraction was derived 
from the GOS values, taking 1◦ as the threshold below which a grain was 
considered recrystallized.

From a crystallographic perspective, sample 29 clearly shows the 
most extensive and nearly complete recrystallization, reaching the 
highest post-HIP values of HAGB fraction and RX area fraction together 
with the lowest average GOS, all three being strong indicators of the 
recrystallized state. It attains this level even though its as-built condition 
closely resembles that of sample 30, which records lower post-HIP 
values. Sample 28 instead ends up with the lowest HAGB fraction, 

while its RX area fraction remains comparable to that of sample 29, 
although it starts from a higher as-built value. Its as-built state is the 
least deformed of the three, consistent with a lower stored energy and 
therefore a weaker driving force for recrystallization.

This behavior can be traced back to the underlying melt pool dy
namics. As demonstrated by Son et al., increasing laser power and hence 
VED enlarge the melt pool, accelerating conductive heat dissipation into 
the substrate. The resulting higher cooling rates produce greater thermal 
stress and a higher dislocation density in the as-built state, which raises 
the stored energy available as driving force for recrystallization during 
HIP [37]. At low VED, moreover, strain-free grains already present in the 
as-built state may originate from in situ recrystallization driven by the 
intrinsic thermal cycling of the process, yet they lack the dislocation 
density required to drive a complete microstructural transformation 
during subsequent heat treatment [38]. This is the case of sample 28, 
whose as-built RX area fraction is the highest of the three. Its high 
post-HIP value therefore reflects the recovery of a structure that was 
partly strain-free from the start. In this case the HAGB fraction, which 
requires the formation of new high-angle boundaries, remains the more 

Fig. 8. Variation of melt pool geometry in PBF-LB IN718 samples showing (a) average melt pool height, (b) average melt pool width, (c) aspect ratio (R = D/W).

J. Anwar et al.                                                                                                                                                                                                                                  Journal of Alloys and Compounds 1082 (2026) 191395 

10 



discriminating parameter. The fitted GOS distributions (Fig. 11) show 
that HIP does not merely shift the average but collapses the population 
into a narrow low-misorientation peak. The contraction is steepest in 
sample 29, where only 1% of grains are located above the 1◦ threshold 
used to identify recrystallized grains. Sample 30 has a peak close to that 
of sample 29 but retains by far the broadest post-HIP distribution, with 
14% of grains still exceeding 1◦. This residual tail, rather than a uni
formly higher misorientation, accounts for its lower RX area fraction, 
and is consistent with the highly strained grain clusters not yet 
consumed by the growth of new recrystallized grains reported by Deir
mina et al. [38] Sample 28 exhibits the most uniform distribution in the 
as-built state; however, it narrows to a lesser extent than the other 
samples after HIP, and consequently its peak sits at the highest GOS 
value among the HIPped conditions.

Morphologically, sample 28 exhibits the lowest aspect ratio, corre
sponding to more equiaxed grains, followed by sample 29, which un
dergoes the largest reduction from the as-built to the HIPped state, and 
then sample 30. The average FEMD shows no reduction for sample 28, 
increasing slightly from 41.2 to 45.0 µm, whereas the other two samples 
display an average size reduction owing to the formation of new fine 
grains during recrystallization. The fitted AR distributions (Fig. 12) 
clarify the origin of this morphology. In the as-built state samples 29 and 
30 are dominated by an elongated population, as reflected by the 
extended tail, while sample 28 has a markedly narrower distribution. 
The low aspect ratio of this last sample should not be taken as an indi
cation of extensive recrystallization, since it reflects the more equiaxed 
grain structure typical of low VED processing, where smaller volume of 
previously solidified material is remelted upon deposition of the new 
layer. After HIP all three converge towards a mode of about 1.4–1.5, 
although sample 30 preserves the longest tail.

3.2.4. Coupling between energy density, defect population and 
recrystallisation response

The defect and EBSD results are not two independent outcomes of the 
process: both are set by the same melt pool, and this coupling offers a 
qualitative interpretive framework for why the recrystallisation 
response is non-monotonic with volumetric energy density. This 
framework is not independently quantified and is summarized only 
schematically in Fig. 13.

At low VED (37 J/mm³, sample 28) the melt pools are small and 
poorly overlapped, so a large fraction of the deposited volume is never 
remelted. Two consequences follow simultaneously. First, the material 
contains extensive interconnected lack-of-fusion porosity (P₀ =

17.76%), which removes the pressure differential required for HIP 
closure and leaves the specimen with a higher final porosity than the as- 
built state. Second, the solidified volume is only weakly constrained by 
its surroundings and experiences a limited number of thermal cycles, so 
the as-built structure stores comparatively little deformation energy: the 
average GOS is 1.6◦, the lowest of the three conditions, and 14.1% of the 
area is already strain-free, consistent with in-situ recrystallisation driven 
by the intrinsic thermal cycling of the process rather than with a 
genuinely recovered deformed structure. During HIP, this material 
therefore recovers rather than recrystallizes: the RX area fraction rea
ches 96.8%, but the HAGB fraction stops at 82.3%, the lowest of the 
three, and the average grain size does not decrease (from 41.2 to 
45.0 µm) because few new high-angle boundaries are generated. In this 
regime, the HAGB fraction, which requires the actual formation of new 
boundaries, is the more discriminating indicator of recrystallisation than 
the GOS-derived RX fraction.

At intermediate VED (93 J/mm³, sample 29) the scan tracks overlap 
continuously and the material is essentially fully dense (P₀ = 0.05%). 
The columnar solidification structure that develops (AR = 5.3, FEMD =
107 µm) is strongly deformed, with an average GOS of 2.4◦, and the 
absence of defects means that boundary migration is not obstructed by 

Fig. 9. SEM micrographs of PBF-LB IN718 (a–c) in the as-built condition, showing the cellular–dendritic substructure with Nb-rich interdendritic boundaries, and (d, 
e) after HIP and double ageing, showing MC carbides and δ-phase at the grain boundaries and fine γ′/γ″ precipitates within the matrix; (f) EDS spectra of the matrix, 
δ-phase and MC carbides.
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Fig. 10. IPF maps with the corresponding pole figures of as-built and HIP conditions for samples 28, 29 and 30.
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pores or unbonded interfaces. This combination of a high driving force 
and an uninterrupted matrix produces the most complete transformation 
of the whole set: HAGB rises to 99.2%, the RX area fraction to 97.5%, 
only 1% of the grains remain above the 1◦ GOS threshold, and the grain 
size is genuinely refined (from 107.4 to 80.3 µm) by the nucleation and 
growth of new grains.

Increasing VED further to 222 J/mm³ (sample 30) does not improve 
the response, and in fact degrades it. The as-built stored energy has 
already saturated (GOS 2.5◦, essentially the same as sample 29), so no 
additional driving force is gained, while two penalties appear. The wider 
melt pools and the associated heat accumulation coarsen the as-built 
columnar structure (FEMD = 119.7 µm), reducing the density of grain 
boundaries that act as preferential nucleation sites for recrystallisation 
and increasing the distance that a recrystallisation front must sweep to 
consume the deformed matrix. In parallel, the onset of keyhole insta
bility reintroduces spherical, argon-filled porosity. The result is an 
incomplete transformation: HAGB stops at 93.1%, the RX area fraction 
at 92.4%, and 14% of the grains still exceed the 1◦ threshold after HIP. 
Importantly, the post-HIP GOS distribution of this sample peaks close to 
that of sample 29 but retains a much broader tail, which indicates that 

the residual deformation is not uniformly distributed but concentrated 
in strained grain clusters that have not yet been consumed by the growth 
of new recrystallised grains. The final structure is consequently the 
coarsest (90.8 µm) and the least equiaxed (AR = 3.1) of the three.

The recrystallisation response after HIP can qualitatively be ration
alised as reflecting two competing, VED-governed tendencies inferred 
from the measured EBSD and defect trends not from an independently 
measured or fitted quantity: the stored energy available as driving force, 
which is expected to increase with VED and saturate above ~100 J/mm³ 
based on the plateau in as-built GOS between samples 29 and 30, and the 
density of potential nucleation sites, which is expected to decrease as the 
as-built grains coarsen based on the measured increase in FEMD. Neither 
term, nor their product, is quantified independently of the recrystalli
sation outcome itself; the maximum in the intermediate VED range is 
therefore an interpretive pattern drawn from the three measured con
ditions rather than a demonstrated functional relationship, and it co
incides with the range where the initial porosity is already low enough 
for HIP to be effective but not yet high enough for keyhole defects to 
appear. This convergence is the practical message of the present work: 
the same process window that minimises the pre-HIP defect population 
also maximises the microstructural benefit obtained from the HIP cycle, 
so densification and microstructural homogenisation should be qualified 
together rather than as separate post-processing objectives.

It is worth noting that the grain coarsening observed at high VED, 
while measurable, does not undermine the primary objectives of the 
selected HIP cycle. The HIP temperature of 1160 ◦C was chosen spe
cifically to maximize pore closure efficiency and to ensure complete 
dissolution of Nb-rich Laves phases, thereby enabling the subsequent 
precipitation of a uniform distribution of γ′/γ″ strengthening phases 
during double ageing. Although higher HIP temperatures are known to 
promote grain growth, and hence a strength–ductility trade-off, in 
IN718 and related nickel superalloys, this consideration is of secondary 

Table 2 
EBSD summary of HAGB, GOS, RX area, AR and FEMD.

Sample VED 
(J/ 
mm3)

Condition HAGB 
(%)

Avg 
GOS 
(◦)

RX 
area 
(%)

Avg 
AR

Avg 
FEMD 
(μm)

28 37 AB 47.6 1.6 14.1 2.7 41.2
HIP 82.3 0.6 96.8 1.9 45.0

29 93 AB 58.7 2.4 3.0 5.3 107.4
HIP 99.2 0.3 97.5 2.4 80.3

30 222 AB 60.6 2.5 3.3 4.4 119.7
HIP 93.1 0.6 92.4 3.1 90.8

Fig. 11. Fitted GOS distributions of as-built and HIP conditions for samples 28, 29 and 30.

Fig. 12. Fitted AR distributions of as-built and HIP conditions for samples 28, 29 and 30.
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importance since it can be beneficial for creep resistance.

3.3. Nanoscale mechanical response to HIP + HT

The nanoindentation hardness maps presented in Fig. 14 provide 
spatially resolved insight into the local mechanical properties and het
erogeneity introduced by the PBF-LB process and its evolution after HIP. 
Sample 29, in the pre-HIP condition depicted in Fig. 14(a), the hardness 
map exhibits a non-uniform spatial distribution with distinct high- 
hardness zones up to ~13 GPa, combined with softer regions in the 
range of ~6–8 GPa. This heterogeneity is directly correlated with the 
cellular-dendritic substructure characteristic of PBF-LB fabricated 
IN718, wherein Nb-rich cell boundaries and interdendritic regions, 
which are harder due to local laves phase precipitates and solute 
strengthening, alternate with the softer γ-matrix cell interiors. The 
corresponding reduced elastic modulus map also shows spatial variation 
in the range of approximately 200–400 GPa in the pre-HIP state, 
reflecting the anisotropic elastic response associated with the strong 
crystallographic texture typically generated during PBF-LB solidifica
tion, where grains preferentially grow along the 〈001〉 direction parallel 
to the build axis.

After HIP and heat treatment, the hardness map exhibits a markedly 
more spatially homogeneous distribution, with most values concen
trated in a narrower range of approximately 10–14 GPa. This homoge
nization reflects the dissolution of Nb-rich laves phases at 1160◦C, the 
redistribution of solute elements across the recrystallized grain struc
ture, and the subsequent uniform reprecipitation of fine γ″ and γ′ 
strengthening phases during double ageing. The elevated single nano 
hardness value is due to the MC carbides (NbC) present in the post- 
HIPped structure, with a value ranging from 20 to 24 GPa, which is 
documented in the literature [39]. The reduced modulus map similarly 
shows increased uniformity post-HIP except at the carbide phase.

The load-displacement curves shown in Fig. 14(b, d) provide com
plementary information about deformation mechanisms at the nano
scale. In the pre-HIP condition, the curves show a widespread in 
maximum penetration depth at the same peak load of 1 mN, ranging 
from approximately 45–75 nm. This spread reflects the spatial hetero
geneity already discussed. In contrast, the post-HIP curves are consid
erably more clustered, with penetration depths converging toward a 
narrower range of approximately 45–55 nm except for the carbide 
phase, confirming that the microstructural homogenization achieved 
through HIP and heat treatment produces a more consistent local 

Fig. 13. Schematic representation of the effect of volumetric energy density on melt pool geometry, defect population and recrystallisation response after HIP in PBF- 
LB IN718. Low VED produces small, poorly overlapped melt pools, large lack-of-fusion defects and a weakly deformed as-built structure that only recovers during 
HIP; intermediate VED produces continuous, defect-free material with a highly deformed columnar structure that recrystallizes almost completely; high VED sat
urates the driving force while coarsening the grains and reintroducing keyhole porosity, leaving residual strained clusters after HIP. The bottom plot illustrates the 
resulting maximum in recrystallisation degree at intermediate VED as the product of a saturating driving force and a decreasing nucleation-site density (markers: 
measured post-HIP HAGB fractions for samples 28, 29 and 30).The curve is shown as a conceptual schematic linking these three measured conditions and does not 
represent a fitted or continuously validated relationship.
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mechanical response.
This homogenization is also reflected at the macroscale: Vickers 

hardness increased from approximately 320–385 HV1 before HIP to 
500–540 HV1 after HIP and double ageing, with nearly uniform values 
across all thirty samples (Provided in the supplementary figures).

3.4. Evaluation of HIP effectiveness

The densification efficiency calculated for each sample provides a 

quantitative measure of HIP effectiveness. As shown in Fig. 15 the ef
ficiency data separate into three behavioural regimes, connected by a 
transition band, according to the initial porosity of the specimen.

In the first regime (P₀ < ~0.1%), the absolute porosity reduction is 
smaller than 0.02 points and the calculated efficiency is dominated by 
measurement resolution rather than by closure behavior: because the 
denominator of Eq. 3 is very small, a change of one hundredth of a 
percentage point shifts the efficiency by roughly twenty points, which 
accounts for the wide scatter between 0% and 100% observed in this 

Fig. 14. Nanoindentation results from a 6 × 6 grid array showing (a) pre-HIP hardness map and modulus map, (b) pre-HIP load-displacement, (c) post-HIP hardness 
map and modulus map, and (d) post-HIP load-displacement curves.

Fig. 15. Evolution of porosity before and after HIP vs efficiency across different samples.
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range. The residual population in these specimens consists of sub-30 µm 
argon-filled spherical pores that neither close nor grow measurably. The 
absolute benefit of HIP is therefore marginal here and does not justify its 
cost, irrespective of the apparent efficiency value.

In the second and optimal regime (~0.1% ≤ P₀ ≤ ~10%), the effi
ciency is both high and consistent, ranging from 87% to 98% across 
samples 1, 2, 4, 7, 11, 12, 17 and 18. This range corresponds to speci
mens whose defect population is dominated by closed lack-of-fusion 
defects of intermediate size, which respond well to the combined 
creep, plastic collapse and diffusional bonding mechanisms activated at 
1160 ◦C and 100 MPa. This is the window in which HIP delivers its full 
densification benefit.

Beyond ~10% the response degrades progressively rather than 
abruptly. Sample 5 (P₀ = 11.95%) and sample 3 (P₀ = 13.06%) still 
densify substantially, reaching final porosities of 2.83% and 8.21%, but 
their efficiencies fall to 76% and 37% respectively. This transition band 
indicates that an increasing fraction of the defect population has become 
interconnected and can no longer develop the pressure differential 
required for closure, while the remainder still responds normally.

In the third regime (P₀ ≳ 17%), the efficiency becomes negative for 
samples 6, 8, 9 and 28, indicating a net increase in porosity after pro
cessing. This is directly attributable to the open-pore network that forms 
once extensive LOF defects interconnect and breach the specimen sur
face, eliminating the pressure differential that drives HIP closure, and is 
compounded by the coalescence and gas-driven growth of the coarsest 
defects described in Section 3.1.1.

These results highlight that HIP is not universally effective for defect 
elimination in highly porous PBF-LB materials. Rather, its success is 
strongly governed by the initial pore characteristics, including 
morphology (spherical vs. lack-of-fusion), size distribution, and 
entrapped gas content, which collectively control the closure kinetics 
and final densification response.

4. Conclusions

This study systematically investigated the relationships among PBF- 
LB volumetric energy density, initial defect population, and HIP densi
fication behaviour in Inconel 718 across a matrix of 30 specimens 
spanning nearly three orders of magnitude in initial porosity. The 
following principal conclusions are drawn: 

• An approximately inverse monotonic relationship exists between 
VED and initial porosity. Below a critical threshold of ~60 J/mm³ , 
porosity rises steeply due to the transition from stable conduction- 
mode melting to an unstable regime dominated by large irregular 
lack-of-fusion defects with aspect ratios exceeding 3:1. Above 
~80 J/mm³ , porosity remains below 5%, and further energy input 
offers diminishing densification returns while increasing keyhole 
pore risk. VED alone is not a sufficient descriptor of the defect state, 
however: at comparable energy density, specimens built at 100 W 
were systematically one to two orders of magnitude more porous 
than those built at 150 or 200 W (for example 2.31% at 111 J/mm³ 
and 100 W against 0.28% at 100 J/mm³ and 150 W). Below a min
imum laser power, adequate melt pool overlap is not achieved 
regardless of scan speed and hatch spacing, so process qualification 
must be expressed in terms of the individual parameters and not of 
their lumped combination.

• HIP densification efficiency follows three regimes governed by initial 
porosity. For P₀ below ~0.1%, the absolute reduction is smaller than 
0.02 %age points and the residual population consists of sub-30 µm 
argon-filled spherical pores that neither close nor grow measurably; 
the calculated efficiency in this range is dominated by measurement 
resolution and the cost of HIP is not repaid. In the optimal window 
(~0.1% ≤ P₀ ≤ ~10%), closure efficiencies typically exceed 80% and 
reach 98%, driven by creep, plastic collapse and diffusional bonding 
of predominantly closed lack-of-fusion defects. Between ~10% and 

~17% the response degrades progressively rather than abruptly 
(37–76% efficiency), and above ~17% it becomes negative: inter
connected open-pore networks eliminate the pressure differential 
required for closure, and the final porosity reached 28.2% in the 
worst case, a relative increase of 66% over the as-built value. This is 
consistent with pore size distribution analysis, which reveals that 
mid-size defects in the 30–60 µm equivalent circular diameter range 
exhibit the highest HIP closure response (~50% count reduction), 
while the sub-30 µm gas-pore class shows only ~10% reduction due 
to inert gas entrapment. Critically, pores exceeding 300 µm 
increased in count by 125% after HIP, providing direct evidence of 
pore coalescence and argon-driven re-expansion during vacuum 
ageing in severely under-melted specimens.

• HIP at 1160 ◦C fully dissolved Nb-rich Laves phases and eliminated 
melt pool boundaries across all thirty samples regardless of initial 
porosity level, confirming complete microstructural homogenisa
tion, and was accompanied by static recrystallisation from an elon
gated columnar to a predominantly equiaxed morphology. The 
degree of recrystallisation achieved during HIP appears to be non- 
monotonic with VED, based on the three conditions examined (37, 
93 and 222 J/mm³), passing through a maximum at intermediate 
energy density. At 37 J/mm³ the weakly deformed as-built structure 
(GOS 1.6◦) only recovers, reaching 96.8% recrystallised area but 
merely 82.3% high-angle boundary fraction and no grain refinement. 
At 93 J/mm³ the combination of a highly deformed columnar 
structure and a defect-free matrix produces the most complete 
transformation (HAGB 99.2%, RX 97.5%, grain size refined from 107 
to 80 µm). At 222 J/mm³ the stored energy has already saturated 
while the as-built grains have coarsened, reducing the density of 
nucleation sites, so the transformation remains incomplete (HAGB 
93.1%, 14% of grains above the 1◦ threshold) and the final structure 
is the coarsest and least equiaxed. The recrystallisation response can 
therefore be qualitatively rationalised as reflecting a saturating 
driving force and a decreasing nucleation-site density, both governed 
by VED, a pattern interpreted qualitatively based on the three 
measured conditions rather than a demonstrated quantitative rela
tionship. The subsequent double-ageing cycle produced a uniform 
distribution of fine γ′ and γ″ strengthening precipitates, with δ-phase 
and NbC carbides decorating grain boundaries, and nanoindentation 
mapping confirmed a marked reduction in spatial hardness hetero
geneity relative to the as-built condition.

• The process window that minimises the pre-HIP defect population 
coincides with the one that maximises the microstructural benefit of 
the HIP cycle. Densification and microstructural homogenisation are 
therefore not independent post-processing objectives and should be 
qualified jointly.

This work identifies an optimal processing window for HIP post- 
processing of PBF-LB IN718 and establishes a practical pre-HIP 
porosity acceptance threshold beyond which HIP densification be
comes ineffective or counterproductive, providing evidence-based 
criteria for the industrial qualification of additively manufactured 
nickel-based superalloy components, supporting cost-effectiveness and 
reliability for aerospace and energy applications.
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