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A B S T R A C T

Al-Si and Al-Cu alloys are widely employed in laser-based powder bed fusion of metals (PBF-LB/M) and are well 
known for the fine cellular microstructures and high solute supersaturation achieved through rapid solidification, 
which contribute to their outstanding properties. However, most post-processing studies have focused on 
AlSi10Mg or Al–Si–Cu alloys containing Cu levels within the solubility limit of the Al matrix, while the direct- 
aging behavior of high-Cu compositions, such as AlSi10Cu8Mg, remains largely unexplored. In particular, the 
interaction between precipitation-related strengthening and the stability of the Al–Si–Cu-rich cellular network 
has not been systematically clarified. In this study, gas-atomized AlSi10Cu8Mg was processed by PBF-LB/M and 
directly aged from the as-built condition. The research was conducted in four successive stages. First, gas- 
atomized AlSi10Cu8Mg powders were processed by PBF-LB/M and the bulk samples were characterized in the 
as-built condition. Second, differential scanning calorimetry was used to identify the main transformation ranges 
and guide the selection of the aging temperatures. Third, the specimens were directly aged at 140–180 ◦C to 
promote controlled precipitation while preserving the cellular network, or at 250–350 ◦C to accelerate micro
structural coarsening and network fragmentation. Finally, the phase constitution, microstructure, near-surface 
residual stress, hardness, and tensile response at room temperature and 200 ◦C were evaluated and correlated 
with the applied thermal conditions. The as-built alloy exhibited high strength but limited ductility. Aging at 
160 ◦C promoted a moderate hardening response, with peak hardness after 10 h. The heat treatment at 160 ◦C for 
24 h effectively preserved the as-built yield strength while reducing elongation by about 18 %. In contrast, the 
heat treatment at 250 ◦C for 4 h markedly improved ductility, increasing room-temperature elongation by 
approximately 50 %, although with a little reduction in yield strength. This treatment also enhanced the high- 
temperature tensile response, with elongation reaching 2.60 % at 200 ◦C, and reduced the near-surface resid
ual stress by approximately 50 % compared with the as-built condition. These results demonstrate that the 
strength–ductility balance is governed by the interplay between precipitation-related processes and the preser
vation or fragmentation of the cellular network.

1. Introduction

The advent of metal additive manufacturing, particularly laser-based
powder bed fusion of metals (PBF-LB/M), has opened new opportunities 
for aluminum alloys. PBF-LB/M enables the fabrication of complex, 
near-net-shape components with minimal material waste, while rapid 
solidification promotes the formation of fine microstructures with 
potentially superior mechanical properties [1,2]. As a result, aluminum 
alloys produced by PBF-LB/M have become highly attractive for light
weight structures in transportation, aerospace, and defense sectors [2,
3].

Despite the rapid growth of PBF-LB/M technologies, the portfolio of 
high-strength aluminum alloys that can be processed reliably remains 
remarkably narrow. In particular, 2xxx- and 7xxx-series alloys, although 
renowned for their strong precipitation-hardening potential, exhibit a 
pronounced susceptibility to hot cracking during additive 
manufacturing due to their wide solidification intervals [4–6].

Studies have shown that adding silicon significantly improves melt 
fluidity, and when introduced in amounts close to the eutectic compo
sition, it effectively narrows the solidification interval, thereby miti
gating hot-cracking tendencies. Within this framework, incorporating 
~10 wt% Si promotes the formation of a fine eutectic Si network capable 
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of accommodating thermally induced strains during rapid solidification 
[7,8]. However, their mechanical performance often falls short of in
dustry requirements, motivating ongoing efforts to use the near-eutectic 
Al–Si system as a processable baseline and explore the addition of 
tailored alloying elements [9]. In this context, the addition of Cu to Al–Si 
alloys has attracted significant interest in particular in the aerospace 
industry, where the Cu-containing Al alloys account for approximately 
45 % of the total aluminum alloy portfolio used in civil aircraft [10].

However, the processing of Cu-containing Al alloys requires careful 
control, as their processability in PBF-LB/M has begun to be investigated 
using compositions conventionally employed in traditional processing 
routes [11,12]. For instance, a study on PBF-LB/M 2024 Al has reported 
severe hot cracking influenced by scanning speed, eutectic phase for
mation, and residual stress development [13], while similar behavior 
has been observed in high-strength Al–Cu–Mg–Mn alloys where 
cracking was closely linked to single-track spreading, thermal condi
tions, and processing parameters [14].

Studies already published in the literature employed the addition of 
Cu on Al-Si systems, aiming to exploit the excellent processability of 
near-eutectic Al–Si systems while enhancing mechanical performance 
through Cu solid solution strengthening and the precipitation of rein
forcing phases, successfully producing a refined cellular α-Al micro
structure and a supersaturated matrix, which resulted in increased 
hardness and yield strength. For example, PBF-LB/M Al–Si–Cu–Ni alloys 
have been reported to develop a cellular heterostructure enriched in Si 
and Cu-containing phases, which contributes to strengthening but may 
also limit ductility if brittle networks remain continuous. These obser
vations support the need to understand not only precipitation hard
ening, but also the stability and fragmentation of the cellular network 
during post-processing [15–17].

Additional studies explored the mechanical blending of Cu powder 
into the well-established AlSi10Mg system; however, this approach 
inevitably led to local compositional inhomogeneities and pronounced 
microstructural variability after PBF-LB/M processing [18–21]. Never
theless, it highlighted the potential of Cu additions by demonstrating 
enhanced mechanical performance compared to the base AlSi10Mg 
alloy, thereby motivating further research toward more compositionally 
controlled alloy design strategies. To mitigate the inhomogeneities 
coming from the mechanical blending, research efforts shifted toward 
gas-atomized pre-alloyed powders, such as AlSi10Cu4Mg. Pre-alloying 
ensures chemical uniformity at the particle scale and stabilizes the so
lidification pathway during PBF-LB/M, enabling more reliable control 
over the balance between solid-solution supersaturation and 
boundary-related strengthening mechanisms [22,23].

Exploiting the enhanced solid solubility enabled by the rapid solid
ification inherent to PBF-LB/M, previous studies have extended Cu ad
ditions to compositions that remain only partially explored to date. In 
particular, the AlSi10Cu8Mg composition has been shown to develop 
microstructures closely resembling the well-established AlSi10Cu4Mg 
system, remaining fully processable with appropriate parameter opti
mization and exhibiting 22 % higher hardness than its 4 wt% Cu 
counterparts. Moreover, the elevated Cu content enables higher levels of 
supersaturation, making the AlSi10Cu8Mg alloy especially well-suited 
for precipitation strengthening during subsequent aging treatments 
[24].

Alongside alloy design, heat treatment plays a crucial role in con
trolling the properties of PBF-LB/M-processed aluminum alloys. In 
conventional precipitation-hardenable aluminum alloys, a T6 treatment 
consists of solution heat treatment, rapid quenching, and artificial aging. 
During solution treatment, the alloy is held at an elevated temperature 
to dissolve soluble secondary phases and redistribute alloying elements 
within the α-Al matrix. Rapid quenching subsequently suppresses 
equilibrium precipitation and retains the dissolved elements in a meta
stable supersaturated solid solution. Artificial aging then promotes the 
controlled formation of fine precipitates that impede dislocation motion 
and increase strength and hardness. The resulting mechanical response 

depends on precipitate size, coherency, distribution, and interparticle 
spacing, as well as on the evolution of the surrounding microstructure 
[25–27]. In Cu-containing Al-based alloys, elevated solution-treatment 
temperatures may additionally promote local incipient melting of 
low-melting Cu-rich constituents [25–30].

The initial condition of PBF-LB/M alloys differs substantially from 
that of conventionally cast or wrought materials. During PBF-LB/M, 
each melt pool undergoes rapid solidification and cooling, thereby 
retaining Si, Cu, and other alloying elements within the α-Al matrix at 
concentrations above their equilibrium solubility. This process-induced 
supersaturation is sometimes described as a self-quenching-like effect 
and provides the driving force for subsequent direct aging [21,23,31,
32]. However, it should not be regarded as a conventional 
solution-treatment and quenching cycle. No controlled bulk isothermal 
hold is applied to dissolve secondary phases and homogenize the entire 
component. Previous studies demonstrate that the direct-aging response 
of PBF-LB/M Al–Si alloys is strongly dependent on alloy composition 
and the initial non-equilibrium microstructure.

Maeshima et al. investigated the nanoscale evolution of directly aged 
PBF-LB/M AlSi10Mg using scanning transmission electron microscopy 
and atom-probe tomography [31]. During the initial aging stage, a high 
number density of solute clusters formed within the α-Al cells, while 
prolonged aging promoted the precipitation of fine Si particles with 
diameters of approximately 50 nm. Both clustering and Si precipitation 
contributed to the age-hardening response. Megahed et al. [30] 
demonstrated that extreme over-aging of PBF-ed AlSi10Mg produces 
coarse Si and Mg2Si precipitates (~2 μm), greatly reducing strength but 
increasing ductility from approximately 2 to 20 %. More recently, 
Batalha et al. systematically evaluated direct aging of PBF-LB/M 
AlSi10Mg and showed that aging at 150 ◦C for 2 h preserved the 
eutectic Si network while promoting a dense population of nanometric 
Si particles [32]. This treatment increased the yield strength and ulti
mate tensile strength by 17 and 13 %, respectively, without prior solu
tion treatment. In contrast, higher-temperature treatments disrupted the 
cellular structure and coarsened the Si particles, resulting in reduced 
strength. Sathishkumar et al. compared cast and PBF-LB/M-processed 
AlSi10Mg after direct aging and reported that the strength improve
ment in the additively manufactured alloy resulted from the combined 
effects of precipitation and cellular-boundary strengthening [33]. 
Kramer et al. similarly observed that increasing thermal exposure pro
gressively fragmented the Si-rich cellular network and promoted the 
agglomeration and coarsening of Si particles, with a corresponding 
reduction in hardness [34]. This behavior reflects the fundamental 
trade-off in precipitation-hardened systems: under-aged conditions 
maximize strength by forming finely dispersed precipitates that impede 
dislocation motion, whereas over-aging promotes ductility as pre
cipitates coarsen and residual stresses relax.

The introduction of Cu adds further complexity to this response. 
Bosio et al. investigated an in-situ-alloyed AlSi10Mg–4Cu system and 
reported that direct aging at 175 ◦C for 1 h produced the maximum 
hardness response via θ′/θ-Al2Cu precipitation while maintaining the 
fine Si network [21]. However, the mechanically blended feedstock also 
produced local Cu inhomogeneity and limited ductility. Martin et al. 
studied a pre-alloyed AlSi10Cu4Mg powder and reported hardness 
values of approximately 175 HV after aging at 180 ◦C for 4 h and 183 HV 
after aging at 160 ◦C for 16 h [23].

Despite the progress achieved in the development of PBF-LB/M- 
processed Al–Si–Cu–Mg alloys, the post-processing response of high- 
Cu compositions remains insufficiently understood. This represents an 
important knowledge gap, because the higher Cu content in AlSi10
Cu8Mg is expected to increase the degree of supersaturation generated 
during rapid solidification and, consequently, to enhance the potential 
for precipitation-related strengthening during subsequent aging. At the 
same time, excessive precipitation, coarsening, residual stress retention, 
or degradation of the PBF-LB/M cellular network may reduce ductility 
and damage tolerance. Therefore, an effective heat-treatment strategy 
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must balance strengthening, stress relaxation, and microstructural 
stability.

The overall aim of this work was to determine how single-step direct 
aging controls the microstructure and mechanical response of pre- 
alloyed AlSi10Cu8Mg fabricated by PBF-LB/M without a separate con
ventional solution-treatment and quenching step. First, the as-built 
reference condition was established by characterizing its phase consti
tution, cellular solidification structure, hardness, near-surface residual 
stress, and tensile behavior. Second, DSC and hardness measurements 
were used to design and evaluate low-temperature, long-duration and 
high-temperature, short-duration direct-aging strategies and to identify 
representative peak-aged and overaged conditions. Third, the effects of 
the selected heat treatment conditions on the XRD-detectable phase 
constitution, α-Al lattice parameter, cellular-network morphology, 
grain-boundary structure, and near-surface residual stress were exam
ined. Finally, the resulting thermal and microstructural changes were 
correlated with tensile behavior at room temperature and 200 ◦C to 
identify the treatment providing the most favorable strength–ductility 
balance among the investigated conditions.

2. Materials and methods

2.1. Material and PBF-LB/M process parameters

The AlSi10Cu8Mg powder was produced in-house using a PSI HER
MIGA 100/10 VI vacuum induction gas atomisation system, starting 
from AlSi10Mg and pure Cu ingots. Prior to vacuum induction melting, a 
backfilling procedure was performed to limit the evaporation of volatile 
alloying elements. Owing to the pronounced oxidation susceptibility of 
Al-based alloys, gas atomisation was carried out under a high-purity 
argon atmosphere. The atomisation parameters were selected accord
ing to the operating conditions recommended by PSI Ltd., the equipment 
manufacturer. Given the high reactivity of the resulting powder, a 
passivation treatment was subsequently applied to reduce the risk of 
ignition and explosion. Before characterisation, the powder was sieved 
to obtain a particle size fraction ranging from 20 to 63 μm, suitable for 
PBF-LB/M processing. The chemical composition of AlSi10Cu8Mg is 
reported in Table 1. The chemical composition of the investigated alloy 
samples was determined by inductively coupled plasma optical emission 
spectroscopy. The analysis was performed by TEC Eurolab using an iCAP 
7200 plasma spectrometer according to the laboratory internal method 
MI 056 Rev. 15 (2022). Elemental concentrations were reported in 
weight percent, with the base element calculated as the balance.

The particle size distribution was measured using a Mastersizer3000 
laser diffraction particle size analyser and revealed D10, D50 and D90 
values of 17.3, 28.8 and 45.6 μm, respectively. The powder apparent 
density (ρa) and tap density (ρt) were measured three times according to 
ASTM B417-18 [35] and ASTM B527-15 [36], respectively. The Hausner 
ratio (H) was then calculated as the ratio of the tap and apparent den
sities as H = ρt/ρa. Lower H values indicate better powder flowability 
and packing behavior, whereas higher values are associated with 
increased interparticle friction and poorer spreading. According to 
Sutton et al. [37], powders with H < 1.25 are generally considered 
suitable for PBF-LB/M processing. For the AlSi10Cu8Mg powder, an H 
value of 1.09 was measured, confirming its good flowability and suit
ability for successful PBF-LB/M processing.

PBF-LB/M production was performed using a Print Sharp 250 system 
equipped with a single-mode infrared fiber laser (500 W as maximum 
power). The system provides a build volume of 258 × 258 × 330 mm3 

and supports a build rate ranging from 12 to 30 cm3/h. Samples were 

fabricated on an Al build platform preheated to 100 ◦C in order to reduce 
thermal gradients, mitigate residual stresses, and stabilize the melt pool. 
A stripe scanning strategy was implemented, with each successive layer 
rotated by 67◦ relative to the previous one. To identify suitable pro
cessing parameters for the AlSi10Cu8Mg alloy, a Design of Experiments 
(DoE) approach was carried out by varying laser power (P) and scan 
speed (v), while keeping hatch distance and layer thickness constant. 
Specifically, laser power was varied between 200 and 400 W, and scan 
speed between 200 and 1500 mm/s. The hatch distance was fixed at 
0.14 mm, corresponding to the optimized value previously identified for 
a similar alloy system (AlSi10Mg) processed on the same machine. The 
layer thickness was set to 30 μm according to the machine supplier's 
recommendations for Al-based alloys, ensuring adequate overlap be
tween tracks and promoting a uniform thermal distribution. For each 
parameter combination, the relative density of the fabricated samples 
was measured using the Archimedes method and image analysis through 
ImageJ software. The DOE results demonstrated that relative densities 
above 99.5 % were consistently achieved over a broad processing win
dow. The optimal condition was identified at P = 250 W and v = 1250 
mm/s, corresponding to a relative density of 99.9 % with negligible 
standard deviation. Under these conditions, the microstructure was free 
of defects, and only a minimal amount of fine, spherical gas porosity was 
observed, which is not expected to significantly affect the mechanical 
response.

Cubic specimens (10 × 10 × 10 mm3) and flat tensile specimens 
printed in the horizontal orientation, were fabricated on an AlSi10Mg 
cast platform. Fig. 1 illustrates the geometry of the reduced-size flat dog- 
bone tensile specimen used in this study. The specimen had a total 
length of 135 mm (L), a gauge length of 35 mm (G), a gauge width of 5 
mm (W), a grip-section width of 7 mm (C) and thickness of 4 mm.

2.2. Heat treatment conditions

The precipitation behavior of the strengthening phases was exam
ined using DSC with a Setaram TGA 92 16.18/DSC system. The analysis 
was performed over a temperature range of 20–450 ◦C following a three- 
stage thermal cycle. First, the samples were heated from room temper
ature to 450 ◦C at a constant rate of 10 ◦C/min. This was followed by a 5- 
min isothermal hold at 450 ◦C. Finally, the samples were cooled back to 
the initial temperature at 20 ◦C/min.

All aging treatments were applied directly to specimens in the as- 
built condition; no separate conventional solution-treatment or 
quenching step was performed before aging.

The aging temperatures were selected from the principal thermal 
events observed in the DSC thermogram of the as-built alloy. Low- 
temperature treatments at 140, 160, and 180 ◦C were selected below 
and around the onset of the first exothermic event to investigate 
controlled clustering and precipitation while limiting degradation of the 
as-built cellular network. High-temperature treatments at 250, 300, and 
350 ◦C were selected at and above the first exothermic maximum and 
toward the second transformation region to investigate accelerated 
precipitation, overaging, particle coarsening, and cellular-network 
decomposition. The treatment durations were then evaluated through 
the corresponding hardness–time evolution and the residual exothermic 
response measured by DSC after aging.

The cubic specimens were heat treated in a Binder FD 23 furnace. 
Each specimen was introduced individually into the furnace, which had 
been preheated and thermally stabilized at the target temperature for at 
least 30 min prior to loading. Temperature fluctuations during insertion 
were carefully controlled, and the furnace temperature did not deviate 
by more than 5 ◦C from the set point. Upon completion of each heat- 
treatment cycle, the specimens were removed from the furnace and 
allowed to cool naturally to room temperature in ambient air. Table 2
summarizes the complete heat-treatment schedule developed for the 
AlSi10Cu8Mg alloy clarifying the acronyms used.

Table 1 
Chemical composition of AlSi10Cu8Mg.

Element (%) Al Si Cu Fe Mg Mn Ti

AlSi10Cu8Mg Balance 9.18 8.46 0.39 0.22 0.11 0.07
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2.3. Characterization methods

Microstructural characterization was performed on cubic specimens 
following heat treatment and in the as-built state. Sections were 
extracted parallel to the build direction, mounted in conductive resin, 
and subsequently ground and polished to a mirror finish using a 
colloidal silica suspension. To reveal melt pool boundaries, phase 
morphology, and grain structure, samples were etched in Keller's re
agent for 10 s. Optical microscopy was conducted using a Leica 
DMI5000 M system, and micrographs were processed and analyzed with 
ImageJ software. High-resolution microstructural examination was 
further carried out using a JEOL JCM-7000 scanning electron micro
scope (SEM) operated under high vacuum. Secondary electron (SE) and 
backscattered electron (BSE) modes were employed to characterize 
surface morphology and contrast variations, while elemental distribu
tions were assessed via energy-dispersive X-ray spectroscopy (EDS). 
EBSD analysis was performed on the as-built and selected heat-treated 
samples using a Tescan S9000G™ FIB-SEM operated at 20 kV and 10 
nA, with a working distance of approximately 7 mm and a 70◦ sample 
tilt. EBSD maps were acquired with a step size of approximately 1.11 
μm. EBSD analysis was also employed to evaluate the distribution of 
grain boundary misorientations, distinguishing between high-angle 
grain boundaries (HAGBs, >15◦) and low-angle grain boundaries 
(LAGBs, <15◦), with grains defined as regions enclosed by HAGBs.

Phase analysis was performed by X-ray diffraction (XRD) using a 
Malvern Panalytical Empyrean X-ray diffractometer in Bragg–Brentano 
configuration. Cu Kα radiation was used, generated at 40 kV and 40 mA, 
with a wavelength of λ = 0.154 nm. The XRD pattern of the as-built 
sample was collected over a 2θ range of 20–140◦, while the heat- 
treated samples were scanned over a 2θ range of 15–140◦. The step 
size was 0.003◦, with a counting time of 180 s per step. A 1/4◦–1/2◦ slit 
configuration was used. During acquisition, the samples were rotated 
with a revolution time of 8 s to improve measurement statistics and 
reduce orientation effects. Phase identification was performed by com
parison with reference diffraction patterns for α-Al, Si, and θ-Al2Cu.

Near-surface residual stresses were measured on cubic specimens 
using X-ray diffraction with a Pulstec μ360X system operated at 30 kV 
with a manganese cathode. For each condition, measurements were 
performed at five spatially separated positions on a surface parallel to 
the build direction. The mean value and standard deviation of the five 
measurements were calculated to evaluate the spatial variation of the 
measured near-surface stress. The approximate X-ray penetration depth 

was 30–50 μm. Therefore, these measurements characterize a local near- 
surface stress condition and do not represent the through-thickness or 
volume-averaged residual-stress field of the specimens. The results were 
used to compare the relative thermal-relaxation response of the inves
tigated conditions.

Mechanical characterization included Vickers microhardness testing 
conducted according to ASTM E384 [38] using a VMHT microhardness 
tester. Indentations were made on polished cross-sections under a test 
load of 0.5 kgf and a dwell time of 10 s. A total of ten indentations were 
performed, and the average value was reported.

Monotonic tensile testing was carried out at room temperature and 
200 ◦C using a Zwick-Roell BT1-FR100 universal testing machine 
equipped with an extensometer for strain measurement. The tests were 
performed following the general procedure of ASTM E8/E8M [39], 
while using a reduced-size flat dog-bone specimen geometry adapted to 
the dimensional constraints of PBF-LB/M fabrication. The specimen had 
a total length of 135 mm, a gauge length of 35 mm, a gauge width of 5 
mm, with 4 mm thickness, and a grip-section width of 7 mm, as shown in 
Fig. 1. The crosshead displacement rate was 1 mm/min. For each 
heat-treatment condition and testing temperature, five tensile speci
mens were tested under nominally identical conditions. Yield strength, 
ultimate tensile strength and elongation were calculated for each 
specimen.

3. Experimental results and discussion

3.1. As-built microstructure

The microstructure of the alloy in the as-built condition was first 
examined to establish a reference state prior to heat treatment. Fig. 2
presents the as-built microstructure of the alloy before and after etching. 
In the unetched condition (Fig. 2a), the characteristic “fish-scale” 
morphology typical of PBF-LB/M processing is observed. The build di
rection (Z) is indicated, and the melt pool boundaries (MPBs) appear as 
shallow, overlapping arcs. Small, rounded pores are visible in the 
unetched section and are consistent with gas-related porosity. At this 
stage, individual grains cannot be resolved, and the contrast is domi
nated by melt pool topology. Similar morphologies were reported in 
other PBF-LB/Med materials [40,41].

After etching (Fig. 2b), the microstructure within each melt pool 
becomes significantly more distinct. The etchant preferentially reveals 
solidification features, highlighting elongated columnar grains that 
grow epitaxially along the direction of the maximum thermal gradient. 
These grains follow the curved melt pool contours, producing a textured 
structure in which grain boundaries align with MPBs. The columnar 
morphology reflects directional solidification governed by repeated 
thermal cycling during the layer-by-layer manufacturing process.

Quantitative analysis, performed using ImageJ, shows an average 
grain size of 17.05 μm, measured using the mean linear intercept 
method in accordance with ASTM E112 [42]. The melt pool dimensions 
exhibit an average depth of 118.75 ± 22.15 μm and a width of 154.17 ±
38.98 μm. The resulting width-to-depth ratio of approximately 1.3 is 
consistent with typical PBF-LB/M melt pool geometries reported for 
Al-Si-based alloys processed under moderate laser energy input. This 
ratio reflects a conduction-mode melt pool, in agreement with the 

Fig. 1. Geometry and dimensions of the reduced-size flat dog-bone tensile specimen used in this study.

Table 2 
Heat treatment procedure and acronyms for heat-treated AlSi10Cu8Mg samples.

Temperature 
(◦C)

Times (h) Acronym

140 8, 10, 12, 16, 
20, 24, 32, 48

HT140-8| HT140-10| HT140-12| HT140-16| 
HT140-20| HT140-24| HT140-32| HT140-48

160 8, 10, 12, 16, 
20, 24, 32, 48

HT160-8| HT160-10| HT160-12| HT160-16| 
HT160-20| HT160-24| HT160-32| HT160-48

180 3, 6, 12, 24 HT180-3| HT180-6| HT180-12| HT180-24
250 2, 4, 12 HT250-2| HT250-4| HT250-12
300 2, 4, 8 HT300-2| HT300-4| HT300-8
350 2, 4 HT350-2| HT350-4
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absence of deep keyhole features in the microstructure [43].
To better resolve the solidification substructure of the as-built ma

terial, the etched surface was examined at higher magnifications using 
SEM (Fig. 3). As shown in Fig. 3a, the microstructure is composed of 
ultrafine cellular and cellular-dendritic features that align with the local 
thermal gradients defined by the melt pool geometry. Consistent with 
observations reported by Bosio et al. [21], distinct microstructural re
gions can be identified across the melt pool depending on cooling con
ditions and solute redistribution.

The region highlighted in red (Fig. 3b) corresponds to the melt pool 
core, where the solidification rate and cooling rate are highest. This zone 
exhibits a dense, fine cellular-dendritic network with a continuous 
eutectic skeleton decorating the cell boundaries. Such refinement re
flects the extremely high cooling rate (product of thermal gradient G and 
solidification velocity R), which promotes narrow primary cells and thin 
interdendritic channels.

Approaching the melt pool boundary (blue region in Fig. 3c), the 
cellular morphology becomes progressively coarser. This transition is 
driven by a reduction in the local thermal gradient and an increase in 
constitutional undercooling near the curved melt pool interface. In Cu- 
containing Al alloys, this region also tends to accumulate solute, espe
cially Cu and Si, which segregate into the interdendritic channels during 
solidification. The result is a cellular–dendritic structure with thicker 
eutectic films and more pronounced columnar elongation of α-Al cells. 
These features reflect reduced cooling rate, solute back-diffusion, and 
limited remelting–resolidification effects typical of the melt pool pe
riphery [21,44,45].

In the SEM contrast, the α-Al matrix appears as the darker phase, 

while the bright interdendritic network seems to correspond to Si-rich 
eutectic regions and Cu-rich precipitate clusters. The EDS maps 
(Fig. 3d) confirm this interpretation. Si is enriched along the cell and 
dendrite boundaries, forming the continuous eutectic skeleton. Cu 
shows strong segregation in the same interdendritic channels, with the 
brightest signals concentrated along melt pool overlap regions.

This localized enrichment is consistent with repeated thermal cycling 
during successive laser scan tracks, which promotes microsegregation 
and solute accumulation at melt pool borders [46]. Furthermore, the 
refinement effect of Cu is well documented. Vanzetti et al. [44] 
demonstrated that increasing Cu content enhances the volume fraction 
of interdendritic phases and reduces secondary dendrite arm spacing 
relative to lower-Cu aluminum alloys, a trend also reported by Bobel 
et al. [47]. The present observations are in agreement with those find
ings, as the as-built microstructure shows closely spaced interdendritic 
networks enriched in Cu and Si.

3.2. Heat treatment optimization

Fig. 4 presents the DSC profile obtained for the as-built AlSi10Cu8Mg 
alloy. The DSC thermogram of the AlSi10Cu8Mg alloy reveals a distinct 
low-temperature exothermic event beginning at approximately 175 ◦C 
(onset) and reaching its maximum near 240 ◦C, which marks the pre
cipitation from the supersaturated solid solution. Compared with the 
behavior of lower-Cu alloys reported in the literature [21], the AlSi10
Cu8Mg composition exhibits a substantially higher exothermic enthalpy 
and broader peak profiles. This indicates a larger precipitate volume 
fraction and a more intricate precipitation sequence [12].

Fig. 2. Optical micrographs of the as-built PBF-LB/M AlSi10Cu8Mg alloy on a section parallel to the build direction: (a) unetched condition showing overlapping 
melt pools, melt-pool boundaries, and rounded pores; and (b) Keller-etched condition revealing the columnar solidification structure and melt-pool boundaries. The 
build direction, Z, is indicated.

Fig. 3. SEM micrographs of the etched as-built microstructure (a) Overview of the melt pool revealing fine cellular–dendritic patterns (b) Fine cellular-dendritic 
structure in the melt pool core (c) Coarser cellular-dendritic morphology near the melt pool boundary (d) EDS elemental maps.
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The precipitation response of Al–Si–Cu–Mg alloys is complex 
because several solutes and strengthening reactions may evolve over 
overlapping temperature ranges. Based on previous studies of PBF-LB/M 
Al–Si–Mg and Al–Si–Cu–Mg alloys, the first exothermic event is inter
preted as a combination of solute clustering, nanoscale Si precipitation, 
Mg–Si-related precipitation, and early-stage Cu-rich precipitation [27,
48–50]. The second exothermic event near 345 ◦C is consistent with the 

progression toward coarser and more thermally stable Si-, Mg–Si-, and 
Cu-containing constituents [21,44,51].

Silicon plays two distinct roles in the thermal response of the 
investigated alloy. The pre-alloyed powder contained 9.18 wt% Si. 
During rapid PBF-LB/M solidification, a portion of the Si is retained in 
the supersaturated α-Al matrix, while the remainder forms the Si-rich 
interdendritic cellular network. During low-temperature aging, 
retained Si may participate in solute clustering and the formation of 
nanoscale Si-rich precipitates, while the pre-existing cellular network 
remains largely continuous. Si may also interact with Mg in Mg–Si- 
related precipitation and, in the presence of Cu, contribute to more 
complex Cu–Mg–Si-containing precipitates.

As described in Section 2.2, the heat treatment procedures were 
designed based on the as-built DSC results. Low-temperature aging was 
conducted at 140, 160, and 180 ◦C (within the early stage of the 
exothermic peak), while high-temperature aging was performed at 250, 
300, and 350 ◦C (above the peak region). After the heat treatments, the 
specimens were characterized using Vickers hardness and DSC results. 
For a consistent comparison, all DSC datasets were normalized and 
aligned to a common baseline reference.

Fig. 5 illustrates the Vickers hardness evolution and the corre
sponding DSC results obtained during low-temperature aging. In the 
low-temperature regime, the alloy demonstrates a classic age-hardening 
profile (Fig. 5a). AlSi10Cu8Mg in the as-built condition exhibited a 
hardness of 173 HV0.5, and a peak hardness of 191 HV0.5 was achieved 
after HT160-10. This trend is consistent with the DSC response at 160 ◦C 
(Fig. 5c), where the substantial reduction of the first exothermic event 
indicates that precipitation-related reactions had progressed during 
aging. The hardness increase is attributed to the combined effects of 
solute clustering and the formation or redistribution of fine 

Fig. 4. DSC curve obtained from the as-built AlSi10Cu8Mg alloy sample.

Figure 5. (a) Evolution of Vickers microhardness in the AlSi10Cu8Mg alloy during the low-temperature aging regime (140–180 ◦C), and (b–d) normalized DSC 
curves comparing the as-built condition with selected aging treatments at (b) 140 ◦C, (c) 160 ◦C, and (d) 180 ◦C. Hardness values represent the mean ± standard 
deviation of ten indentations per condition.
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strengthening features within the α-Al matrix. Although aging at 140 ◦C 
ultimately yields a comparable hardness (~190 HV0.5 after 12 h), the 
kinetics are markedly slower. This sluggish response reflects the 
nucleation-limited behavior captured in the DSC thermograms (Fig. 5b), 
where up to 48 h was required to fully establish the precipitate popu
lation. The peak hardness obtained in the present AlSi10Cu8Mg alloy is 
higher than values previously reported for lower-Cu PBF-LB/M systems. 
Martin et al. [23] reported approximately 183 HV for pre-alloyed 
AlSi10Cu4Mg after direct aging at 160 ◦C for 16 h, compared with 
191 HV0.5 after 10 h at the same temperature in the present study. Bosio 
et al. obtained the peak-aging response of an in-situ-alloyed 
AlSi10Mg–4Cu material after only 1 h at 175 ◦C [21].

To provide deeper insight, the aging response at 140 ◦C illustrates the 
transition from solute cluster formation to the onset of critical nucle
ation (Fig. 5b). After 12 h (HT140-12), the first exothermic peak 
(~240 ◦C) decreases in magnitude relative to the as-built condition, 
indicating partial consumption of the supersaturated solute to form 
early-stage clusters (GP zones). The most notable effect appears after 48 
h (HT140-48): the second exothermic peak (~330–345 ◦C) becomes 
significantly taller and shifts to a lower onset temperature. This behavior 
reflects nucleation-assisted kinetics [52]. Prolonged holding at 140 ◦C 
generates a dense population of chemically enriched, thermodynami
cally stable nuclei. During DSC heating, these pre-existing nuclei bypass 
the nucleation energy barrier, allowing the transformation to proceed 
predominantly as a growth-controlled process. The synchronized 
growth of these nuclei produces a sharper, more intense exothermic 
peak than the broader nucleation-limited peak observed in the as-built 
material. This behavior can also suggests limited Mg2Si precipitation 
at 140 ◦C, in agreement with previous studies reporting that Mg2Si 
formation requires either higher aging temperatures or substantially 

longer exposure times [23].
At 160 ◦C (Fig. 5c), the DSC curves demonstrate a gradual reduction 

in the driving force for precipitation. After 10 h, HT160-10 retains a 
small residual first exothermic event, suggesting that the precipitation- 
related reactions associated with this temperature range were not fully 
completed during aging. By 24 h (HT160-24), this first peak disappears 
entirely, yielding a flat baseline up to 300 ◦C. This indicates that the 
precipitation-related reactions associated with the first exothermic 
event had progressed substantially during HT160-24, leaving a smaller 
remaining thermal response during the subsequent DSC scan. The lower 
height of the second peak compared with the as-built sample further 
indicates that the alloy is energetically closer to equilibrium, leaving less 
stored chemical energy for release during high-temperature 
transformation.

The HT180-24 condition (Fig. 5d) shows that the material has sur
passed the peak-hardening stage associated with the first precipitation 
sequence. The absence of the first peak confirms that precipitation of 
metastable phases is fully completed. The second peak remains present 
but exhibits a shift consistent with altered transformation kinetics. This 
DSC response aligns with the hardness data (Fig. 5a), where samples 
aged at 180 ◦C show reduced hardness compared with those aged at 
160 ◦C (178 HV0.5 for HT160-24 vs. 165 HV0.5 for HT180-24). The 
higher aging temperature promotes coarsening of previously formed 
fine precipitates, reducing coherency strains and thus lowering hard
ness, while simultaneously promoting nucleation of more stable phases 
as reflected by the prominent second peak.

Fig. 6 illustrates the Vickers hardness evolution and the corre
sponding DSC results obtained during high-temperature aging. The 
high-temperature regime (Fig. 6a) is dominated by rapid and pro
nounced softening. At 250 ◦C, near the DSC-identified peak precipitation 

Fig. 6. (a) Evolution of Vickers microhardness in the AlSi10Cu8Mg alloy during the high-temperature aging regime (250–350 ◦C), and (b–d) normalized DSC curves 
comparing the as-built condition with selected aging treatments at (b) 250 ◦C, (c) 300 ◦C, and (d) 350 ◦C. Hardness values represent the mean ± standard deviation of 
ten indentations per condition.
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temperature (~240 ◦C), the hardness decreases sharply to 117 HV0.5 
within only 2 h. Further aging at 300 and 350 ◦C leads to continued 
degradation, reaching a minimum of 93 HV0.5. This decline corresponds 
to the flattened DSC trace observed for the HT350 condition (Fig. 6d), 
confirming a fully over-aged, near-equilibrium microstructure in which 
the silicon network has fragmented and the precipitates have coarsened 
into incoherent, non-strengthening phases. In conclusion, the as-built 
hardness (173 HV0.5) and peak-aged hardness (191 HV0.5) exceed 
those reported for AlSi10Cu4Mg (155 HV in AB, 180 HV peak) and 
AlSi10Mg (120–130 HV in AB, 145 HV peak) [23,51,53], confirming the 
strengthening contribution of increased Cu content.

To gain further insight, the treatments at 250 ◦C (Fig. 6b) reveal a 
critical change in microstructural stability. For the 4 h sample (HT250- 
4), the first peak is absent, as expected, since the aging temperature 
exceeds the temperature range of the first transformation, but the sec
ond peak becomes substantially taller than in the as-built condition. This 
indicates that the short 4 h treatment generated a large population of 
metastable precipitates that serve as efficient heterogeneous nucleation 
sites for the equilibrium phase. During DSC heating, this results in an 
accelerated, highly energetic transformation, producing a pronounced 
heat-flow spike. In contrast, the 12 h sample (HT250-12) exhibits a 
reduced second peak. This suggests that extended exposure at 250 ◦C 
allows significant coarsening within the furnace, causing precipitates to 
grow, lose coherency, and release internal energy before the DSC test, 
thereby lowering the exothermic signal. Prior studies [24,51] have 
documented the crystallization of θ-Al2Cu and Si during overaging in 
similar alloy compositions, confirming the formation of coarser and 
more stable precipitates in the aged condition.

The DSC curves for 300 and 350 ◦C (Fig. 6c and d) display a flattened 
baseline in the low-temperature region and a greatly diminished second 
peak. These trends confirm that the material has reached its equilibrium 
state during the HT process itself, leaving no residual supersaturation or 
metastable phases available for further transformation during DSC 
heating.

3.3. Microstructural evolution and phase analysis

As demonstrated by several previous studies in the literature on 
similar alloy systems, albeit with lower Cu contents, the addition of Cu 
to the base AlSi10Mg composition promotes both an increased solid 
solution strengthening and the formation of Cu-rich precipitates. These 
microstructural modifications generally result in a significant increase in 
strength and hardness, at the expense of ductility [21].

This trend has already been partially confirmed in the alloy system 
investigated in the present work, AlSi10Cu8Mg. In particular, the as- 
built condition exhibits a marked increase in hardness, reaching 
values approximately 33 % higher than those of the reference AlSi10Mg 
alloy. This observation is consistent with the combined contributions of 
Cu in solid solution and early-stage precipitation occurring during the 
PBF-LB/M process.

In this context, post-processing heat treatments enable a targeted 
modulation of the mechanical response through the evolution of Cu-rich 
precipitates. Based on the trends already highlighted, the discussion is 
therefore restricted to two representative heat treatment conditions, 
which effectively describe the dominant low- and high-temperature 
precipitation mechanisms governing the strength–ductility trade-off.

For the low-temperature regime, the HT160-24 condition was 
selected as it represents a kinetically efficient aging treatment, exhibit
ing a markedly faster precipitation kinetics compared to 140 ◦C, while 
remaining compatible with industrial time constraints. The choice of a 
24 h duration is supported by DSC results indicating the completion of 
the precipitation process, and it additionally provides sufficient time to 
promote precipitate reorganization. Such microstructural evolution is 
expected to mitigate excessive strain localization and therefore 
contribute positively to ductility.

For the high-temperature regime, the HT250-4 condition was 

selected as it enables the full precipitation sequence and significant 
precipitate coarsening to occur within a limited processing time, which 
is particularly attractive from an industrial perspective. Despite the 
accelerated kinetics, this condition does not lead to a pronounced 
degradation of mechanical strength, as evidenced by hardness values 
comparable to those measured after shorter treatments (2 h), indicating 
that further coarsening does not result in a substantial loss of 
strengthening.

The SEM analysis reveals two clearly distinct microstructural states, 
reflecting the different precipitation regimes induced by the selected 
heat treatments and directly controlling the resulting mechanical 
behavior of the alloy. In the HT160-24 condition (Fig. 7), the charac
teristic cellular architecture of the as-built PBF-LB/M material is largely 
retained. The high-magnification SEM images reveal a continuous 
Al–Si–Cu-rich interdendritic network surrounding the α-Al cells. This 
preserved cellular structure indicates that aging at 160 ◦C promotes 
precipitation without causing significant coarsening or fragmentation of 
the solidification substructure. As a result, the continuous network and 
fine Cu-rich precipitates remain effective barriers to dislocation motion, 
contributing to the high hardness measured in this condition. However, 
the same continuous network may also provide preferential paths for 
crack propagation, explaining the limited ductility observed after 
HT160-24.

This microstructural stability accounts for the high hardness 
measured in this condition (Fig. 5a). The intact silicon skeleton provides 
strong resistance to dislocation motion, while fine intracrystalline pre
cipitates, consistent with the complete consumption of the DSC first 
exothermic peak (Fig. 5c), further increase the resistance to dislocation 
motion. However, the same continuous network also offers an uninter
rupted path for crack propagation. The average cell size of HT160-24, 
measured at approximately 0.8 μm, is consistent with literature values 
reported for AlSi10Mg-based alloys and AlSi10Mg + Cu compositions 
[46]. This confirms that sub-micron cellular networks produced by 
PBF-LB/M remain highly stable and show limited coarsening under low 
temperature aging.

In contrast, the HT250-4 condition (Fig. 8) exhibits clear micro
structural decomposition. The continuous cellular Al–Si–Cu-rich 
network observed after low-temperature aging is partially broken 
down and transformed into fragmented and spheroidized particles 
located mainly along the former cell boundaries. These fragments 
correspond to the thermally decomposed remnants of the original 
interdendritic/eutectic network. In addition, bright particles are visible 
within the Al matrix and are attributed mainly to coarsened Cu-rich 
precipitates, likely Al2Cu-rich phases, with the possible contribution of 
Q-phase particles [44]. Within the examined regions, these fragments 
and precipitates appear relatively homogeneously distributed 
throughout the matrix; however, local variations are still observed near 
melt pool boundaries, where solute segregation is more pronounced due 
to the repeated melting and solidification cycles during PBF-LB/M. This 
coarsening and loss of cellular connectivity reduce the effectiveness of 
the network as a barrier to dislocation motion, explaining the decrease 
in hardness and strength to 119 HV0.5 (Fig. 6a). At the same time, the 
more discontinuous and relaxed microstructure allows greater plastic 
deformation, leading to the improved ductility observed in the HT250-4 
condition.

Similar microstructural evolution has been reported for thermally 
treated PBF-LB/M AlSi10Mg alloys. Batalha et al. observed that 
increasing aging temperature disrupted the eutectic Si-rich cellular 
network and promoted coarsening of Si particles, accompanied by a 
reduction in strength [32]. Comparable decomposition of the Si-rich 
cellular structure has also been reported under local laser heat treat
ment. Kramer et al. observed progressive fragmentation of the Si-rich 
cellular network and agglomeration of Si particles with increasing 
thermal exposure, resulting in reduced hardness [34].

XRD analyses were performed to identify the phase constituents and 
assess microstructural evolution across the different conditions. 
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Comparative analysis of the diffraction patterns reveals that three main 
phases, α-Al, Si, and θ-Al2Cu, are present in all investigated states, as- 
built, HT160-24, and HT250-4 (Fig. 9). To further evaluate the evolu
tion of solute supersaturation during thermal treatment, the lattice 

parameter of the α-Al phase was determined from the diffraction data, 
yielding values of 4.0408 Å for the as-built condition, 4.0531 Å for 
HT160-24, and 4.0522 Å for HT250-4. The lower value measured in the 
as-built condition indicates a shift in the α-Al diffraction peaks relative 

Fig. 7. SEM micrographs of the HT160-24 condition showing the retained PBF-LB/M cellular microstructure after low-temperature aging: (a) overview near the melt 
pool boundary, (b,c) higher-magnification views of α-Al cells surrounded by a continuous Al–Si–Cu-rich network, and (d) fine Cu-rich precipitates within the 
preserved cellular structure.

Figure 8. SEM micrographs of the HT250-4 condition showing microstructural decomposition after high-temperature aging: (a) overview near the melt pool 
boundary, (b,c) fragmented cellular network and former cell boundaries, and (d) spheroidized/coarsened Cu-rich precipitates distributed within the Al matrix.
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to the heat-treated conditions. Retention of alloying elements, particu
larly Si and Cu, within the α-Al matrix may contribute to this relatively 
low value. However, the measured peak positions may also be influ
enced by residual elastic strain, microstrain, crystallographic texture, 
and experimental uncertainty. In addition, the simultaneous detection of 
Si and θ-Al2Cu confirms that the nominal Si and Cu contents were not 
retained entirely within the α-Al solid solution.

After HT160-24 and HT250-4, the α-Al diffraction peaks shifted 
slightly toward lower 2θ values, corresponding to an increase in the 
apparent lattice parameter. This change is qualitatively consistent with 
solute redistribution and precipitation during aging, which may reduce 
the amount of lattice-contracting solute retained within the α-Al matrix. 
Residual-stress relaxation and changes in microstrain may also 
contribute to the observed peak shifts.

The principal XRD-detectable phases remained α-Al, Si, and θ-Al2Cu 
after both heat treatments. No additional crystalline phase was detected 
after HT160-24, suggesting that the associated precipitation and solute- 
redistribution reactions either involved the phases already present or 
occurred at a size or volume fraction below the XRD detection limit. 
After HT250-4, the Si and θ-Al2Cu reflections became more pronounced. 
Together with the SEM observations, this behavior is consistent with the 
redistribution and coarsening of Si- and Cu-rich constituents during 
high-temperature aging. Nevertheless, diffraction-peak intensity may 
also be affected by crystallographic texture, crystallite size, and phase 
fraction.

3.4. Near-surface residual-stress evaluation

To compare the near-surface thermal-relaxation response of the 
investigated conditions, X-ray residual-stress measurements were per
formed on the as-built, HT160-24, and HT250-4 cubic specimens 
(Fig. 10). The as-built condition exhibited a mean near-surface tensile 
residual stress of 127.5 ± 31 MPa. After HT160-24, this value decreased 
to 89 ± 7 MPa, corresponding to an approximate reduction of 30 %. A 
further decrease to 64 ± 9 MPa was measured after HT250-4, corre
sponding to an approximate reduction of 50 % relative to the as-built 
cubic specimens. These results demonstrate that direct aging progres
sively reduced the local near-surface tensile stress measured under the 

present experimental conditions.
The EBSD analysis further supports the residual stress evolution 

measured by XRD, while also capturing the distinct microstructural 
modifications induced by the two heat treatments (Fig. 11). In the 
orientation maps, different colors correspond to different crystallo
graphic orientations. High-angle grain boundaries (HAGBs, > 15◦) are 
highlighted in black, while low-angle grain boundaries (LAGBs, < 15◦) 
are shown in red; grains are defined as regions enclosed by HAGBs. In 
the as-built condition, the high density of LAGBs reflects a significant 
amount of stored strain, associated with the high dislocation density 
generated during rapid solidification and cooling. This is consistent with 
the elevated residual stresses measured by XRD.

Upon heat treatment, a progressive reduction in LAGB density is 
observed, indicating dislocation annihilation and rearrangement 

Fig. 9. XRD patterns of the PBF-LB/M AlSi10Cu8Mg alloy in the (a) as-built, (b) HT160-24, and (c) HT250-4 conditions.

Figure 10. Surface residual stresses measured by X-ray diffraction for the as- 
built, HT160-24, and HT250-4 conditions. Error bars represent the standard 
deviation of five measurements performed along the build direction.
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through recovery mechanisms, in agreement with literature reports [54,
55]. In the HT160-24 condition, this reduction is moderate, suggesting 
partial stress relaxation. This occurs alongside significant precipitation, 
as evidenced by DSC/XRD, while the Al–Si–Cu cellular network remains 
largely intact, preserving the as-built microstructural framework. A 
more pronounced decrease in LAGBs is observed in the HT250-4 con
dition, consistent with the lower residual stress measured by XRD. This 
reflects more advanced recovery and microstructural evolution. At this 
temperature, SEM and XRD results indicate precipitate coarsening and 
growth of existing phases, accompanied by a partial degradation of the 
fine cellular network.

3.5. Mechanical properties

The engineering stress–strain curves for the PBF-LB/M AlSi10Cu8Mg 
alloy in the as-built, HT160-24 and HT250-4 states at room temperature 
are shown in Fig. 12a, while the corresponding elevated-temperature 
curves at 200 ◦C for the as-built and two heat-treated conditions are 
presented in Fig. 12b and the quantitative values are summarized in 

Table 3. These results reveal a pronounced dependence on thermal 
history and illustrate a clear strength–ductility trade-off.

Figure 11. EBSD orientation maps (top) and corresponding grain boundary maps (bottom) of the AlSi10Cu8Mg alloy (a) as-built, (b) HT160-24, and (c) HT250- 
4 conditions.

Figure 12. Representative engineering stress–strain curves of the PBF-LB/M AlSi10Cu8Mg alloy under different aging treatments. (a) Room-temperature tensile 
response, and (b) Elevated-temperature tensile behavior at 200 ◦C.

Table 3 
Mechanical properties of the AlSi10Cu8Mg alloy in the as-built and heat-treated 
conditions at room temperature and 200 ◦C. Values are reported as mean ±
standard deviation from five specimens per condition.

Specimen Yield 
strength 
(MPa)

Ultimate tensile 
strength (MPa)

Post-yield 
strengthening 
(MPa)

Elongation 
(%)

Room temperature
As-built 372 ± 2.1 400 ± 19.8 28 0.93 ± 0.1
HT160- 

24
375 ± 4.7 388 ± 32.5 13 0.76 ± 0.1

HT250-4 268 ± 5.1 350 ± 28.6 82 1.40 ± 0.2
Elevated temperature (200 ◦C)
As-built 286 ± 3.8 367 ± 20.18 81 2.28 ± 0.3
HT160- 

24
277 ± 10.2 307 ± 17.5 30 0.95 ± 0.2

HT250-4 215 ± 7.3 302 ± 22.4 87 2.6 ± 0.2
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At room temperature, the as-built alloy exhibits yield stress of 372 
and ultimate stress of 400 MPa but fractures at only 0.93 % strain, 
consistent with its fine cellular microstructure, residual stresses, and 
typical PBF-LB/M defects that restrict ductility. HT160-24 achieves a 
slightly higher yield strength, while exhibiting an ultimate tensile 
strength comparable to the other conditions. However, it displays the 
lowest elongation (0.76 %), consistent with the presence of a dense 
distribution of fine, coherent precipitates that effectively impede dislo
cation motion. In contrast, HT250-4 represents an over-aged condition. 
At room temperature, the yield strength decreases to 268 MPa, corre
sponding to a reduction of about 30 % compared to both the as-built 
state and HT160-24. The ultimate tensile strength drops to 350 MPa, 
approximately 10 % lower than as-built and HT160-24 conditions. 
Conversely, ductility increases to 1.40 %, representing an improvement 
of about 50 % with respect to the as-built state and approximately 85 % 
compared to HT160-24. This behavior is attributed to precipitate 
coarsening, increased inter-particle spacing, and partial relaxation of 
internal stresses, all of which enhance the alloy capacity for plastic 
deformation.

To further assess the post-yield deformation capacity, the difference 
between ultimate tensile strength and yield strength was considered as a 
simple indicator of post-yield strengthening. At room temperature, the 
as-built and HT160-24 conditions show very limited post-yield 
strengthening, with UTS–YS values of only 28 MPa and 13 MPa, 
respectively. This agrees with their low elongation values of 0.93 % and 
0.76 %, indicating rapid strain localization after yielding. In contrast, 
HT250-4 exhibits a much larger UTS–YS difference of 82 MPa, together 

with improved elongation of 1.40 %, confirming its greater ability to 
accommodate plastic deformation. At 200 ◦C, the same trend is 
observed: HT250-4 shows the largest UTS–YS difference of 87 MPa, 
compared with 81 MPa for the as-built condition and 30 MPa for HT160- 
24. This behavior is consistent with the fragmented cellular network, 
coarsened Cu-rich/Al2Cu-rich particles, and reduced residual stress 
measured after high-temperature aging.

When tensile tests are conducted at 200 ◦C, the material exhibits a 
general reduction in flow stress accompanied by a marked increase in 
ductility across all conditions, consistent with thermally activated soft
ening. At this temperature, the as-built condition shows a decrease in 
yield strength from 372 to 286 MPa (around 20 %) and in ultimate 
tensile strength from 400 to 367 MPa (less than 10 %), while elongation 
increases markedly from 0.93 to 2.28 % (+145 %). This indicates a 
substantially enhanced ductile response at elevated temperature, ach
ieved without a severe loss of strength. For HT160-24, the yield strength 
and ultimate tensile strength drop by about 20 % in values, with only a 
limited increase in elongation (+25 %). This behavior is attributed to in- 
situ over-aging above the original aging temperature, which accelerates 
precipitate coarsening and promotes strain localization. In contrast, 
HT250-4 tested at a temperature below its original aging temperature, 
demonstrates superior thermal stability: although the yield strength 
decreases to 215 MPa (− 20 %), the elongation increases significantly to 
2.6 % (+85 %). The relatively stable precipitate distribution, together 
with thermally activated deformation mechanisms such as dislocation 
climb and cross-slip, enables substantial plastic deformation without 
premature brittle fracture.

Figure 13. SEM fractographs of the tensile fracture surfaces: (Top Row) As-built condition; (Middle Row) HT160-24 condition; (Bottom Row) HT250-4 condition.
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The fracture surfaces of the tensile specimens were examined by SEM 
to elucidate the failure mechanisms associated with the different ther
mal histories (Fig. 13). A clear correlation was observed between the 
fracture morphology and the mechanical behavior recorded in the 
stress–strain curves. In the as-built condition (Fig. 13 top row), low- 
magnification micrographs show a relatively irregular fracture surface 
containing processing defects such as lack-of-fusion regions and gas 
pores. At higher magnification, partially melted or unmelted powder 
particles can be identified on and near the fracture surface. These defects 
act as local stress concentrators and preferential crack-initiation sites, 
facilitating early crack propagation and thereby limiting the macro
scopic ductility of the as-built material.

Following heat treatment at 160 ◦C for 24 h (Fig. 13 middle row), the 
fracture morphology becomes more tortuous and locally flatter, with 
regions that exhibit faceted features and vein-like patterns. Together 
with areas covered by fine, closely spaced dimples, this indicates a 
mixed quasi-cleavage/ductile fracture mode. This behavior is consistent 
with the material being near peak strength: precipitation hardening 
increases the resistance to dislocation motion, restricting plastic flow 
and reducing the strain-to-failure (0.76 %), while still allowing limited 
micro-void nucleation and coalescence. In contrast, the specimens heat 
treated at 250 ◦C for 4 h (Fig. 13 bottom row) display a fracture surface 
characteristic of ductile rupture. High-magnification micrographs reveal 
a dense population of large, deep, equiaxed dimples formed by extensive 
micro-void growth and coalescence. This pronounced dimpled 
morphology reflects significant thermal softening and over-aging of the 
microstructure, where precipitate coarsening and stress relief reduce the 
resistance to dislocation motion. As a result, the material accommodates 
greater plastic deformation prior to failure, in agreement with the tensile 
data, which show the highest elongation to failure (1.4 %) accompanied 
by a reduction in ultimate tensile strength.

Overall, the fractography confirms the strong link between process
ing condition, microstructural evolution and mechanical response. 
Aging at 160 ◦C for 24 h produces a strengthened but less ductile ma
terial with a mixed quasi-cleavage/ductile fracture mode, while the 
higher-temperature treatment at 250 ◦C for 4 h results in a much more 
ductile fracture surface dominated by deep dimples, characteristic of an 
over-aged and stress-relieved microstructure with reduced strength but 
enhanced ductility.

3.6. Microstructure–property correlation

The results obtained in this study show that the mechanical response 
of PBF-LB/M AlSi10Cu8Mg is governed by the combined effects of the 
process-induced cellular architecture, phase constitution, precipitation- 
related reactions, residual stress state, and thermal stability of the 
Al–Si–Cu-rich network. In the as-built condition, rapid solidification 
during PBF-LB/M produces a fine cellular/dendritic microstructure with 
Si and Cu enrichment along the interdendritic regions. XRD analysis 
confirms that the main detectable crystalline phases are α-Al, Si, and 
θ-Al2Cu, indicating that part of the Cu is already present as crystalline 
Al2Cu-rich constituents after solidification. This phase constitution, 
together with the fine cellular network and residual solute supersatu
ration, contributes to the high strength of the as-built alloy. EBSD 
analysis further reveals a high density of low-angle grain boundaries, 
reflecting significant stored strain and a high dislocation density 
induced by rapid solidification, in agreement with the elevated residual 
stresses measured by XRD. However, the same continuous cellular 
network, residual tensile stresses, and local processing defects restrict 
plastic deformation and promote early crack initiation, resulting in 
limited elongation.

The low-temperature aging regime, particularly HT160-24, pre
serves the original cellular architecture while promoting precipitation- 
related strengthening, as supported by the DSC response and hardness 
evolution. XRD does not reveal major changes in the detectable phase 
constitution after HT160-24 compared with the as-built condition, 

suggesting that the strengthening effect mainly arises from fine-scale 
precipitation and solute redistribution below the detection limit of 
conventional XRD. EBSD shows a moderate reduction in LAGB density, 
indicating partial dislocation recovery and stress relaxation, while the 
overall microstructural framework remains largely unchanged. This 
condition maintains high yield strength because the retained cellular 
Al–Si–Cu-rich network and fine strengthening features effectively hinder 
dislocation motion. However, the continuous network also limits strain 
accommodation and provides preferential paths for crack propagation. 
The residual stress results help explain the mechanical response: in 
HT160-24, although residual stresses are partially relieved (from 127.5 
± 31 MPa to 89 ± 7 MPa), the retained continuous network and fine 
precipitates still constrain plastic deformation, resulting in limited 
elongation.

In contrast, the HT250-4 condition produces a more relaxed and 
partially over-aged microstructure, characterized by fragmentation of 
the cellular network and spheroidization/coarsening of Cu-rich/Al2Cu- 
rich particles. The XRD patterns show more pronounced Si and θ-Al2Cu 
reflections, consistent with coarsening and/or improved crystallinity of 
Si- and Cu-rich phases during high-temperature aging. EBSD analysis 
highlights a more pronounced reduction in LAGB density, indicating 
enhanced recovery and a lower stored strain state, in agreement with the 
further decrease in residual stress (down to 64 ± 9 MPa). This micro
structural evolution reduces the effectiveness of the cellular network 
and precipitates as barriers to dislocation motion, leading to lower 
hardness and strength. At the same time, the discontinuous network, 
increased inter-particle spacing, and stronger residual stress relaxation 
allow more homogeneous plastic deformation before fracture. As a 
result, HT250-4 exhibits improved elongation and a more ductile frac
ture morphology. In this condition, the combination of reduced residual 
stress, network fragmentation, and precipitate coarsening enhances 
strain accommodation and damage tolerance, explaining the higher 
elongation observed at both room temperature and 200 ◦C.

The elevated-temperature tensile results further support this inter
pretation. At 200 ◦C, the HT160-24 condition is tested above its original 
aging temperature, which may promote additional in-situ over-aging 
and reduce mechanical stability during deformation. Conversely, 
HT250-4 is aged above the testing temperature and therefore exhibits a 
more stable monotonic response, showing the highest elongation among 
the investigated conditions at 200 ◦C. However, the 200 ◦C tensile tests 
should be interpreted as a short-term monotonic assessment of elevated- 
temperature mechanical response.

Overall, these results demonstrate that the strength–ductility balance 
in PBF-LB/M AlSi10Cu8Mg is controlled not only by precipitation- 
related strengthening, but also by the stability or fragmentation of the 
cellular Al–Si–Cu-rich network and the extent of residual stress relaxa
tion. Preserving the cellular network maximizes hardness and strength 
but limits plasticity, whereas controlled fragmentation and coarsening 
reduce strength while improving ductility and damage tolerance.

4. Conclusions

This study investigated the direct-aging response of a pre-alloyed 
AlSi10Cu8Mg alloy fabricated by PBF-LB/M, with particular attention 
to the relationships among heat-treatment temperature, hardness evo
lution, cellular-network stability, residual stress, and mechanical per
formance. The principal conclusions are as follows: 

• The optimized PBF-LB/M parameters of 250 W laser power and 1250 
mm/s scan speed produced specimens with a relative density of 
approximately 99.9 %. The as-built alloy exhibited a fine cellular/ 
dendritic microstructure enriched in Si and Cu along the interden
dritic regions. This condition showed a hardness of 173 HV0.5, a 
yield strength of 372 MPa, an ultimate tensile strength of 400 MPa, 
and an elongation of 0.93 %.
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• Low-temperature direct aging produced a clear age-hardening 
response. The maximum hardness of 191 HV0.5 was obtained after 
aging at 160 ◦C for 10 h. After aging at 160 ◦C for 24 h, the cellular 
Al–Si–Cu-rich network remained largely continuous, and the alloy 
retained a yield strength of 375 MPa and an ultimate tensile strength 
of 388 MPa, albeit at the expense of a slight reduction in elongation 
at fracture.

• Aging at 250 ◦C for 4 h promoted fragmentation of the cellular 
network and coarsening and redistribution of Si- and Cu-rich parti
cles. The hardness decreased to approximately 119 HV0.5, while the 
yield strength and ultimate tensile strength decreased to 268 and 
350 MPa, respectively. In contrast, elongation increased above 50 % 
compared to the as-built condition and by 84 % compared to after 
HT160-24.

• Direct aging reduced the measured near-surface residual stress from 
127.5 ± 31 MPa in the as-built condition to 89 ± 7 MPa after HT160- 
24 and 64 ± 9 MPa after HT250-4. These results correspond to re
ductions of approximately 30 and 50 %, respectively.

• At 200 ◦C, the as-built alloy exhibited a yield strength of 286 MPa, an 
ultimate tensile strength of 367 MPa, and an elongation of 2.28 %. 
HT160-24 showed lower elevated-temperature stability. HT250-4 
provided the greatest elevated-temperature elongation, while 
maintaining a yield strength of 215 MPa and an ultimate tensile 
strength of 302 MPa.

Overall, the results demonstrate that the mechanical response of 
PBF-LB/M AlSi10Cu8Mg is controlled by both precipitation-related 
processes and the thermal stability of the cellular Al–Si–Cu-rich 
network. Low-temperature aging maximized hardness and yield 
strength, whereas HT250-4 provided the most balanced combination of 
strength, ductility, short-term elevated-temperature performance, and 
processing duration among the investigated conditions.
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