
24 June 2026

POLITECNICO DI TORINO
Repository ISTITUZIONALE

Multiscale characterization of Ti-induced grain refinement in additively manufactured austenitic stainless steel / Jandaghi,
M.R., Pouraliakbar, H., Shim, S.H., Iannucci, L., Tarafder, P., Palisaitis, J., Hong, S.I., Persaud, S.Y., Fallah, V.,
Calmunger, M., Moverare, J.. - In: MATERIALS & DESIGN. - ISSN 0264-1275. - ELETTRONICO. - 261:(2026), pp. 1-20.
[10.1016/j.matdes.2025.115192]

Original

Multiscale characterization of Ti-induced grain refinement in additively manufactured austenitic stainless
steel

Publisher:

Published
DOI:10.1016/j.matdes.2025.115192

Terms of use:

Publisher copyright

(Article begins on next page)

This article is made available under terms and conditions as specified in the  corresponding bibliographic description in
the repository

Availability:
This version is available at: 11583/3006888 since: 2026-01-23T11:52:51Z

Elsevier



Multiscale characterization of Ti-induced grain refinement in additively 
manufactured austenitic stainless steel

Mohammad Reza Jandaghi a,b,* , Hesam Pouraliakbar c, Sang Hun Shim d,  
Leonardo Iannucci e , Prithwish Tarafder a, Justinas Palisaitis f, Sun Ig Hong g ,  
Suraj Y. Persaud h, Vahid Fallah c, Mattias Calmunger a, Johan Moverare a,b

a Division of Engineering Materials, Linköping University, 581 83 Linköping, Sweden
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A B S T R A C T

In-situ inoculation of grain-refining elements can effectively mitigate columnar grain growth and alleviate me
chanical anisotropy in additively manufactured metals, while enhancing strength via the Hall-Petch effect. 
However, the refinement mechanism of Ti in austenitic stainless steel remains unclear. This study investigates 
Mn-assisted Ti inoculation in 316L stainless steel (SS316L), followed by annealing. Despite near-full densifica
tion, localized Ti enrichment formed coarse, brittle FeTi and C14 Laves intermetallic clusters, encapsulated by 
ultrafine ferritic grains within an austenitic matrix. Elevated annealing temperatures dissolved Laves phases and 
promoted Ti diffusion, resulting in dispersed TiO particles and ferritic domains. Refined Laves phases were 
redistributed to grain boundaries and triple junctions. Mechanical testing showed improved ductility with 
increasing annealing temperature: ultimate tensile strength decreased from 650 MPa to 610 MPa, while elon
gation rose from 13 % to 38 %. Hardness mapping revealed a more uniform distribution, though the maximum 
hardness dropped from 370 HV to 210 HV. Electrochemical corrosion tests in saline solution indicated that phase 
transformations induced by Ti-Mn co-inoculation undermined the corrosion resistance of SS316L, rendering it 
more susceptible to degradation in aggressive environments.

1. Introduction

Fusion-based additive manufacturing (AM) of metals typically yields 
columnar grain structures, resulting in anisotropic mechanical proper
ties and limiting component performance [1]. This morphology arises 
from unidirectional heat flow during solidification, with grain growth 
kinetics and texture governed by heat dissipation rate and anisotropy 
[2]. Among AM techniques, laser powder bed fusion (LPBF) offers high 
resolution and dimensional accuracy, but its rapid cooling rates 
complicate grain control and increase hot-cracking susceptibility [3,4]. 
LPBF also introduces significant residual stresses, causing distortions 
post-build or during service [5]. Attempts to induce columnar-to- 

equiaxed transition (CET) by adjusting process parameters have shown 
limited success [6,7]. Instead, incorporating grain-refining phases has 
proven more effective in lowering nucleation barriers and promoting 
equiaxed grains [8]. These phases typically exhibit low lattice mismatch 
(<5%) with the matrix [9–11], and nucleate at minimal undercooling. 
Grain-refiner elements like Zr, Sc, Ti, and B can be added ex-situ via pre- 
alloying or in-situ through feedstock mixing and inoculation [12,13]. 
Pre-alloyed powders ensure homogeneity, while in-situ alloying offers 
cost-effective composition tuning by bypassing casting and atomization 
[14]. However, in-situ approaches may introduce microstructural het
erogeneity [15]. In AM, optimal parameters are those maximizing 
relative density; while for in-situ alloying, they must also ensure uniform 
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dispersion of additions. Additive characteristics influence LPBF phe
nomena such as laser absorption, heat flow, and vaporization. Thus, 
selecting suitable grain-refining agents requires understanding their 
thermodynamic and kinetic interactions with the host alloy [16]. Recent 
studies have incorporated Ti (elemental or compound) into steels via in- 
situ AM, where Ti-bearing phases enhance grain refinement and 
strength, often preserving ductility via the Hall-Petch effect [17]. TiC 
nanoparticle additions to SS316L via LPBF showed improved strength 
and grain refinement, though agglomeration remained problematic 
[18–20]. Similar effects were observed with TiN in AISI 441 ferritic 
steel, attributed to CET via TiN-coated oxides [21]. Ikehata et al. re
ported TiO particles as nucleation sites in Fe and Fe-18Cr alloys, refining 
ferritic grains [22,23]. Though Laves phases were absent, SEM revealed 
secondary phases along grain boundaries (GBs), enclosing fine equiaxed 
grains in Fe-7.5Ti [23]. Zhai et al. [24] found that Ti agglomeration in 
SS316L via LPBF led to localized hardness doubling and brittle GB 
phases causing intergranular cracking. DED-based Ti addition followed 
by annealing produced undetectable EBSD phases and 1.5 times hard
ness increase [25]. Han et al. [25] attributed refinement to TiOx parti
cles, dismissing solute segregation. Grain refinement was also achieved 
by adding SS316L to (CP-Ti) [26] and Ti6Al4V [27], though EBSD 
revealed non-indexed martensitic α′ lath regions. The role of Ti in 
stainless steels remains debated, as ferrite stabilizers like Ti, Cr, and Mo 
may promote sigma (σ) [28] and Laves [29] phases. While TiOx for
mation is often cited, direct evidence is lacking. Given Ti’s reactivity and 
agglomeration tendency in Cr/Mo-rich steels, concerns persist over 
undesired phase formation. This study aims to clarify the mechanisms of 
Ti-induced grain refinement, identifying phase evolution during in-situ 
alloying and post-treatment, and assessing their impact on microstruc
ture, mechanical properties, and corrosion resistance.

2. Thermodynamic simulations

In-situ alloying alters the solidification pathway, influencing the al
loy’s vulnerability to solidification cracking [30]. This study utilized the 
TCFe7 database in Thermo-Calc™ to generate non-equilibrium Scheil 
solidification diagrams, modeling the liquid-to-solid transition [31]. The 
Scheil approach computes the solid fraction (fS) as a function of tem
perature (T) and assesses cracking susceptibility via the slope of the dT/ 
d(fS)1/2 curve near the solidification termination [32]. A steeper slope 
correlates with increased cracking risk [33,34]. The solid fraction is 
derived from the Scheil equation [35]: 

fs = 1 − (
TM − T
TM − TL

)
1/k− 1 (1) 

Here, “T” denotes temperature, “TM” the solvent’s melting point, “TL“ 
the liquidus temperature. The partition coefficient “k” is defined as k =

Cs/CL where the “CS“ and “CL“ are the solute concentrations in the solid 
and liquid phases, respectively.

In LPBF, rapid cooling rates steepen this gradient, curtailing solute 
redistribution and intensifying elemental segregation relative to equi
librium solidification [36]. Eutectic alloys, which undergo isothermal 
solidification, exhibit negligible dT/d(fS)1/2 slopes and superior print
ability due to their uniform liquid-to-solid transition and absence of a 
mushy zone. In contrast, solute additions that amplify the disparity 
between equilibrium and non-equilibrium solidification paths extend 
the solidification interval and enlarge the mushy zone, thereby exacer
bating the risk of solidification cracking [37]. As shown in Fig. 1(a, b), 
the incorporation of 1 wt% Ti into SS316L markedly broadens the so
lidification range, elevating crack susceptibility during LPBF. Ti as a 
potent ferrite stabilizer, not only delays the BCC-to-FCC phase trans
formation but also facilitates the nucleation of the C14 Laves phase. To 
counterbalance these effects, 2 wt% Mn was introduced as an austenite 
stabilizer. Although Mn alone does not significantly narrow the solidi
fication range, it promotes the BCC-to-FCC transition, as evidenced in 

Fig. 1(a, c). The synergistic addition of Mn and Ti reduces both the slope 
of the solidification curve (from 76◦ to 73◦) and the solidification range 
(from 345 ◦C to 326 ◦C), thereby mitigating cracking propensity (Fig. 1 
(b, d)). Furthermore, a comparative analysis of Fig. 1(a, b, d) confirms 
that Mn effectively offsets the Ti-induced retardation of the BCC-to-FCC 
transformation. Scheil simulations, however, do not account for local 
solute enrichment, which is prevalent in in-situ alloying. Ti agglomer
ation can locally promote direct solidification of Laves and Sigma pha
ses, as indicated in Fig. 1(e). A detailed thermodynamic analysis of Gibbs 
free energy (ΔGf) is essential for understanding phase evolution and 
guiding post-processing strategies. Heat maps (Fig. 1(f)) reveal that up 
to ~ 3 wt% Ti favors FCC_A1 formation, while ~ 10 wt% suppresses it 
and stabilizes BCC_A2. Controlled annealing can reduce Ti below 3 wt% 
and restore FCC stability. Ferrite persists up to 20 wt% Ti while Laves 
phases dominate beyond this point. In 10-20 wt% Ti regions, both may 
coexist. High-temperature annealing is needed to homogenize and 
redistribute Ti, reduce its concentration below 10 wt%, and suppress 
Laves phase formation.

To evaluate the Laves phase predicted by thermodynamic simula
tions, it is essential to examine the Fe-Ti binary system, which comprises 
two stable intermetallics at room temperature: FeTi and Fe2Ti. FeTi 
crystallizes in a BCC structure with a lattice parameter closely matching 
ferrite, while Fe2Ti adopts a C14 Laves phase with a hexagonal close- 
packed (HCP) configuration. Both phases are characterized by high 
hardness and brittleness and often exhibit non-stoichiometric composi
tions due to elemental substitutions from SS316L. Prior studies indicate 
that Cr can fully substitute Fe above 823 K, transforming C14 into C15 
and C36 structures. Mn replaces Fe at 1273 K, with a homogeneity range 
of 30-41 at.% Ti. Ni can substitute Fe up to 20 at.% between 1173-1273 
K, while Mo fully replaces Ti in Fe2Ti and partially in FeTi (up to 2 at.% 
at 1173 K). Heat maps suggest Sigma phase formation at Ti concentra
tions between 3-20 wt%, with stability from room temperature to ~ 
600 ◦C. Although equilibrium solidification disfavors Sigma due to 
earlier phase nucleation, rapid cooling and Ti agglomeration during 
LPBF promote its emergence. Mn has been shown to distribute uniformly 
in the melt, suppress Mo activity, and substitute Mo in Sigma, thereby 
destabilizing the phase [38]. Previous work confirmed Sigma phase 
presence in Ti-rich regions under high solidification rates [39]. While 
thermodynamic models predict phase stability based on temperature, 
transformation kinetics are time-dependent. To suppress Sigma forma
tion, simulations recommend isothermal annealing above 700 ◦C. 
Accordingly, in-situ alloyed samples were annealed at 850 ◦C, 1050 ◦C, 
and 1250 ◦C for 1 h to mitigate undesirable phase evolution induced 
during printing.

3. Experimental methods

3.1. Materials

Gas-atomized SS316L powder (15-50  μm) sourced from Höganäs, 
Sweden, was blended with 1 wt% Ti (15-45  μm) and 2 wt% Mn (5-30 
μm), both procured from Sigma-Aldrich, Germany, to prepare the LPBF 
in-situ alloying feedstock. The mixture was dried at 80 ◦C for 2  h. Fig. 2
presents a stereo-micrograph, SEM image, and EBSD inverse pole figure 
(IPF) of the SS316L powder, along with SEM and EDS maps of the 
blended feedstock.

3.2. Sample fabrication

Samples were fabricated on SS304L substrates using an LPBF system 
equipped with a 300  W ytterbium fiber laser (λ = 1064  nm), featuring a 
Gaussian energy profile and a 40  μm spot size. Argon shielding main
tained oxygen levels below 100  ppm. Optimized parameters (90  W laser 
power, 400  mm/s scan speed, 30  μm layer thickness, 70  μm hatch 
spacing, and 67◦ interlayer rotation) achieved a relative density of 99.7 
%. To evaluate thermal effects, specimens underwent isothermal 
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Fig. 1. Thermo-Calc simulation results for SS316L: (a) Scheil solidification curve, (b) with 1 wt% Ti, (c) with 2 wt% Mn, (d) with 1 wt% Ti and 2 wt% Mn, (e) pseudo- 
binary phase diagram of SS316L with 2 wt% Mn as a function of Ti addition, and (f) heat maps of ΔGf (top) and phase volume fractions (bottom) as functions of 
temperature and Ti content.
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annealing at 850 ◦C, 1050 ◦C, and 1250 ◦C for 1  h, followed by air 
cooling.

3.3. Mechanical examination

Two sample geometries were fabricated: (i) 10 × 10 × 10  mm3 

blocks for microstructural analysis and (ii) tensile bars (32 × 6 × 4 mm3 

gauge) conforming to ASTM E8. Specimens were sectioned from the 
build plate via wire electrical discharge machining (EDM), with tensile 
bars oriented perpendicular to the build direction. Quasi-static tensile 
tests were conducted at room temperature using a Zwick/Roell Z050 
equipped with a laser extensometer, at a nominal strain rate of 2 × 10-3 

s-1. Each test was repeated thrice to obtain average values and standard 
deviations. Vickers microhardness measurements were performed using 
a VMHT system (0.1  kg load, 15  s dwell), with 20 linear indentations 
spaced 0.5  mm apart across the sample cross-section.

3.4. Microscopy characterizations

Metallographic specimens were mounted and polished using abra
sive papers, followed by sequential polishing with diamond, alumina, 
and colloidal silica suspensions to a final finish of 0.05  μm. Chemical 
etching was performed using a mixed solution of 15 % HCl, 10 % HNO3, 
and 1 % CH3COOH for 10  s. Optical microscopy (OM) images were 
acquired using an Olympus DSX1000 digital microscope. For SEM 
analysis, non-etched samples were examined using JEOL JSM7001F and 
HITACHI SU-70 FEG-SEMs, both equipped with EBSD (EDAX-Hikari 
Plus) detectors. EBSD scans were conducted at 20  kV with a 0.1  μm step 
size, and data were processed using OIM Analysis™ and MTEX- MAT
LAB. TEM characterization was performed on FIB-milled foils using a 
dual-beam FEI Helios NanoLab and a JEOL JEM-2100F TEM operated at 
200  kV. FIB-SEM imaging was carried out using a Thermo Scientific 

Helios 5 UC system, with surface illumination at 30  kV and 80 pA, and 
imaging via Ion Conversion and Electron (ICE) detector in SE mode. 
Prior to imaging, surfaces were etched with 30  kV ions at 21 nA for 30  s 
to expose microstructural features. Oxygen content was quantified using 
a LECO ONH836 analyzer.

3.5. Electrochemical measurements

Corrosion behavior was assessed via electrochemical testing using an 
Ivium-n-Stat potentiostat in a three-electrode cell configuration: the 
specimen as the working electrode, platinum wire as the counter elec
trode, and Ag/AgCl as the reference. Prior to testing, samples were 
polished to a mirror finish. A naturally aerated 3.5 wt% NaCl solution 
prepared with deionized water served as the electrolyte. All measure
ments were conducted at room temperature following a 30  min stabi
lization of the open circuit potential (OCP). Cyclic potentiodynamic 
polarization (CPP) was performed by sweeping the potential from - 0.2 
V to + 1.0  V vs. OCP, reversing either at + 1.0  V or upon reaching 1 
mA/cm2. The scan rate was 10  mV/min with 1  mV increments. 
Corrosion potential (Ecorr) and current density (Icorr) were extracted via 
Tafel extrapolation. Electrochemical impedance spectroscopy (EIS) was 
conducted by applying a 10  mV sinusoidal perturbation around the 
OCP. Impedance spectrum was recorded over a frequency range of 105 

to 10-2 Hz, with 10 points per decade. Data were fitted using equivalent 
electrical circuits (EECs), where capacitance was modeled as a constant 
phase element (CPE), defined by the expression: 

ZCPE =
1

(jω)nQ
(2) 

where “Q” is the CPE parameter having dimensions of sn/Ω, j=
̅̅̅̅̅̅̅
− 1

√
, ω 

= 2πf (“f” is the frequency) and “n” is a parameter that ranges between 
0 and 1. All measurements were conducted in triplicate to ensure 

Fig. 2. SEM analysis of SS316L powder particles and blended powders used as feedstock.
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reproducibility.

4. Results and discussions

4.1. Microstructural characterization

Fig. 3 presents OM and EBSD results for all LPBF-processed speci
mens: non-inoculated SS316L (Fig. 3(a-a3)), the as-built inoculated 
alloy (Fig. 3(b-b3)), and post-annealed states at 850 ◦C (Fig. 3(c-c3)), 
1050 ◦C (Fig. 3(d-d3)), and 1250 ◦C (Fig. 3(e-e3)). Comparison of OM 
(Fig. 3(a, b)) and EBSD IPF maps (Fig. 3(a1, b1)) reveals that Ti addition 
alters grain morphology, producing ultrafine grains in enrichment zones 
and small columnar grains in Ti-depleted regions. The kernel average 
misorientation (KAM) in the austenitic matrix of the as-built inoculated 
alloy (Fig. 3(b2)) is notably higher than in the original SS316L (Fig. 3 
(a2)), indicating elevated geometrically necessary dislocation (GND) 
density due to local strain and lattice distortion from inoculation- 
induced phases. Despite high KAM in Ti-rich zones, the overall grain 
orientation spread (GOS) remains low (Fig. 3(b3) vs Fig. 3(a3)), sug
gesting a deformation mechanism that accommodates strain via steep 
local orientation gradients without extensive lattice rotation. With an 
HCP structure, Laves phases deform primarily via synchroshear as a 
basal slip mechanism involving coordinated motion of atomic layers that 
generates stacking faults without lattice expansion [40]. This mecha
nism, active at elevated temperatures, facilitates slip on energetically 

unfavorable planes through synchronized dislocation movement, mini
mizing grain rotation and explaining the low GOS values [41,42]. High 
KAM surrounding Ti-enriched zones further supports localized strain 
accommodation via GND accumulation. Annealing at 850 ◦C (Fig. 3(c- 
c3)) reduces Ti-rich regions and diminishes high-KAM areas, indicating 
partial recovery. Concurrently, low-GOS grains expand around these 
zones, likely driven by recrystallization initiated in highly strained re
gions. As recrystallized grains are typically strain-free and structurally 
uniform, their growth around Laves phases results in extensive low-GOS 
domains. Annealing at 1050 ◦C and 1250 ◦C promotes dissolution of 
coarse intermetallic clusters and enhances grain refinement through 
diffusion-driven phase rearrangement (Fig. 3(d-d3, e-e3)). The observed 
reduction in KAM and expansion of low-GOS regions corroborate this 
transformation. However, the appearance of coarse equiaxed grains 
with minimal KAM and GOS at 1250 ◦C suggests a transition from 
recrystallization to grain growth. Further insights into phase evolution 
and grain refinement mechanisms during high-temperature annealing 
are explored in the following sections.

Fig. 4 highlights the evolution of recrystallized grain fractions near 
Ti-enriched zones. As shown in Fig. 4(a), the ultrafine-grained region 
primarily comprises highly deformed grains, consistent with the 
elevated KAM values in Fig. 3(b2). With increasing annealing temper
ature, the fraction of deformed grains progressively decreases (Fig. 4(b- 
d)). However, even at 1250 ◦C, full recovery is not achieved, as evi
denced by persistent high local misorientation between coarse 

Fig. 3. OM, EBSD color maps, KAM and GOS maps of the non-reinforced SS316L (a-a3), reinforced sample in as-built state (b-b3), and after annealing at 850 ◦C (c- 
c3), 1050 ◦C (d-d3) and 1250 ◦C (e-e3) for 1 h.
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recrystallized grains in Fig. 3(e2). This suggests incomplete strain 
relaxation despite extensive thermal exposure.

Fig. 5 presents BSE-SEM images, IPF maps, and phase maps of the 
reinforced alloy in the as-built state and after annealing at various 
temperatures. In Fig. 5(a-a2), Ti incorporation within select melt pools 

produced ultrafine-grained zones featuring Laves phase cores encircled 
by ferritic grains, while adjacent Ti-depleted austenitic regions retained 
coarse grains. A compositional gradient is evident within the interme
tallic complexes, transitioning from Laves to Laves-BCC (FeTi and 
ferrite), and ultimately to austenite. Annealing at 850 ◦C (Fig. 5(b-b2)) 

Fig. 4. EBSD recrystallization fraction map of TiMn inoculated specimens in as-built state (a), and after annealing at 850 ◦C (b), 1050 ◦C (c) and 1250 ◦C (d), 
respectively.

Fig. 5. BSE-SEM images, EBSD color maps, and EBSD phase maps of the as-built reinforced sample (a-a2), and after annealing at 850 ◦C (b-b2), 1050 ◦C (c-c2), and 
1250 ◦C (d-d2), respectively.
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led to partial dissociation of coarse intermetallics. Ti diffusion facilitated 
the formation of fine Laves phases around Ti-rich cores, predominantly 
along GBs and triple junctions, suggesting these sites act as preferential 
diffusion and nucleation pathways.

At elevated temperatures (Fig. 5(c-c2, d-d2)), enhanced solubility 
and diffusion kinetics promoted dissolution and redistribution of Laves 
clusters, accompanied by coarsening and stabilization of nearby 
austenitic grains. However, the dispersed Laves phases constrained grain 
growth, with the smallest austenitic grains observed in samples 
annealed at 850 ◦C and 1050 ◦C. Redistribution also promoted ferritic 
grain nucleation, consistent with Ti’s ferrite-stabilizing role. The pres
ence of thermal twins in austenitic grains (Fig. 5(c1, c2)) indicates 
recrystallization, though grain growth remained limited by surrounding 
Laves phases. Grain size analysis confirmed that Ti-Mn co-addition 
refined the average grain size from 38  μm in SS316L to 17  μm in the as- 
built alloy. Annealing at 850 ◦C had minimal impact on coarse in
termetallics, while treatment at 1050 ◦C reduced grain size to 9.7  μm. A 
slight increase to 12.5  μm at 1250 ◦C reflects the grain-constraining 
effect of residual Laves phases.

The depletion of austenite-stabilizing elements near Laves phases 
increases the thermodynamic driving force for austenite-to-ferrite 
transformation. To elucidate phase evolution during annealing, TEM 
analysis was conducted on reinforced samples in the as-built state and 
after heat treatments at 850 ◦C and 1250 ◦C. EBSD band contrast images 
in Fig. 6 highlight the regions selected for TEM investigation, with 
detailed microstructural features presented in Figs. 7-11.

Fig. 7 presents TEM micrographs of the as-built reinforced sample, 
detailing phase evolution within a Ti-enriched intermetallic complex 
and its surrounding matrix. Fig. 7(a) offers an overview from the 
austenitic matrix at the base to the intermetallic core at the top. The Ti- 
rich center (Fig. 7(a1)) is dominated by FeTi with a BCC structure, 
confirmed by SAED pattern 1. During solidification, FeTi accommodated 
thermal shock via dislocation proliferation. As Ti concentration 
decreased outward, Fe2Ti Laves phases formed, marked by a transition 
from dislocation-driven deformation to synchroshear mechanisms 
(Fig. 7(a2)), characteristic of HCP structures [40]. SAED pattern 4 
identifies the outermost Laves layer, encased by ferritic grains (SAED 
pattern 3). Fig. 7(a4) reveals high GND densities in the adjacent 
austenitic matrix, accommodating thermal mismatch stresses and miti
gating cracking during cooling. The EDS line-scan (Fig. 7(b)) confirms 
compositional gradients: Ti depletion and Fe/Cr enrichment tran
sitioning from Laves to ferritic grains, followed by increased Fe and Ni 
with reduced Cr and Ti in the austenitic matrix. Comparison of SAED 
patterns 4 and 6 suggests the coexistence of multiple Laves variants with 

hexagonal symmetry but differing lattice parameters, consistent with 
deviations from stoichiometric Fe2Ti [43,44]. TEM images (Fig. 7(a1, 
a5)) support GOS analysis (Fig. 3(b3)), linking synchroshear band for
mation and localized stress accommodation to high-GOS grains within 
Ti-enriched zones.

Fig. 8(a) shows TEM micrographs of an intermetallic complex (green 
box) and its surrounding region in the reinforced sample annealed at 
850 ◦C for 1  h. The complex is encircled by ultrafine grains (<1 μm), and 
several regions were analyzed to elucidate the mechanisms driving grain 
refinement. Magnified views of the core (Fig. 8(a1, a2)) reveal pro
nounced dislocation accumulation in the innermost zone, with SAED1 
confirming a superlattice BCC FeTi phase. These domains accommo
dated solidification-induced stresses via dislocation generation. Adja
cent to the FeTi core, Fig. 8(a2) identifies Fe2Ti Laves phases with HCP 
symmetry (SAED2), surrounded by additional Laves variants with 
distinct lattice parameters (SAED3, SAED4). Notably, dislocations 
within the BCC FeTi phase are uniformly dispersed, attributed to the 
high Peierls-Nabarro stress in BCC lattices, which impedes glide due to 
non-planar dislocation cores [41]. This restricts slip band formation and 
favors distributed strain accommodation. Further analysis of the sur
rounding ultrafine matrix revealed austenitic grains with thermal twins 
(SAED5) and Laves phases dispersed between them (SAED6).

To assess phase distribution and elemental diffusion after annealing 
at 850 ◦C, elemental mapping of intermetallic chunks and surrounding 
ultrafine grains was performed (Figs. 9-10). EDS maps and line-scan 
analysis (Fig. 9) reveal a compositional gradient from the austenitic 
matrix toward the intermetallic core, marked by Ti and Ni enrichment 
and depletion of Fe, Mn, Cr, and Mo. Minor Ti fluctuations are attributed 
to TiO nanoparticle formation. Point analysis (Fig. 9) confirms the BCC 
phase at the intermetallic core as (Fe,Ni)Ti, consistent with prior reports 
of Ni substituting Fe in FeTi during Ti deposition on SS316L [45]. Sur
rounding the core, distinct Laves phase cortexes form based on local 
solute availability. The outermost Laves layer, enriched in Cr and Fe and 
depleted in Ti, coincides with TiO nanoparticle formation. This sus
ceptibility is linked to differences in crystal structure and diffusivity of 
oxygen and solute elements across the layers. These findings indicate 
that Ti-rich cores act as diffusion sources during annealing, driving Ti 
migration and TiO nanoparticle precipitation in adjacent phases.

Fig. 10 presents EDS elemental maps from the ultrafine-grained re
gion surrounding Ti-rich intermetallics, alongside point analysis of 
austenitic grains adjacent to Laves phases and a line scan across the 
austenite-Laves interface. These results highlight the critical role of 
Laves phases in constraining austenitic grain growth (red in STEM), 
thereby promoting microstructural refinement. Compositional analysis 

Fig. 6. EBSD band-contrast (BC) images showing the TEM analyzed zones in Figs. 7, 8 and 11 in the as-built reinforced sample (a) and after annealing at 850 ◦C (b), 
and 1250 ◦C (c), respectively.
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reveals that Ti, Cr, and Mo dominate within Laves and ferritic phases, 
while austenitic grains are enriched in Fe and Ni.

Ti distribution within the ultrafine-grained regions does not exhibit 
preferential segregation of TiO nanoparticles at grain boundaries or 
triple junctions. However, prior studies on Ti additions in ferritic steels 
have shown that TiO nanoparticles act as effective grain refiners due to 
their minimal lattice mismatch with the ferritic matrix, which inhibits 
epitaxial grain growth. The extent of ferrite grain refinement has been 
reported to scale with Ti content [23,46]. In contrast, no orientation 
relationship (OR) has been identified between TiO and austenite that 
would enable similar refinement in austenitic regions. As shown in Fig. 5 
(c), annealing at 1050 ◦C leads to coarsening of both austenitic grains 
and Laves phases within refined zones, accompanied by partial trans
formation of Laves into ferrite. Further annealing at 1250 ◦C enhances 
diffusion kinetics, promoting dissociation of Ti-rich clusters and broader 
Ti redistribution throughout the printed part. This, combined with Ti’s 
ferrite-stabilizing effect, facilitates the formation of numerous ferritic 
grains, as illustrated in Fig. 5(d).

TEM analysis in Fig. 11 reveals the grain structure and phase 
arrangement after annealing at 1250 ◦C. SAED patterns in Fig. 11(a), 
along with EDS mapping and line-scan data, confirm the coexistence of 
recrystallized austenitic and ferritic grains. The magnified region in 
Fig. 11(a1) shows a light-contrast phase concentrated at grain bound
aries and triple junctions. Further magnification (Fig. 11(a2)) identifies 
this phase as Laves (SAED 3), consistent with BSE-SEM observations. 
EDS point analysis (Fig. 11) indicates that Ti is relatively uniformly 
distributed across austenitic and ferritic grains following annealing. The 
key compositional distinction lies in elevated Fe and Ni concentrations 
in austenite, and slightly higher Mo and Cr levels in ferrite. Local 
depletion of Ni and Fe, coupled with Cr enrichment, enhances the 
thermodynamic driving force for austenite-to-ferrite transformation. 
Despite partial redistribution, Ti solubility in both phases remains 
limited. Consequently, excess Ti segregates to grain boundaries and 
triple junctions, where it precipitates as Laves phases. These regions 
serve as preferential diffusion pathways during annealing, facilitating Ti 
migration and subsequent Laves phase formation upon cooling [47,48]. 

Fig. 7. TEM images (a1-a5) and corresponding SAED patterns and EDS line-scan at the interface of the intermetallic complex with surrounding ferritic grains and 
austenitic matrix (b) in the as-built reinforced sample.
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Notably, Ti exhibits stronger segregation at austenite-ferrite interfaces 
than within the austenitic matrix, stabilizing Laves phases at these 
boundaries.

Upon annealing at 1250 ◦C, a portion of the inoculated Ti trans
formed into TiO particles, which were uniformly dispersed throughout 
the matrix. To elucidate the origin of these particles, the oxygen content 
of both the baseline SS316L and the reinforced alloy was quantified 
using LECO analysis. The results, summarized in Table 1, confirm 
increased oxygen uptake in the reinforced samples, supporting the for
mation of TiO precipitates during high-temperature exposure.

The incorporation of Ti into SS316L led to a measurable reduction in 
free oxygen content, as confirmed by LECO analysis. In additively 
manufactured SS316L, oxide inclusions such as rhodonite (MnSiO3) and 
spinel (MnCr2O4) are commonly observed [49,50]. Prior studies have 
also shown that silicates like rhodonite and tridymite (SiO2), with 
melting points of 1244 ◦C and 1703 ◦C respectively, undergo continuous 
dissolution and reformation during AM processing [51]. However, in Ti- 
reinforced samples, no Si-containing oxides were detected, suggesting 
either complete suppression or negligible formation. This implies that 

oxygen preferentially bonded with Ti, forming TiO particles rather than 
silicates. Although the formation enthalpy of TiO is higher than that of 
rhodonite and spinel under equilibrium conditions, the rapid solidifi
cation kinetics of PBF-AM favor TiO nucleation. These kinetics override 
thermodynamic preferences, leading to early TiO precipitation and 
limiting silicate formation [52–55]. Understanding the transformation 
behavior of TiO particles at different annealing temperatures is therefore 
critical to evaluating their role in microstructural evolution and alloy 
reinforcement. TEM analysis was conducted on samples annealed at 
850 ◦C and 1250 ◦C to investigate TiO particle behavior. Fig. 12(a, b)
show EDS maps of TiO particles located within Laves phases and 
austenitic grains, respectively. At 850 ◦C, coarse Ti-rich chunks act as Ti 
sources, dispersing TiO nanoparticles throughout the matrix, while 
Laves phases form in Ti-enriched zones between austenitic and ferritic 
grains. At 1250 ◦C, enhanced diffusion kinetics accelerate phase trans
formations, resulting in coarsening of grains, Laves phases, and TiO 
particles. Fig. 12(c) shows a TiO particle embedded within an FeTi grain 
located at the center of an unmelted region. Fig. 12(d, e) present the 
corresponding FFT, SAED, and IFFT analyses at the TiO-FeTi interface. 

Fig. 8. TEM images (a-a3) and corresponding SAED patterns in the reinforced sample after annealing at 850 ◦C for 1 h.
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The SAED patterns in Fig. 12(d), along with measured lattice spacings 
(0.213 nm for TiO and 0.259 nm for FeTi) indicate a lattice mismatch of 
~ 18 %. This substantial misfit exceeds the ~ 5 % threshold typically 
required for effective heterogeneous nucleation, suggesting that TiO 
does not promote FeTi phase refinement. The presence of misfit dislo
cations surrounding the TiO particle further confirms the lack of a 
coherent interface with the matrix. In systems with minimal lattice 
mismatch, elastic strain is accommodated without dislocation forma
tion. However, when the mismatch surpasses a critical value, strain 
accumulates at the interface, increasing the system’s energy. To relieve 
this energy, misfit dislocations form, locally adjusting the atomic 
arrangement. The degree of coherency between the particle and matrix 
is thus governed by the interfacial mismatch. These dislocations typi
cally emerge at elevated temperatures due to misfit-induced stresses and 
are absent around fully coherent inclusions [56,57]. Their presence is 
clearly visible in the TEM image (Fig. 12(c)) and the IFFT image (Fig. 12 
(e)).

Reported findings [41] have consistently shown that among Ti-based 
compounds added to ferritic steels (such as TiN and TiO) only TiO 
nanoparticles effectively serve as heterogeneous nucleation sites for 
ferrite, owing to their minimal lattice misfit. These nanoparticles also act 
as barriers to austenitic grain growth at elevated temperatures [41]. A 
comparison of the TiO dispersion map from TEM with the BSE and phase 
maps in Fig. 5, along with the band contrast images in Fig. 6, reveals that 
refined regions predominantly contain both TiO nanoparticles and 

ferritic grains. This observation aligns with the ferrite-stabilizing effect 
of Ti, as coarse intermetallic chunks are often encircled by ferritic grains, 
further refined by TiO inclusions. In contrast, areas distant from TiO 
agglomeration sites are characterized by coarser austenitic grains, 
particularly in the as-built condition.

4.2. Mechanical properties

In our previous study [39], we conducted an extensive comparison of 
the tensile properties of SS316L and the as-built reinforced samples, 
demonstrating that the co-addition of Ti and Mn improves tensile 
strength at the expense of ductility. TEM analysis (Fig. 7(a4)) reveals 
that rapid solidification promotes high-density GNDs around Ti- 
enriched zones. Although Ti-rich intermetallic complexes exhibit 
strong interfacial bonding with the matrix, the associated dislocations 
induce lattice distortions. These regions, characterized by synchroshear 
bands and brittle behavior, accommodate limited strain, resulting in 
elevated initial stress during deformation. Fig. 13(a, b) present engi
neering stress-strain, work-hardening, and true stress-strain curves for 
as-built and annealed samples (850 ◦C, 1050 ◦C, 1250 ◦C). Annealing at 
850 ◦C reduces yield strength (YS) from 540 MPa to 470 MPa, while 
increasing ultimate tensile strength (UTS) from 645 MPa to 670 MPa and 
elongation from 12 % to 15 %. Although both as-built and annealed 
samples show a downward slope in Stage 2 of the work-hardening rate 
(Fig. 12(b)), the area under the dσ/dε vs. true strain curve increases after 

Fig. 9. STEM image and corresponding EDS point analysis and EDS line-scan at the interface of the intermetallic complex and steel matrix in the reinforced sample 
after annealing at 850 ◦C for 1 h.
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annealing at 850 ◦C. Since this area reflects energy absorbed during 
plastic deformation, its smaller value in the as-built sample indicates 
reduced work-hardening capacity, limiting strain accommodation and 
accelerating necking.

The work-hardening rate evolves through three stages, marked by 
two inflection points: Stage 1 features a sharp decline from a high initial 
value; Stage 2 shows a slower descent as strain hardening and softening 
compete; Stage 3 exhibits a rapid drop, signaling the onset of necking 
and aligning with the UTS [58]. TEM analysis (Fig. 9) reveals that 
annealing at 850 ◦C partially dissolves Laves phases, redistributing finer 
precipitates throughout the matrix. This redistribution impedes dislo
cation motion and annihilation, thereby enhancing work hardening. The 
fine Laves phases serve as effective dislocation barriers, increasing 
storage capacity and delaying the onset of plastic instability. Annealing 
at 1050 ◦C significantly lowers yield strength (YS) while improving 
elongation, whereas annealing at 1250 ◦C results in a slight YS reduction 
but markedly enhances formability. The extended second stage of the 
work-hardening curve in the 1250 ◦C-annealed sample suggests 
improved strain hardening, likely driven by enhanced Ti diffusion and 
more uniform Laves phase dispersion. Additionally, finely distributed 
TiO particles and/or increased Ti content in the matrix further hinder 
dislocation motion and annihilation, delay entanglement, and facilitate 
greater strain accommodation prior to failure. Friction stress induced by 
alloying elements is also believed to suppress dislocation annihilation 
and contribute to elevated strain-hardening rates [59,60]. The hardness 
variation micrograph in Fig. 13(c) shows that the as-built reinforced 
sample exhibits a lower average hardness with a broader deviation 
range, reflecting the influence of dispersed coarse intermetallic chunks 

(up to 370 HV) within Ti-enriched zones embedded in the austenitic 
matrix, which typically exhibits ~ 250 HV in SS316L. Annealing at 
850 ◦C narrows this deviation and raises the average hardness, attrib
uted to the formation of fine Laves phases around coarse intermetallics 
and their nucleation at GBs. The enhanced tensile strength at this tem
perature may partly result from the GB pinning effect of these phases, 
although their presence could increase susceptibility to intergranular 
corrosion in aggressive environments. High-temperature annealing 
progressively removes microstructural features inherited from rapid 
solidification in AM, leading to a marked decrease in average hardness. 
Notably, annealing at 1250 ◦C further narrows the hardness variation, 
indicating a more uniform grain size and Ti-rich phase distribution. 
Despite the formation of fully equiaxed grains and a stress-relieved 
matrix, the average hardness of the annealed reinforced sample re
mains significantly higher than that of the as-built non-reinforced 
SS316L (215 vs. 180 HV).

Fig. 14 presents the 3D stereo micrograph and SEM images of the 
fracture surface, along with thru-thickness SEM views of tensile samples 
near their rupture zones. As shown in Fig. 14(a1), the initial yielding 
under tensile loading in the as-built reinforced sample occurred within 
the intermetallic chunks, particularly the Ti-enriched central phases. 
SEM analysis revealed multiple brittle phases on the fracture surface 
that fractured and collapsed, while the surrounding fine austenitic and 
ferritic grains resisted failure and formed ductile dimples. Notably, the 
intermetallic chunks exhibited strong interfacial adhesion to the matrix, 
such that failure was initiated only upon their yielding, not by 
debonding. The formation of microcracks introduced numerous stress 
localization sites, accelerating premature failure. Fig. 14(b1) shows that 

Fig. 10. STEM image and corresponding EDS point analysis and EDS line-scan at the fine-grained area surrounding the intermetallic chunks in the reinforced sample 
after annealing at 850 ◦C for 1 h.
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annealing at 850 ◦C led to dissociation and more uniform nucleation of 
Laves phases at grain boundaries, distributing stress localization more 
evenly. Although the Laves phases were refined in size, they remained 
the dominant sites for crack initiation, with microcracks propagating 
into adjacent fine grains. Since fracture requires coalescence of these 
microcracks, failure was delayed. As illustrated in Fig. 14(b2), the 
fracture surface of the annealed sample at 850 ◦C features a mix of brittle 
cleavage facets and ductile dimples.

Fig. 14(c1) shows that annealing at 1050 ◦C, while partially restoring 
tensile strength, does not fully eliminate coarse brittle intermetallic 
phases, which continue to act as dominant fracture initiation sites. 
However, stress relief (evident from hardness measurements) enhances 
strain accommodation under tensile loading, delaying failure. This 
behavior is reflected in the formation of deep dimples, marked by brittle 
rupture at their bases and ductile elongation along coalescence walls.

A comparison of Fig. 14(a-c) with Fig. 14(d) reveals a pronounced 
increase in dimple size and overall deformation prior to failure following 
annealing at 1250 ◦C. As shown in Fig. 14(d1), even with a more uni
form distribution of Laves phases at grain boundaries and triple junc
tions, these phases remain intrinsically brittle at room temperature. 

Consequently, they continue to serve as primary sites for yielding under 
mechanical stress. Fig. 14(d2) highlights their presence embedded 
within ductile dimples on the fracture surface of the 1250 ◦C-annealed 
sample.

4.3. Grain refinement and strengthening mechanisms

Disentangling the precise contribution of different factors to grain 
refinement and strengthening in such a complex, non-equilibrium sys
tem with evolving inhomogeneous compositions during annealing re
mains challenging. Nonetheless, correlating the microstructural 
evidence with the mechanical behavior presented in the earlier sections 
provides valuable insights into the underlying mechanisms. Character
ization indicates that grain refinement in the as-built reinforced sample 
was predominantly localized within Ti-enriched clusters and their sur
rounding regions, while the growth of columnar austenitic grains was 
confined to the inter-cluster spaces. Given the comparable melting 
points of FeTi and Fe2Ti Laves phases with SS316L [61,62] and the 
Scheil graphs in Fig. 1, the intermetallic phases did not serve as het
erogeneous nucleation sites for SS316L. However, their formation in Ti- 
enriched regions restricted the growth of adjacent phases. Moreover, 
their ferrite-stabilizing character promoted the formation of fine ferritic 
grains around the Ti-rich clusters. As discussed earlier, during annealing 
the first recrystallized grains appeared near coarse phases, consistent 
with the activation of the particle-stimulated nucleation (PSN) mecha
nism. PSN occurs as recrystallization initiates within the highly strained 
zones surrounding large particles, with grain growth continuing until 
the stored strain is released [63]. The persistence of grain refinement, 

Fig. 11. TEM images (a-a3) and corresponding SAED patterns, EDS point analysis and EDS line-scan in the reinforced sample after annealing at 1250 ◦C for 1 h.

Table 1 
The results of the LECO test.

Material Oxygen (%)

Non-reinforced SS316L sample 0.0736 ± 0.00664
As-built reinforced SS316L sample 0.0588 ± 0.000709
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even at elevated annealing temperatures, is attributed to local Zener 
pinning exerted by dispersed TiO nanoparticles and fine Laves phases, 
which impede GB migration [64]. According to Zener pinning theory, 
the pinning pressure exerted by a random dispersion of spherical par
ticles with radius r and volume fraction F is given by: 

Pz =
3Fv.γ

2r
(3) 

here “Pz“ is the pinning pressure (force/area) opposing boundary mo
tion, “Fv“ is the particle volume fraction, “r” is the particle radius, and 
“γ” is the GB energy (J⋅m-2). Fan et al. [65] further argued that the mean 
matrix grain size scales linearly with the mean size of second-phase 
particles. Thus, a higher volume fraction of fine Laves phases and TiO 
nanoparticles enhances Zener pinning pressure on GBs, whereas their 
gradual coarsening diminishes this effect.

Multiple strengthening mechanisms contribute to the mechanical 
response of the reinforced SS316. However, due to the continuous 

variability and non-uniform distribution of phases within the matrix, 
these mechanisms are addressed qualitatively in the following discus
sion. Among them, Orowan strengthening, activated by TiO nano
particles, represents one of the primary contributors [66]: 
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Here, “M” is the Taylor factor for 316L, “v” is Poisson’s ratio, “G” is the 
shear modulus, “L” is the interparticle spacing, “b” is the Burgers vector, 
“dp“ denotes the average particle diameter (20-200 nm), and “vp“ rep
resents the volume fraction of the particles. According to the Orowan 
mechanism, an increased particle volume fraction reduces interparticle 

Fig. 12. TEM images and corresponding EDS maps of TiO particles in samples annealed at 850 ◦C (a) and 1250 ◦C (b) for 1  h. (c) Interface analysis of TiO particles 
and FeTi after annealing at 850 ◦C, with (d) FFT, (e) IFFT, and intensity profiles of atomic rows.

M.R. Jandaghi et al.                                                                                                                                                                                                                            Materials & Design 261 (2026) 115192 

13 



Fig. 13. Engineering stress-strain graphs (a), work-hardening rate and true stress vs true strain graphs (b) and Micro-hardness variation (c) in reinforced sample 
following annealing at different temperatures.
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spacing, thereby enhancing Orowan stress (σor), whereas particle 
coarsening diminishes this effect.

Another strengthening contribution in the reinforced SS316L, 
particularly in the as-built condition, arises from the density of GNDs. 
Rapid solidification induces differential contraction between the 
austenitic matrix and intermetallic chunks, generating plastic strain 
incompatibility at their interfaces. The matrix accommodates this 
mismatch through GND formation. The strengthening contribution of 
GNDs to the yield stress (σy) can be expressed by the Taylor relation 
[67]: 

σGND =
̅̅̅
3

√
βGb.( ̅̅̅̅̅̅̅̅̅̅ρGND

√
) (6) 

here, “β” is a geometric constant and “ρGND“ represents the density of 
GNDs. During annealing, GND annihilation reduces their strengthening 
contribution. Given the strong interfacial bonding of Laves phases with 
the surrounding matrix and their predominantly brittle failure, load 
transfer strengthening between the matrix and reinforcement must also 
be considered. The yield strength increment due to the load transfer 
effect can be expressed as [68]: 

σLT =
1
2

υpσm (7) 

where “σm“ is the strength of the SS316L alloy matrix. Due to the 
complex composition and the intertwined phases within the interme
tallic chunks, precise estimation of their volume fraction was not 
feasible. In the reinforced SS316L, resistance to dislocation motion is 
largely governed by GBs, which impede glide due to misorientation 
between adjacent grains. Consequently, grain refinement increases the 
density of these barriers, enhancing the overall strength. This grain size- 

strength relationship is described by the Hall-Petch equation [69]: 

σHP = σ0 + kd− 1/2 (8) 

Here, “σ0” denotes the friction stress in the absence of GBs, “k” is the 
Hall-Petch constant representing the stress required to activate plastic 
flow at a GB, and “d” is the grain size. Annealing modifies the grain size 
contribution to strengthening by refining coarse columnar grains located 
between Ti-rich clusters while promoting slight coarsening of grains 
adjacent to intermetallic chunks. The room-temperature yield strength 
of the reinforced alloy after annealing at different temperatures can be 
estimated as the root mean square of the contributing strengthening 
mechanisms [66]: 

σy = σmatrix +
̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅
σor

2 + σHP
2 + σGND

2 + σLT
2

√
(9) 

It should be noticed that contribution of the ferritic grains as well as 
precise volume fraction of the FeTi and Laves phases, were not consid
ered, which may influence the presented equation.

Given the broad range of applications of SS316L due to its excep
tional corrosion resistance, it is essential to investigate how the observed 
phase transformations influence the material’s response in corrosive 
environments. Therefore, CPP and EIS measurements were conducted 
on the reinforced samples, and the vulnerable regions within these 
samples under exposure to aggressive environments were explored in 
the following.

4.4. Corrosion behavior

Significant phase transformations and variations in phase size and 
distribution were expected to markedly influence the electrochemical 

Fig. 14. Stereo-micrographs of the fracture surfaces (a-d) and corresponding SEM images taken from side section (a1-d1) and fracture surface (a2-d2) of the as-built 
reinforced sample (a-a2) and after annealing at 850 ◦C (b-b2), 1050 ◦C (c-c2) and 1250 ◦C (d-d2), respectively.
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behavior and corrosion kinetics of the alloy. The results from CPP 
measurements are presented in Fig. 15, and the computed Ecorr and Icorr 
values are reported in Table 2. In the as-built reinforced sample, the Ecorr 
shifted toward less noble, more negative values compared to SS316L, 
with further shifts observed at elevated annealing temperatures. These 
changes reflect alterations in phase distribution and are accompanied by 
corresponding variations in corrosion kinetics, as indicated by Icorr. The 
CPP curve of the as-built reinforced sample (exhibiting the lowest Icorr 
and thus the lowest corrosion rate) was the only one to display a passive 
region on the anodic branch, extending up to ~ 240 mV above Ecorr. Our 
previous work has shown that high stored energy and a uniform distri
bution of fine surface grains promote the formation of a stable passive 
layer, enhancing adhesion and resistance to ion penetration [70]. This 
passive behavior typically appears as a plateau in the anodic branch, 
where current remains constant despite increasing overpotential. 
However, in this case, the anodic branch reveals metastable pitting, 
evidenced by multiple current spikes between − 100 mV and + 200 mV 
vs Ag/AgCl (Fig. 15), indicating imperfect passivation [71]. Micro
structurally, the as-built reinforced sample comprises Ti-rich Laves 
phases surrounded by fine ferritic grains within an austenitic matrix. 
While fine grains support passive layer formation, coarse intermetallic 
chunks remain highly susceptible to corrosion, correlating with the 
current peaks observed in the CPP curve. Upon annealing, dissociation 
and redistribution of Laves phases reduce these peaks, resulting in 
smoother polarization curves and diminished hysteresis between pitting 
and protection potentials. However, this transition also leads to stable 
pitting and a marked increase in current density and corrosion rate, with 
the 1250 ◦C-annealed sample exhibiting the highest degradation. The 
passive regions progressively shrink or vanish with increasing annealing 
temperature, limited to narrow overpotential ranges. All samples show 
hysteresis in the anodic branch, confirming imperfect passivation. 
Accelerated corrosion kinetics post-annealing arise from a combination 
of detrimental effects. Austenitic stainless steels rely on a Cr-rich (Cr2O3) 
passive layer for corrosion resistance, but annealing promotes Ti diffu
sion, ferrite formation, and local Cr depletion in the austenitic phase, 
increasing pitting susceptibility. Additionally, Ti segregation at grain 
boundaries and Laves phase formation at these sites heightens vulner
ability to intergranular corrosion (IGC). The increased presence of TiO 
particles at higher annealing temperatures may further exacerbate 
corrosion, as their distinct electrochemical potential relative to the 
matrix makes them preferential sites for pitting. Grain growth and 
reduced stored energy during annealing also render these regions more 
susceptible to aggressive ion attacks.

To evaluate the effectiveness of the superficial oxide layer in 

promoting passivity, EIS measurements were performed on all samples, 
with results presented as Bode plots in Fig. 16 as Bode plots. At high 
frequencies (above 104 Hz), all samples exhibit resistive behavior, all 
samples exhibit resistive behavior, corresponding to the solution resis
tance. As frequency decreases, both the impedance modulus and phase 
angle increase, reflecting the response of the superficial oxide layer. In 
this intermediate frequency range, all samples display pseudo-capacitive 
behavior, with phase angles ranging from -80◦ to -60◦, depending on the 
sample. At low frequencies (<1 Hz), the phase angle gradually declines, 
indicating a transition from capacitive to resistive-like behavior.

The impedance magnitude of the specimens closely follows the trend 
observed in the CPP curves. The as-built reinforced sample exhibits the 
highest impedance modulus, exceeding 105 Ω⋅cm2, while annealing 
progressively reduces this value, consistent with the decline in corrosion 
resistance. As confirmed by potentiodynamic measurements, the as-built 
reinforced sample demonstrates superior corrosion resistance compared 
to SS316L, whereas elevated annealing temperatures accelerate corro
sion rate. To further elucidate the corrosion mechanism, the impedance 
spectra were fitted using equivalent electrical circuit (EEC) models. 
Based on the spectral profiles, a single-time-constant circuit (Fig. 17(a)) 
was applied to the SS316L and as-built reinforced samples, while a two- 
time-constant circuit (Fig. 17(b)) was used for the annealed specimens. 
These models reflect distinct behaviors of the superficial oxide layer. In 

Fig. 15. CPP curves acquired on the samples in 3.5 wt% NaCl solution. The 
scan direction is indicated by black arrows.

Table 2 
Ecorr and Icorr values computed for all samples by means of Tafel extrapolation 
from CPP measurements.

Ecorr 

[mV vs Ag/AgCl]
Icorr 

[nA⋅cm− 2]

SS316L − 115 ± 6 138.0 ± 79.8
TiMn-As built − 146 ± 8 17.9 ± 5.2
TiMn-850 ◦C − 214 ± 30 77.9 ± 44.1
TiMn-1050 ◦C − 252 ± 67 145.2 ± 46.8
TiMn-1250 ◦C − 319 ± 41 587.1 ± 229.8

Fig. 16. Impedance spectra, reported as Bode plots, acquired on the samples in 
3.5 wt% NaCl solution. The markers represent the experimental points, while 
the continuous line represents the EEC model.
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the single-time-constant configuration, the circuit comprises a solution 
resistance (Rs) in series with a parallel combination of R1 and CPE1, 
representing the oxide layer. For the annealed samples, the more het
erogeneous nature of the oxide (arising from phase redistribution) 
necessitated a two-time-constant model. This circuit includes Rs, fol
lowed by a parallel CPE2-R2 pair in series with R1 and CPE1, capturing 
the layered and spatially varied oxide response. Fitting results are shown 
in Fig. 16 as continuous lines overlaid on the experimental data, and the 
extracted circuit parameters are listed in Table 3.

Analysis of the computed R1 values, representing the superficial 
oxide layer, reveals a substantial decline from 2.52 × 105 Ω⋅cm2 for the 
as-built reinforced sample to 3.36 × 103 Ω⋅cm2 after annealing at 
1250 ◦C. This reduction is accompanied by an increase in Q1 and a 
decrease in n1, indicating diminished protective behavior of the oxide 
layer. In contrast, the low-frequency parameters R2 and Q2 show no 
consistent trend with annealing temperature and contribute minimally 
to the overall impedance response, with R2 consistently less than half of 
R1. Their role in the EEC model is therefore attributed to surface het
erogeneities arising from phase distribution, rather than representing 
distinct oxide layers. This interpretation is supported by SEM imaging 
following CPP measurements, which reveal the morphology of 
corrosion-induced degradation. As shown in Fig. 18(a), the as-built 
sample exhibits preferential attack on Ti-rich regions (red arrows), 
while the austenitic matrix remains largely unaffected. The increased 
prevalence of these domains in heat-treated samples correlates with 
accelerated corrosion kinetics and reduced impedance modulus. Addi
tionally, oxide particles precipitated during annealing (yellow arrows in 
Fig. 18(b)) disrupt the continuity of the superficial oxide layer, serving 
as preferential sites for localized corrosion.

To identify corrosion-prone regions, FIB-SEM images of ion-etched 
surfaces were compared with SEM images of chemically etched sam
ples (as described in the experimental section). As shown in Fig. 19(a, b), 
the as-built sample experienced pronounced corrosion in ultrafine re
gions, while the surrounding austenitic matrix remained largely unaf
fected. Post-annealing at 850 ◦C revealed refined grains and the 
emergence of numerous Laves phases at GBs, highlighted by yellow 
arrows in Fig. 19(c) and white contrast in Fig. 19(d). Following 
annealing at 1050 ◦C (Fig. 19(e, f)), transitional Laves phases at GBs 
were eliminated, and corrosion localized around fine Laves phases 
formed near initial agglomeration sites. These phases, being less noble 
than the austenitic matrix, intensified corrosion degradation, consistent 
with the observed decline in impedance modulus.

At 1250 ◦C (Fig. 19(g, h)), although the size of primary Laves phases 

(red arrows) was reduced, new interfacial Laves phases formed at GBs 
(yellow arrows), accompanied by a high density of TiO particles. The 
interface between ferritic grains, TiO particles, and the austenitic matrix 
introduces discontinuities in the superficial chromium oxide layer, 
rendering these regions highly susceptible to localized corrosion. The 
combined presence of Laves phases and TiO particles thus synergistically 
compromises the corrosion resistance of Ti-Mn co-inoculated SS316L.

5. Conclusions

In this study, Ti and Mn were co-inoculated into SS316L via LPBF in- 
situ alloying to promote grain refinement. Reinforced samples were 
subsequently annealed at 850 ◦C, 1050 ◦C, and 1250 ◦C for 1 h. 
Microstructural evolution was systematically characterized and corre
lated with mechanical performance and corrosion behavior. The key 
findings are summarized below: 

• Thermodynamic simulations predicted the emergence of ferritic 
domains and Laves phases when local Ti concentrations exceeded 5- 
15 wt%. Co-addition of Mn was found to mitigate solidification 
cracking during printing.

• Local Ti enrichment led to heterogeneous grain refinement and the 
formation of FeTi and C14 Laves phase-rich zones, surrounded by 
fine ferritic grains within an austenitic matrix. Post-build annealing 
promoted dissociation of these complexes, transforming coarse pri
mary Laves phases into fine interfacial layers at grain boundaries and 
triple junctions. Elevated annealing temperatures enhanced Ti 
diffusion, phase breakdown, and TiO nanoparticle dispersion, 
resulting in more uniform grain refinement and ferrite formation.

• Tensile testing revealed that failure in the as-built reinforced sample 
originated from coarse brittle Laves phases, despite intact interfaces 
with the matrix. Annealing at 850 ◦C modestly improved UTS and 
elongation to rupture (%El). Annealing at 1050 ◦C and 1250 ◦C 
significantly increased %El to 35 %, with only a slight reduction in 
UTS (from 650 MPa to 610 MPa). Despite phase refinement at 
1250 ◦C, fracture still initiated at Laves phases, as evidenced by their 
brittle morphology within ductile dimples. Increasing annealing 
temperature narrowed hardness variation and reduced average 
hardness.

• Electrochemical analysis (CPP, EIS) and SEM imaging revealed that 
Ti-enriched zones in the as-built sample were highly prone to 
corrosion. Although the reinforced sample exhibited a lower average 
corrosion rate, annealing-induced phase transformations increased 
corrosion susceptibility, particularly at phase interfaces. Therefore, 
despite its grain-refining benefits, Ti addition to austenitic stainless 
steel compromises corrosion resistance and is not recommended.
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Fig. 18. SEM images of the reinforced sample in the as-built condition (a) and after annealing at 1250 ◦C (b), taken following the CPP tests. Preferential corrosion 
sites are indicated by colored arrows.

Fig. 19. FIB-SEM images (first column) before chemical etching and SE-SEM images (second column) after etching for the as-built reinforced sample (a, b) and after 
annealing at 850 ◦C (c, d), 1050 ◦C (e, f), and 1250 ◦C (g, h), respectively.
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