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A B S T R A C T

This study investigates the microstructure, tensile, and fatigue behavior of post-aged powder bed fused-laser 
beam (PBF-LB) Al2139ZrTi alloy, developed by EOS North America. The microstructure exhibits an equiaxed 
grain structure with an average grain size of approximately 1.5 µm and lacks any strong crystallographic texture. 
It also contains a dense dispersion of fine, uniformly distributed precipitates including: (i) Al3(Zr,Ti) dispersoids 
with L12-type structure, acting as semi-coherent nucleation sites that contribute to grain refinement; (ii) a unique 
Al3(Zr,Ti) plate-like phase, further confirming Zr–Ti-driven modification of precipitation pathways; (iii) Al 
(CuFeMn) and Al(MnCu) intermetallics, notably Al7Cu2 (Fe,Mn) and Al20Cu2Mn3(T-phase), and (iv) Mg oxides, 
pointing to minor oxidation during processing. Notably, Al2Cu-based θ′ and Ω phases are sparse, with only coarse 
θ-phase particles (~0.5–1 µm) at grain boundaries and fine plate-like Ω-phase (~tens of nm thick) along the 
[100] zone axis. Mechanical properties were evaluated via tensile testing, yielding ~ 470 MPa yield stress (YS), 
~570 MPa ultimate tensile strength (UTS), and ~ 6.5 % elongation. Conventional (servo-hydraulic) and ultra
sonic fatigue tests were performed to cover high cycle and very high cycle fatigue responses spanning up to 109 

cycles. Fractographic analyses, including optical and electron microscopy techniques, were carried out to 
quantify the crack initiation mechanisms in the mentioned regimes.

1. Introduction

2XXX series aluminum alloys, such as Al2139, developed by the 
National Aeronautics and Space Administration (NASA) [1], are among 
the top choices for aerospace and defense applications due to their su
perior damage tolerance, high strength-to-weight ratio, excellent ther
mal conductivity, and corrosion resistance [2–5]. Despite these 
advantages, processing aluminum via laser-based additive 
manufacturing (AM) processes such as powder bed fusion–laser beam 
(PBF-LB) presents challenges due to its high laser reflectivity, rapid heat 
dissipation, solidification cracking, and oxidation sensitivity [6–8]. 
Hydrogen absorption, poor powder flowability, and gas-induced powder 
disruption further promote porosity, while the presence of a stable oxide 

layer on aluminum powder particles complicates fusion, acting as a 
barrier to complete melting and promoting defect nucleation [9,10]. 
Additionally, the high laser power needed to mitigate such issues risks 
the evaporation of key strengthening elements such as Mg and Zn, 
compromising the alloy’s mechanical performance [11,12]. Nonethe
less, advancements in process optimization, powder modification, and 
heat treatment strategies have enabled the successful fabrication of PBF- 
LB Al2139ZrTi with optimal properties.

Heat treatment is a critical post-processing step for PBF-LB 
Al2139ZrTi, governing the precipitation kinetics and resulting me
chanical properties. In conventional 2XXX series aluminum alloys, a T8 
temper, comprising solution treatment, cold working, and artificial 
aging, is often required to introduce dislocations that serve as nucleation 
sites for optimal strengthening precipitates [13,14]. This promotes a 
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high number density of small, dispersed precipitates by favoring 
nucleation over growth, leading to a more effective strengthening 
response. This is particularly important for alloys where the primary 
strengthening phase, such as θ’ (Al2Cu), has a high nucleation energy 
barrier, making homogeneous precipitation difficult. However, the 
presence of Mg and Ag in Al2139 alters this behavior by facilitating the 
formation of Mg-Ag co-clusters upon quenching, which act as prefer
ential nucleation sites for the Ω-phase (Al2Cu) on {111} planes, enabling 
peak strength to be achieved without mechanical deformation [15,16]. 
In the modified Al2139ZrTi alloy, the addition of Zr and Ti further re
fines precipitation kinetics. During rapid solidification in PBF-LB, a 
portion of Zr forms primary aluminides that promote grain refinement, 
while the remaining Zr and Ti remain in solid solution. Upon heat 
treatment, these elements precipitate as nanoscale Al3(Zr,Ti) disper
soids, which serve as effective heterogeneous nucleation sites, altering 
the precipitation pathway [17,18]. This refined precipitation sequence, 
facilitated by rapid solidification and tailored heat treatment, enhances 
strength, stabilizes the microstructure, and reduces grain boundary 
precipitation, making Al2139ZrTi a promising candidate for high- 
performance applications.

In PBF-LB of high-strength aluminum alloys, the formation of coarse 
columnar grains is another challenge, which exacerbates hot tearing due 
to their restricted ability to accommodate thermally induced stresses 
[4,6]. A proven strategy to mitigate this issue is grain refinement, as 
equiaxed grains disrupt the continuity of thin liquid films during solid
ification and reduce local thermal gradients, thereby enhancing the 
material’s resistance to cracking [3,19]. While Sc-based refiners can be 
used to refine grains in AM aluminum alloys [20,21], Zr and Ti additions 
have demonstrated similar effectiveness in grain refinement by forming 
Al3(Zr,Ti) dispersoids, which act as potent nucleation sites in the melt 
pool [22,23]. This approach has been successfully applied in PBF-LB of 
Al-Cu-Mg alloys, significantly refining grain size and suppressing hot 
tearing [20,21]. In Al2139ZrTi, the in-situ formation of Al3(Zr,Ti) dis
persoids during rapid solidification refines the grain structure and en
hances microstructural stability, making it a viable and cost-saving 
alternative to Sc-based grain refinement strategies.

Recent studies have advanced our understanding of the microstruc
tural evolution and mechanical properties of AM Al2139 and its vari
ants. Larini et al. [20] studied a Zr and Ti-modified Al2139 processed via 

PBF-LB, demonstrating that these elements refine the microstructure, 
eliminating hot cracking and promoting an equiaxed grain structure 
with grain sizes ranging from 300 to 600 nm at the melt pool boundaries 
and 800 nm to 2.0 µm at the center. A full transition from columnar to 
equiaxed grains was reported and attributed to the synergistic effect of 
Zr and Ti additions. An optimized T4 heat treatment increased the 
microhardness from 109.7 HV (as-built) to 186.1 HV, while prolonged 
thermal exposure led to overaging and solute (Cu and Mg) segregation, 
reducing hardness. Elambasseril et al. [24] investigated hot tearing and 
mechanical properties in PBF-LB Al2139, demonstrating that increasing 
the volumetric energy density (VED) above 1000 J/mm3 significantly 
reduced cracking but at the cost of Mg evaporation, which altered the 
alloy’s strengthening response. The study further analyzed the effect of 
AlTiB grain refiners, which reduced hot tearing susceptibility by up to 6 
% but did not fully transform the grain morphology into an equiaxed 
structure. The as-built material exhibited a predominantly columnar 
grain structure, while the introduction of AlTiB led to partial refinement, 
reducing grain size but not achieving a fully equiaxed microstructure. 
Mechanical testing revealed that the T6-treated PBF-LB Al2139 exhibi
ted a yield stress of 350 MPa and an ultimate tensile strength (UTS) of 
450 MPa, which, while comparable to cast counterparts, remained lower 
than wrought Al2139-T8 standards. Rees et al. [25] investigated hot 
cracking and porosity evolution in PBF-LB Al2139 with/without TiB2 
additions using in situ synchrotron X-ray imaging. TiB2 reduced the 
volume fraction of hot cracks by up to 79 % at an optimized VED of 
1250 J/mm3, whereas at higher VEDs (5000 J/mm3), the reduction was 
limited to 52 %. Crack propagation rates ranged from 76 to 110 mm/s, 
with cracks reaching lengths of 106–110 μm at the end of the melt track. 
Despite reducing cracking, TiB2 additions increased porosity, particu
larly at high VEDs, due to oxide redistribution and gas entrapment near 
the melt track edges. Brice et al. [11,15] examined Al2139 fabricated via 
directed energy deposition (DED), providing valuable insights into 
precipitation behavior. Their work revealed that Mg evaporation during 
processing significantly reduced Ω-phase (Al2Cu) formation, affecting 
mechanical performance. The peak-aged yield strength (321 MPa) and 
UTS (430 MPa) reported by Brice et al. [15] were comparatively low for 
Al2139 alloys produced, which was attributed to a lower number den
sity of Ω-phase precipitates limiting the precipitation strengthening 
response. Brice et al. [11] further analyzed Mg loss during electron beam 

Nomenclature

AM Additive Manufacturing
ASTM American Society for Testing and Materials
BF Bright Field
BSE Backscattered Electron
cdf or FY|x Cumulative Distribution Function
DED Directed Energy Deposition
DF Dark Field
EBSD Electron Backscatter Diffraction
EDS Energy Dispersive Spectroscopy
FGA Fine Granular Area
FCC Face-centered cubic
HAADF High-Angle Annular Dark Field
HCF High Cycle Fatigue
HR-TEM High-Resolution Transmission Electron Microscopy
IPF Inverse Pole Figure
LoF Lack of Fusion
MRD Multiple of Random Distribution
NASA National Aeronautics and Space Administration
PBF-LB Powder Bed Fusion-Laser Beam
PSD Particle Size Distribution
R Stress Ratio (σmin/σmax)

SAED Selected Area Electron Diffraction
SE Secondary Electron
SEM Scanning Electron Microscopy
SIF Stress Intensity Factor
S-N Stress Amplitude – Fatigue Life
TEM Transmission Electron Microscopy
USF Ultrasonic Fatigue
UTS Ultimate Tensile Strength
VED Volumetric Energy Density
VHCF Very High Cycle Fatigue
XCT X-ray Computed Tomography
YS Yield Strength
σa Stress Amplitude
σ’f Fatigue Strength Coefficient
b Fatigue Strength Exponent
Nf Number of Cycles to Failure
√area Square Root of Projected Defect Area
Kd Stress Intensity Factor of Killer Defect
Sa Applied Stress Amplitude
μXl

Mean of the Fatigue Limit Distribution,
σY Standard Deviations of the Fatigue Life
σXl Standard Deviations of the Fatigue Limit Distribution
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DED, finding that up to 65 % of Mg evaporated, shifting precipitation 
toward the θ′-phase, which weakened the alloy. These findings highlight 
the critical role of composition control and process optimization in 
retaining alloying elements, influencing the mechanical performance of 
AM Al2139.

Despite the growing interest in AM Al2139, research on this alloy 
remains limited, with most existing studies focusing on mechanical 
properties (e.g., microhardness), while detailed microstructural evolu
tion and fatigue behavior remain largely unexplored. Given the potential 
application of Al2139 in aerospace industries, where cyclic loading can 
lead to fatigue failure, a comprehensive understanding of its micro
structure, defect characteristics, and mechanical behavior under static 
and cyclic loading (i.e., fatigue performance) is critical. Critical aspects 
such as grain morphology, defect distributions, precipitation behavior, 
and their influence on the mechanical and fatigue properties of Al2139 
are largely unexplored. Therefore, this study aims to bridge these gaps 
by conducting the first detailed investigation on the microstructural 
evolution and the mechanical properties of Zr- and Ti-modified PBF-LB 
Al2139 alloy (i.e., Al2139ZrTi), covering quasi-static tensile perfor
mance as well as high cycle fatigue (HCF) and very high cycle fatigue 
(VHCF), i.e., beyond 107 cycles, response. Advanced microstructural 
characterization techniques, including scanning electron microscopy 
(SEM) and transmission electron microscopy (TEM), will provide in
sights into grain structure, size, morphology, and crystal structure of 
various precipitates, while X-ray computed tomography (XCT) will 
enable three-dimensional defect analysis and its influence on fatigue 
behavior. Additionally, SEM-based fractography analyses will identify 
critical defect types and their correlation with fatigue life, providing key 
insights into crack initiation, propagation, and fatigue failure mecha
nisms in PBF-LB Al2139ZrTi for the first time. By systematically linking 
microstructure, AM-caused defects, and fatigue performance (up to 109 

cycles), this study aims to provide critical insights into the process- 
structure–property relationships of PBF-LB Al2139ZrTi, establishing 
foundational insights to optimize AM processing strategies for high- 
performance structural applications.

2. Materials and methods

2.1. Material processing and preparation

The material investigated in this study is EOS Aluminum Al2139 AM, 
or Al2139ZrTi, a high-strength Zr- and Ti-modified Al-Cu alloy devel
oped by EOS North America, optimized for the PBF-LB process. The 
Al2139ZrTi powder with a particle size distribution (PSD) ranging from 
20 to 63 μm is produced through gas atomization. The morphology of 
the Al2139ZrTi powder particles is illustrated in an SEM micrograph in 
Fig. 1. The image highlights the spherical nature of the particles, which 
contributes to optimal flowability and uniform layer deposition during 
the PBF-LB processing. The chemical composition of the powder is 
modified from Aluminum Association Teal Sheet specifications for Al2139 
[26], with primary alloying elements including Cu, Mg, Ag, and Mn, 
along with trace metallic additions. The nominal and measured com
positions of the EOS Al2139ZrTi alloy are listed in Table 1 [27]. The 
specimens were fabricated using an EOS M400-4 PBF-LB 3D printer. The 
printing process was carried out under an argon atmosphere with a build 
platform temperature of 175 ◦C to minimize residual stress. The printing 
process parameters are listed in Table 2. Following PBF-LB processing, 
all specimens underwent a post-aging heat treatment corresponding to 
the T4 condition. The heat treatment schedule included solution 
annealing at 490 ◦C for 45 min, followed by water quenching and nat
ural aging for 72 h at room temperature (25 ◦C). The T4 condition was 
selected over artificial aging (e.g., T6) to preserve higher ductility while 
still achieving significant strength, providing a favorable 
strength–ductility balance. All tests and characterization were con
ducted on specimens in this heat-treated condition.

2.2. Microstructural characterization

Following PBF-LB processing and post-aging, samples of PBF-LB 
Al2139ZrTi were prepared for microstructural investigation using 
various metallographic procedures. The microstructural analysis was 
conducted using a multi-step methodology. Initial observations were 
performed using a digital autofocused microscope. Then, SEM and TEM 
were utilized for high-resolution imaging to quantify the size, shape, and 
morphology of the ultrafine grains and precipitates. The grain structure 
and texture were investigated through electron backscatter diffraction 
(EBSD) analysis, and the chemical composition of the fine precipitates 
was analyzed through TEM-based energy dispersive spectroscopy (EDS).

SEM imaging and EBSD analyses were performed using a Hitachi SU- 
70 field emission SEM equipped with a Bruker Quantax eFlashHD EBSD 
detector. Electrolytic polishing was conducted for EBSD sample prepa
ration using a 30 % HNO3 in methanol solution at − 30 ◦C with an 
applied voltage of 20 V. Backscattered electron (BSE) imaging was 
carried out at an acceleration voltage of 10 kV, while EBSD data were 
collected at 25 kV. The EBSD maps covered areas of 320 × 240 µm with a 
step size of 250 nm for global analysis and 50 × 38 µm with a step size of 
100 nm for detailed examination. Data processing and phase identifi
cation were conducted using Bruker Esprit 2.3 Software.

TEM analysis was carried out using an FEI Tecnai TF20 X-TWIN field 
emission gun microscope operating at 200 kV. Thin foils were prepared 
by grinding to ~ 100 µm thickness, followed by twin-jet electropolishing 
using a Struers TenuPol device in a 30 % HNO3 methanol solution at 
− 35 ◦C. High-resolution TEM (HR-TEM), dark field (DF) imaging, bright 
field (BF) imaging, selected area electron diffraction (SAED), and EDS 
were performed for detailed microstructural understanding.

X-ray computed tomography (XCT) analysis was carried out at the J- 
Tech@PoliTO laboratories to investigate the three-dimensional distri
bution of defects, as well as pore morphology and size variation, within 
the PBF-LB Al2139ZrTi samples. The scans were performed using a high- 
resolution tomography system equipped with a 300 kV X-ray source 
featuring a minimum focal spot size of 5 μm. During the scans, the 
specimen was positioned 40  mm from the source, while the detector was 
placed at 1500  mm, resulting in a spatial voxel resolution of approxi
mately 5.3 μm. The system operated at a nominal power of 11.2  W, 
generated by applying 160  kV and 70 μA. A 200 μm-thick copper filter 
was employed to attenuate low-energy X-rays and enhance image 

Fig. 1. SEM image of gas atomized EOS Aluminum Al2139ZrTi AM powder.
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contrast. Image acquisition was performed using a flat panel detector 
with a resolution of 2048 × 2048 pixels. Volumetric reconstruction of 
the scanned specimens was conducted using VG Studio software (VG 
MAX 3.5, Volume Graphics GmbH, Heidelberg, Germany), employing a 
filtered back projection algorithm. Defect identification and quantifi
cation were carried out using the integrated porosity analysis module, 
which applies contrast threshold-based image segmentation to accu
rately characterize the distribution and morphology of internal pores.

2.3. Quasi-static uniaxial tensile testing

Uniaxial tensile tests were conducted following the ASTM E8 stan
dard [28] to extract the strength, Young’s modulus, and elongation 
values of the studied material. A servo-hydraulic MTS system with 100 
kN load capacity was employed to run the tensile tests. The tensile load 
was applied vertically (i.e., parallel to the build direction) at 10− 3 s− 1 of 
uniform strain rate. Following the tensile tests, the failed specimens 
were meticulously examined to understand their fracture mechanisms. 
The fractured surfaces were kept intact to preserve their original con
dition for analysis. This examination involved optical microscopy and 
SEM-based fractography utilizing an FEI Quanta 3D FEG SEM.

2.4. Conventional (servo-hydraulic) and ultrasonic fatigue testing

Conventional fatigue tests were conducted using an Instron servo- 
hydraulic test machine with a 100-kN load capacity. The tests fol
lowed the ASTM E466 standard [29], applying fully reversed (R = − 1) 
load-controlled conditions at room temperature. A fixed testing fre
quency of 10 Hz was maintained. Before testing, all machined specimens 
were meticulously polished using silicon carbide sandpapers up to 7000 
grit to achieve a mirror-finish, scratch-free surface. A sinusoidal 

waveform was applied, and testing continued until specimen failure or 
up to 5 million cycles, which was set as the runout threshold. Following 
the fatigue tests, fractographic analysis was conducted using a Keyence 
VHX-600 Digital Microscope and an FEI Quanta 3D FEG SEM to inves
tigate crack initiation and propagation mechanisms.

Fatigue response beyond 107 cycles, VHCF regime, was assessed 
using a Shimadzu ultrasonic fatigue (USF) testing system (USF-2000A), 
operating at a loading frequency of 20 kHz to enable accelerated fatigue 
testing within a reasonable timeframe. The specimens were designed 
with an hourglass geometry tailored to Young’s modulus (74 GPa) and 
density (2.84 g/cm3) of the Al2139ZrTi alloy (specimen geometry and 
dimensions are provided in Fig. 2). To rule out the effect of surface 
roughness, all machined specimens were meticulously polished using 
silicon carbide sandpapers ranging from 3000 to 7000 grit. During 
testing, specimen temperature was monitored using an infrared laser 
thermometer, with a threshold of 40 ◦C to prevent thermal effects. To 
mitigate self-heating, compressed air was directed at the gauge region, 
and an intermittent driving sequence (pulse duration: 300 ms, pause: 
200 ms) was implemented. The applied stress amplitude was determined 
based on tensile and conventional fatigue test results. Fatigue failure 
was detected through resonance frequency monitoring, with a frequency 
drop of 19.5 kHz, indicating specimen failure. Post-testing fractography 
was similarly carried out to analyze crack initiation and propagation 
mechanisms in the VHCF domain.

3. Results and discussion

3.1. Microstructure evolution in post-aged PBF-LB Al2139ZrTi

Fig. 3 presents large-area EBSD grain size maps from macroscopically 
distinct regions of the studied PBF-LB Al2139ZrTi alloy: a dense region 
(Fig. 3a) and a more porous region (Fig. 3b) viewed on the plane parallel 
to the build direction. These maps span multiple melt layers, capturing 
both interfacial zones and layer interiors. The average grain sizes (i.e., 
the arithmetic mean grain size, where each grain contributes equally 
regardless of its area) were 1.58 ± 0.80  µm and 1.71 ± 0.84  µm, 
respectively. Across all EBSD scans conducted, covering various regions 
and orientations, the average grain size consistently remained below 2 
µm. Grains larger than 2.5  µm were rarely observed, and occasional 
grains approaching ~ 5  µm appeared randomly, without clustering in 
specific locations. These closely aligned values confirm a high degree of 
grain size uniformity across the build, regardless of porosity level or 
position.

Fig. 4 presents a representative EBSD-based view of the 

Table 1 
Nominal and measured compositions (wt.%) of the EOS Al2139ZrTi alloy [27].

Element Cu Mg Ag Mn Fe Zr Ti

Nominal 4.5–5.5 > 0.8 0.15–0.60 0.2–0.6 <0.15 Zr + Ti < 4.0
Measured 5.47 1.59 0.57 0.49 0.08 1.00 0.90

Table 2 
The PBF-LB process parameters for EOS Aluminum Al2139ZrTi.

Process parameter Value

3D printer EOS M400-4
Laser power 350–400 W
Laser speed 1000–1500 mm/s
Layer thickness 50 µm
Hatch distance 0.10–0.12 mm
Volume rate 4 × 5.0 mm3/s
Minimum wall thickness 0.4 mm
Shielding gas Argon
Build platform temperature 175 ◦C

Fig. 2. Hourglass specimen geometry and dimensions for USF testing of Al2139ZrTi. All dimensions are in mm.
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microstructure, highlighting grain morphology, crystallographic orien
tation, and texture across orthogonal planes. The reference cube in the 
figure illustrates the spatial orientation: the Z-axis corresponds to the 
build direction, while the X- and Y-axes define the scanning plane during 
laser exposure. Based on this, the XY plane represents the horizontal 
plane parallel to the build plate, and the XZ plane represents a vertical 
cross-section along the build direction. The inverse pole figure (IPF) 
maps of the XY plane (Fig. 4a) and XZ plane (Fig. 4b) both reveal a 
uniform, equiaxed grain morphology. The average grain size measured 
on the XY plane is 1.53 ± 0.61 µm, and on the XZ plane is 1.68 ± 0.62 
µm. No evidence of columnar grains is observed, even in the XZ plane 

aligned with the build direction, indicating a complete columnar-to- 
equiaxed transition, a feature attributed to the grain refinement effect 
of Zr and Ti, which promotes the formation of Al3(Zr,Ti) dispersoids 
during solidification. Another plausible explanation for the observed 
refined and uniformly equiaxed grain structure and weak crystallo
graphic texture is recrystallization during the post-aging heat treatment. 
The solution treatment temperature used in this study exceeds the 
typical recrystallization temperature of aluminum, and the elevated 
dislocation density and residual stresses introduced by the PBF-LB pro
cess can further lower this threshold.

Crystallographic orientation analysis using the (111) pole figure 

Fig. 3. Large-scale EBSD grain size maps acquired from macroscopically distinct regions of the studied PBF-LB Al2139ZrTi alloy on a plane parallel to the build 
direction: (a) a dense region (average grain size: 1.58 ± 0.80 µm); (b) a porous region (average grain size: 1.71 ± 0.74 µm).

S.I. Shakil et al.                                                                                                                                                                                                                                 International Journal of Fatigue 202 (2026) 109245 

5 



(Fig. 4c) reveals a weak and diffuse texture in the XZ plane, indicative of 
the absence of strong preferential alignment of the crystals. This is 
confirmed by the low multiples of random distribution (MRD) values 
observed on the pole figure scale, confirming the near-random crystal
lographic orientation. Such minimal texture suggests a low degree of 
anisotropy, which is beneficial for structural applications where 
isotropic mechanical behavior is desired. The grain size distribution 
extracted from EBSD is shown in Fig. 4d, comparing the grain size 
profiles in the XY and XZ planes. Both planes exhibit nearly 

indistinguishable grain-size distributions (Fig. 4d), consistent with the 
average values reported above (average grain size of 1.53 ± 0.61 µm on 
the XY plane and 1.68 ± 0.62 µm on the XZ plane) and confirming 
uniform refinement with negligible anisotropy. Therefore, the EBSD 
results demonstrate that the combination of rapid solidification in PBF- 
LB and post-aging heat treatment in Al2139ZrTi produces a stable, 
uniformly equiaxed microstructure with refined grains, weak texture, 
and minimal directional dependence.

The TEM microstructure observed in the studied PBF-LB Al2139ZrTi 

Fig. 4. EBSD analysis confirmed uniform grain size in both horizontal and vertical directions, regardless of location within the layers, on post-aged PBF-LB 
Al2139ZrTi: (a) IPF map of the XY plane; (b) IPF map of the XZ plane showing equiaxed morphology; (c) (111) pole figure from the XZ plane confirming weak 
crystallographic texture; (d) grain size distribution plots for XY and XZ planes with most grains falling between 0.5 and 2.0 µm.
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alloy indicates a distinct precipitation behavior, diverging from con
ventional Al-Cu-Mg-Ag alloys. Fig. 5 presents a detailed TEM charac
terization of the alloy, illustrating both bright field (BF) and high-angle 
annular dark field (HAADF) microstructures, alongside corresponding 
EDS elemental maps in the lower panels, revealing a dense dispersion of 
fine, uniformly distributed precipitates with compositional variations. 
The identified precipitates include: (i) Al3(Zr,Ti) dispersoids – these fine, 
semi-coherent or coherent precipitates, equiaxed shaped with L12-type 
structure, form due to the presence of Zr and Ti, acting as potent 
nucleation sites and contributing to grain refinement; (ii) elongated or 
plate-like Al3(Zr,Ti) precipitates – also exhibiting an L12-type structure, 
these particles are likely a distinct morphological variant formed under 
different local Zr/Ti ratios (elongated particles generally displayed a 
higher local Zr/Ti ratio compared to the equiaxed ones); (iii) Al 
(CuFeMn) and Al(MnCu) precipitates – these appear to be present in 
significant fractions, but at the same time are evenly distributed, form
ing as intermetallic phases that can impact mechanical performance; 
phases like Al7Cu2(Fe,Mn) (I4/mcm) and Al20Cu2Mn3 (T phase) where 
detected in the microstructure; while Al7Cu2Fe precipitates are typically 
coarse, Mn substitution tends to cause their refinement, which may 
enhance the strength and ductility by reducing stress concentrations and 
crack initiation sites. On the other hand, T phase, while not belonging to 
primary strengthening phases, may contribute to strength enhancement 
indirectly through supporting dimensional stability and microstructural 
control; (iv) Mg oxides, indicating possible oxidation during processing. 

Notably, the expected Al2Cu (Ω and θ′ phases) are not prominent in the 
microstructure. Nevertheless, a small amount of coarse spherical 
θ-phase precipitates (500 nm to 1 μm) located at grain boundaries, as 
well as fine plate-like Ω-phase precipitates (a few tens of nanometers 
thick), were observed. This suggests that the addition of Zr and Ti alters 
the precipitation dynamics, possibly by competing for available Cu and 
Mg, leading to an increased formation of Al3(Zr,Ti) at the expense of 
conventional Al2Cu-based strengthening phases.

This deviation in precipitation behavior stems from thermodynamic 
and kinetic factors, including: (i) any influence on the nucleation barrier 
for Al2Cu in the presence of Zr and Ti, which may delay or suppress its 
formation; (ii) solute competition and preferential precipitation of 
Al3(Zr,Ti), consuming solute elements and limiting the availability of Cu 
and Mg for θ′/Ω-phase nucleation; (iii) solidification dynamics of PBF- 
LB, which could impact solute segregation and precipitate evolution 
during subsequent heat-treatment [30–32]. Further insights into the 
precipitate characteristics are provided by TEM analysis in Fig. 6, which 
captures the morphologies of individual precipitates along with crys
tallographic identification details through selected area electron 
diffraction (SAED) patterns. The Al3(Zr,Ti) dispersoids (Fig. 6a), 
consistently observed along the [110] zone axis with an L12-type 
structure at varying magnifications, underscore their role as stable, 
nanoscale features that likely enhance high-temperature strength and 
creep resistance by pinning grain boundaries [33–35]. A thin plate- 
shaped Al3(Zr,Ti) precipitate is also shown in Fig. 6b with a consistent 

Fig. 5. TEM microstructure of the PBF-LB Al2139ZrTi alloy along with corresponding EDS elemental maps. The bright field (BF) and HAADF images (top) show a 
dense distribution of precipitates. The dashed rectangle in the HAADF image indicates the region analyzed in the EDS maps (bottom), which reveal compositionally 
distinct precipitate phases.
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L12 structure confirmed by SAED. The distinct crystallographic orien
tations of intermetallic phases like Al20Cu2Mn3(T-phase) along [105] and 
Al7Cu2 (Fe,Mn) along [121] (see Fig. 6c & d) suggest a heterogeneous 
precipitation sequence, where Mn-driven refinement in the latter could 
improve toughness by dispersing stress concentrations, while the pres
ence of T-phase hints at a stabilizing effect on the microstructure during 
thermal cycling. The less frequent, sparse Al2Cu phases, with coarse 
θ-phase at grain boundaries along [111] and fine plate-like Ω-phase 
along [100] are presented in Fig. 6e & f. Their less frequent occurrence is 
an indication of suppressed formation of such conventional strength
ening phases; the absence of such phases may shift the alloy’s 
strengthening mechanism toward dispersoid-dominated hardening, 
potentially at the cost of reduced ductility. These observations highlight 
how Zr and Ti additions, combined with the rapid solidification of PBF- 
LB, orchestrate a complex interplay of phases, offering opportunities to 
tailor mechanical properties for purpose-specific applications through 
precise control of different precipitate systems and their distribution.

Based on elemental distribution maps and STEM-HAADF images, size 
distributions and number densities of individual precipitate types in the 
studied alloy were quantitatively analyzed. As illustrated in Fig. 7, the 
precipitates were classified into three categories based on their 
composition: those containing Zr and Ti (Al3(Zr,Ti)), those containing 
Cu but no Fe or Mn (Al2Cu-based Ω and θ′), and intermetallics containing 
Mn and/or Fe. To quantitatively assess these precipitates, the equivalent 
diameter (Deq) was calculated using the Worthley formula [36]; i.e., 
Deq = 2Dmax×Dmin

Dmax+Dmin
. The number density of the particles in unit area NA was 

calculated using NA = N
A, where N is the number of particles, and A is the 

total analyzed area. The number density of particles per unit volume NV 

was determined based on NV = NA
t+D

, where NA is the number density in 

unit area, t is the thickness of the thin foil and D is the arithmetical mean 
equivalent diameter of the particles. The resulting statistical parameters 
for each precipitate type are summarized in Table 3.

Among these, Al3(Zr,Ti) precipitates, often exhibiting elongated or 
plate-like morphology, were the most abundant, with the highest 
number density of approximately 4.8 µm− 3 and a relatively small mean 
diameter of 132 ± 91 nm. The size distribution in Fig. 7a clearly shows 
that the material is dominated by a fine fraction of precipitates (50–125 
nm), which results from post-production heat treatment. These particles 
were homogeneously distributed throughout the aluminum matrix. 
Their small size and high density make them particularly effective at 
hindering dislocation motion and suppressing subgrain coarsening. 
However, larger particles (e.g., above 300 nm), which likely formed 
during the production stage as primary precipitates, were also present. 
Nonetheless, the relatively low number of these primary particles, and 
consequently their influence on the mechanical properties, is signifi
cantly lower compared to the fine secondary precipitates. In contrast, 
θ′/Ω precipitates exhibited a much lower number density (1.28 µm− 3) 
but a significantly larger average diameter of 310 ± 172 nm, as well as 
the broadest size distribution (as shown in Fig. 7b), with individual 
precipitates reaching sizes of up to approximately 1.1 µm. The lower 
number density and larger size of these precipitates suggest that they 
play a significantly smaller role in material strengthening than Al3(Zr, 
Ti) dispersoids. Mn/Fe-rich particles (Fig. 7c) were also observed less 
frequently compared to Al3(Zr,Ti), with a number density of 1.32 µm− 3 

Fig. 6. TEM images of individual precipitates in the Al2139ZrTi alloy, showcasing their distinct morphologies and corresponding SAED patterns (insets): (a) L12-Al3 
(Zr,Ti)-dispersoid (coarser), (b) L12-Al3(Zr,Ti)-thin plate (finer), (c) Al20Cu2Mn3 (T-phase), (d) Al7Cu2 (Fe,Mn), (e) Al2Cu (θ’ phase, globular), and (f) Al2Cu (Ω 
phase, thin-plate).
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and an average size of 279 ± 86 nm. These precipitates, often located at 
grain boundaries, may not contribute significantly to strength directly, 
but they can influence grain boundary pinning and potentially affect 
recrystallization behavior.

3.2. Volumetric defect inspection

A detailed defect analysis was carried out on two machined samples, 
i.e., the F25 specimen (with the geometry of the specimens subjected to 
conventional fatigue (F) tests) and the U21 specimen (with the geometry 
of the specimens subjected to ultrasonic (U) fatigue tests). The 3D spatial 
distributions of the pores are shown in Fig. 8. In the F25 specimen, the 
largest defect exhibits an irregular and tortuous morphology (see 
Fig. 8a), whereas the largest pore in U21 is more spherical and compact 
(see Fig. 8b). This trend is quantitatively confirmed in Fig. 8c, which 
shows the sphericity plotted against the characteristic defect size. The 
U21 sample shows consistently higher sphericity, especially for larger 
pores, whereas the F25 sample is characterized by a larger number of 
irregular and elongated pores. This difference may be attributed to the 
different specimen geometry [37] and is also verified by analyzing the 
defects at the origin of the fatigue failures carried out in Sections 3.4 and 
3.5. Additionally, spatial variation on the build plate could also affect 
defect formation, as the gas flow is not 100 % uniform across the entire 
build plate.

Fig. 7. Size distribution histograms of precipitates in the Al2139ZrTi alloy, classified by composition based on EDS mapping: (a) Zr/Ti-rich Al3(Zr,Ti) dispersoids, (b) 
Cu-rich precipitates (Al2Cu, Ω/θ′), and (c) Mn/Fe-rich intermetallics.

Table 3 
Quantitative summary of precipitate statistics in the Al2139ZrTi alloy.

Parameter Zr/Ti-rich 
precipitates

Cu-rich 
precipitates

Mn-rich 
precipitates

Total analyzed area A [µm2] 171.43 171.43 171.43
Area fraction AA [%] 2.24 5.18 3.37
Number density NA [µm− 2] 1.11 0.52 0.50
Deq range [nm] 20–550 67–1140 86–585
Mean diameter Deq [nm] 132 ± 91 310 ± 172 279 ± 86
Number density per unit volume Nv 

[µm− 3]
4.8 1.28 1.32
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The main geometrical and volumetric characteristics of the speci
mens are summarized in Table 4, which were directly extracted from the 
VG Studio Max software, using the porosity analysis module. In the 
following, the square root of the area of the defect projected in a plane 
perpendicular to the specimen axis, i.e., the loading direction, has been 
considered. Indeed, this size is the one controlling the fatigue response, 
according to [38,39].

Despite both samples exhibiting high relative density, indicating low 
total porosity, differences are observed in defect size distribution and 
morphology. The pore count histogram (Fig. 9) shows that in both 
samples, most pores fall within the 10–30  µm range. Compared to U21, 
the F25 specimen displays a more uniform distribution across the 
10–40  µm range, whereas U21 shows a sharp peak at 10–20  µm fol
lowed by a steep decline. This suggests that in the U21 sample, smaller 
defects are present, while F25 is characterized by a wider range of defect 
sizes, though still predominantly small. The difference may be corre
lated to the sample geometry. While F25 presents a constant diameter of 
5 mm, the U21 specimen features an hourglass profile with a reduced 
central diameter of 3 mm.

3.3. Quasi-static tensile properties

Fig. 10a shows the tensile flow curve of the studied post-aged PBF-LB 
Al2139ZrTi alloy, tested in the build direction (vertically). The material 
exhibits a yield plateau with a 0.2 % offset yield stress (YS) of 468.05 ±
2.90 MPa, a UTS of 573.35 ± 2.06 MPa, and a total elongation of 6.47 ±
0.16 %, along with a modulus of elasticity of 74.29 ± 0.46 GPa. These 
mechanical properties are closely tied to the alloy’s tailored micro
structure. The refined, equiaxed grains (less than 2 µm in size) produced 
by the combined effects of PBF-LB rapid solidification and Al3(Zr,Ti) 
dispersoid formation contribute to grain boundary strengthening and 
isotropic deformation, as supported by the weak crystallographic 
texture observed in EBSD analyses. TEM results further reveal that the 
strengthening response is dominated not by conventional Al2Cu (Ω/θ′) 
precipitates, which are only sparsely observed, but by a dense network 
of Al3(Zr,Ti) dispersoids and secondary intermetallics present in signif
icant quantities, such as Al(CuFeMn) and T-phase (Al20Cu2Mn3). These 
features, especially the L12-structured dispersoids, serve as effective 
obstacles to dislocation motion and enhance dimensional stability under 
stress. However, the suppressed precipitation of fine Ω and θ′ phases, 
likely due to solute competition and altered nucleation pathways 
induced by Zr and Ti, may limit the full potential for precipitation 
hardening. The moderate ductility observed can thus be attributed to a 
microstructure governed by dispersoid-dominated hardening, with 
additional influences from residual porosity/defects, solute segregation, 
and the presence of intermetallic phases.

To contextualize these properties, Fig. 10b compares the mechanical 
performance of Al2139ZrTi with other Al–Cu–Mg alloys of similar 
composition. The comparison includes: (i) a Zr-modified alloy Al-Cu-Mg 
alloy fabricated by PBF-LB (Zhang et al. [40]), (ii) a Ti-modified Al-Cu- 
Mg alloy processed via PBF-LB (Zhang et al. [41]), and (iii) a naturally 
aged (T4 aged) wrought AA2519 (Al-5.64Cu-0.33Mn-0.23 Mg-0.15Zr- 

(a)

(b)

 ( m)

 ( m)

Fig. 8. 3D visualizations of pore distributions in (a) F25 and (b) U21 samples, highlighting the largest defect based on the square root of the projected area 
perpendicular to the loading direction (zoomed-in views); (c) Sphericity as a function of projected area (in the XY plane) for pores in F25 and U21 samples.

Table 4 
Summary of geometrical and porosity parameters for samples F25 and U21 from 
XCT analysis.

Parameter F25 U21

Inspected Volume (mm3) 201 78.50
Porosity volume (mm3) 0.04 0.06
Relative density 0.9998 0.9993
Average equivalent diameter (µm) 20.05 16.13
Maximum equivalent diameter (µm) 117.74 116.99
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0.11Ti) alloy (Zuiko et al. [42]). The PBF-LB processed Al–Cu–Mg/Zr 
alloy reported by Zhang et al. [40] in the as-built condition exhibited YS 
of 446  MPa and UTS of 451  MPa, but limited ductility (2.67 %), sug
gesting poor strain accommodation due to the absence of post- 
processing. On the other hand, the Ti-modified alloy studied by Zhang 
et al. [41], also tested in the as-built state, displayed much lower 
strength (YS = 293.2  MPa, UTS = 426.4  MPa) but greater elongation 
(~9.1 %), indicative of a softer, more compliant microstructure with 
reduced internal stress and absence of aging. In these studies, Al3Zr and 
Al3Ti particles, respectively, were found to be the major nucleating and 
growth-limiting agents, which significantly aided microstructural 
refinement and reduced process-induced cracks/defects compared to the 
unmodified Al-Mg-Zr alloys [40,41]. The wrought AA2519 alloy under 
T4 temper (natural aging), used as a benchmark for aerospace-grade 
Al–Cu–Mg systems, demonstrated UTS of 455  MPa and elongation of 
18.4 % [42]. While this alloy offers excellent ductility, it lags in strength 
performance, showing ~ 35 % lower YS and ~ 21 % lower UTS than the 
PBF-LB Al2139ZrTi developed in this work. Collectively, these com
parisons confirm that the naturally aged PBF-LB Al2139ZrTi alloy ach
ieves a highly competitive strength–ductility synergy among both 
additively manufactured and wrought Al–Cu–Mg–(Zr,Ti) alloys. This 
superior performance stems from its tailored microstructure, featuring 
ultra-fine equiaxed grains, high-density Al3(Zr,Ti) dispersoids, and 
moderate presence of T-phase and secondary intermetallics, alongside 
suppressed θ′/Ω precipitation and low residual porosity. The outcome is 
a stable, dispersion-strengthened microstructure with consistent defor
mation behavior and low expected anisotropy making the alloy suitable 

for applications demanding a balance between strength, stability, and 
manufacturability.

The fracture surfaces of the tensile-tested specimens T1 and T2 were 
thoroughly analyzed via fractography based on secondary electron (SE) 
imaging under SEM, as illustrated in Fig. 11. Specimen T1, characterized 
by slightly higher elongation, exhibits distinct fracture morphology 
(Fig. 11a). The central area of Fig. 11a (blue rectangle) reveals a typical 
ductile fracture characterized by abundant and uniformly distributed 
micro-voids or dimples, indicating significant plastic deformation before 
fracture. Conversely, the peripheral region near the specimen surface 
(orange rectangle) presents a notably flatter fracture morphology with 
no dimples. Fig. 11b provides a comprehensive fractographic overview 
of specimen T2, which demonstrated slightly lower elongation during 
tensile testing. The fracture surface prominently features a large lack of 
fusion (LoF) defect near the edge of the specimen, as shown in the 
enlarged red-rectangle region. Upon further magnification of the frac
ture surface (green rectangle), features consistent with un-melted par
ticles become apparent. These features are notably finer than typical 
feedstock particles and lack the three-dimensional morphology associ
ated with partially fused powder. Instead, they appear as poorly wetted 
regions embedded within the lack of fusion (LoF) zone, supporting the 
interpretation that they are remnants of insufficient melting. This jus
tifies the use of the term ‘LoF defect’ and directly correlates with 
reduced ductility. High magnification views of additional regions reveal 
diverse microstructural features: the blue box highlights well-developed 
dimple patterns characteristic of ductile fracture, while the violet box 
zooms further into a void area containing fine agglomerates that may be 
un-melted. These fractographic observations underline the detrimental 
impact of manufacturing defects, particularly LoF containing un-melted 
particles and wetting, on the mechanical integrity and ductility of 
additively manufactured materials.

3.4. Conventional fatigue behavior and fractographic analysis

The conventional fatigue response of the PBF-LB Al2139ZrTi alloy is 
presented in Fig. 12, with testing performed under fully reversed loading 
(R = –1) in the build direction. The S-N data (i.e., stress amplitude (σa) 
versus the number of cycles to failure (Nf)) in Fig. 12a demonstrate 
typical scatter, and the arrows indicate runout specimens that did not 
fail within 5 million cycles (fatigue strength of approximately 94 MPa at 
5 million cycles). The fatigue data reported for other PBF-LB Al-Cu-Mg 
alloys, such as Ti-modified PBF-LB Al2024 [43] and TiB2-modified PBF- 
LB Al-Cu-Mg-Ag [44], exhibited comparable fatigue performance. A 
Basquin-type power law fit, σa = σ’f (2Nf)b [45], was applied to the data 

excluding runouts (Fig. 12b), yielding a fatigue strength coefficient (σf
́ ) 

of 1846.3 MPa and an exponent (b) of 0.208, with a correlation coeffi
cient R2  = 0.84. These results confirm a robust fit and highlight the 
predictable fatigue performance of the alloy even when failure is driven 
by process-induced defect variability.

While there is no available fatigue data for the exact composition 
used in this study (Zr- and Ti-modified Al2139), the literature on Al-Cu- 
Mg-Ag alloys provides fatigue data for both conventional and additively 
manufactured conditions, offering insight into how processing methods, 
post-processing, and surface treatments influence fatigue life. Kerma
nidis et al. [46] reported fatigue strength for laser beam welded Al-Cu- 
Mg-Ag (AA2139) alloy in T8 and T3 temper. No significant difference 
between the two tempers was observed, particularly at stress levels 
below 150 MPa. A fatigue strength of 115 MPa at 107 cycles was re
ported for both conditions. Köckritz et al [47] studied PBF-LB AA2139 
under multiaxial loading, comparing as-built and surface-treated con
ditions, and found no significant improvement in fatigue life from sur
face treatment due to incomplete removal of process-induced defects 
like voids and undercuts, with failure often initiating from large sub
surface defects and resulting in comparable S-N curves. Gazizov et al. 
[48] studied the effect of peak-aged T6 and thermomechanically 

Fig. 9. Pore size distributions expressed as pore counts per volume for (a) the 
F25 sample and (b) the U21 sample (XY plane).
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processed T840 tempers (the latter involving 40 % cold rolling followed 
by aging) on wrought AA2139, under a load ratio of R = 0.1. The T840 
condition exhibited superior fatigue performance, which was attributed 
to a refined microstructure and the presence of shearable precipitates 
that promote transgranular fracture and reduce crack propagation rates. 
Djugum et al. [49] studied fatigue resistance in underaged (UA) condi
tions for wrought Al-Cu-Mg alloy AA2001 (similar base to AA2139 but 
without Ag) at R = 0, finding enhanced fatigue life in UA compared to 
fully hardened T6 temper despite lower yield stress (270 MPa UA vs 396 
MPa T6), linked to dynamic precipitation and self-healing mechanisms 
during cycling that delay crack initiation and reduce crack randomness.

To understand failure origins and mechanisms, detailed fractography 
analyses were performed on specimens that failed at various fatigue 
lives. Based on the comprehensive fractographic investigation of the 
alloy, a complex landscape of crack initiation scenarios was found, 
closely governed by defect type, size, location, and interaction with the 
specimen surface. Across the specimens examined, failures 

predominantly initiated from large-sized LoF defects, which are often 
found to be irregularly shaped, sharp-edged features with high local 
stress concentration potential. These LoF defects, initiating the fatigue 
crack, were frequently discovered near the surface or were fully surface- 
connected, highlighting the significant role of defect accessibility in 
fatigue crack nucleation. In several cases, un-melted particles were 
found embedded within the large LoF regions, compounding stress 
localization and promoting early failure. Multiple crack initiation 
behavior was also prevalent, particularly in specimens with more than 
one surface-connected defect or with complex defect clusters near the 
periphery. Furthermore, chemical analysis using EDS showed the pres
ence of oxides (mostly based on Mg2O) in the crack initiation zones.

Fig. 13 highlights the fracture surfaces of two specimens (F11 and 
F16), imaged under secondary electron mode, where fracture initiation 
was linked to LoF defects. In Fig. 13a, specimen F11 (187 MPa, 1.45 ×
105 cycles) failed from two distinct initiation sites, both located along 
the periphery of the specimen and directly connected to the surface. The 

(a)

0.2%YS (MPa) UT S (MPa) %Elongation Modulus (GPa)
468.05 ± 2.90 573.35 ± 2.06 6.47 ± 0.16 74.29 ± 0.46

Fig. 10. (a) Uniaxial tensile stress–strain curves of post-aged PBF-LB Al2139ZrTi (tested in the build direction) and (b) comparison of tensile properties with similar 
alloy composition from the literature [40–42].
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positions of these flaws with distinct propagation marks suggest bidi
rectional fatigue crack initiation, each creating its propagation zone. In 
Fig. 13b, specimen F16 (234 MPa, 2.15 × 104 cycles) failed from a large, 
triangular LoF defect measuring 172 µm in size (i.e., 

̅̅̅̅̅̅̅̅̅
area

√
of the defect) 

and located only 3.8 µm away from the surface (i.e., the distance from 
the surface to the edge/boundary of the defect). A nearby smaller LoF 
defect is also visible in Fig. 13b, which did not have a distinct propa
gation zone of its own, indicating that the geometry/size/orientation of 
the dominant feature was decisive in crack nucleation and driving the 
crack propagation. In both cases, the fracture surfaces exhibit classic 
fatigue features (e.g., the initiation zone followed by a stable propaga
tion zone with propagation ridges, a dimpled rupture zone, and sec
ondary porosity all over the surface.

Fig. 14 presents another, more subtle failure scenario observed in 
specimen F17 (281 MPa, 3.47 × 104 cycles), which exhibited dual 
initiation sites. The upper initiation site (highlighted by a red border) 
was dominant, as evidenced by a wide propagation area extending 
across the fracture surface. A secondary initiation point, located at the 
bottom (blue border), generated a smaller yet well-developed propa
gation zone.

EDS mapping from both sites revealed notable enrichment of mag
nesium and oxygen, strong indicators of oxide film formation at the 
initiation points. These oxides, likely formed during laser processing or 
due to trapped surface contamination, act as brittle inclusions, lowering 
the threshold for crack initiation and providing weak interfaces for early 
decohesion. While the EDS signal for other elements (e.g., Al, Cu, Ag, 
Mn, Zr, and Ti) remained homogeneously distributed, these oxide films 
were localized in the initiation zone and might have played an important 
role in fatigue damage. Fig. 15 further features specimen F20 (328 MPa, 
3.83 × 103 cycles), which failed from a large LoF defect embedded with 
un-melted powder and oxide-covered particles. The fracture origin dis
plays a dense, brittle morphology, with spherical features coated in 
magnesium-rich oxides and clustered satellite particles along the inter
facial boundary (marked with blue arrows on the bottom right images in 
Fig. 15). These inclusions not only introduce local stiffness mismatches 
but also interrupt metallurgical bonding, exacerbating interfacial stress 
and promoting micro-void formation. The position of the defect was 
slightly deeper (151 µm from the surface), but its complex internal 
structure made it an ideal crack nucleation site under elevated cyclic 
stress.

Fig. 11. SEM fractography of tensile fracture surfaces: (a) specimen T1 with central region having ductile dimples (blue box) and peripheral flat regions indicating 
brittle behavior (orange box); (b) specimen T2 featuring significant lack-of-fusion defects influencing ductility along with un-melted particles and dimples.
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The trends observed across these and additional specimens (see 
Table 5 for a comprehensive summary of fractographic measurements) 
demonstrate that fatigue life in the studied PBF-LB Al2139ZrTi alloy is 

strongly influenced by the size and surface proximity of the defects. To 
isolate the effect of defects, meaningful comparisons can be made among 
specimens tested at the same stress level. At 140 MPa, for example, 

(a)

Fig. 12. (a) S-N data obtained from conventional servo-hydraulic fatigue testing of PBF-LB Al2139ZrTi alloy under fully reversed loading (R = –1), with green arrows 
indicating runout specimens; (b) Basquin fit excluding runouts.

Fig. 13. (a) Fracture surface of specimen F11 (187 MPa, 1.45 × 105 cycles), showing crack initiation from multiple sites; (b) Specimen F16 (234 MPa, 2.15 × 104 

cycles) failed from a large triangular LoF defect; additional smaller LoF visible left of the critical defect.
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specimen F7 survived 1.24 × 105 cycles with a 130 µm surface- 
connected defect, while specimen F10, containing a much larger 312 
µm defect located just 3.8 µm below the surface, failed much earlier at 
3.90 × 104 cycles. Similarly, at 234 MPa, specimen F14 (64 µm defect) 
lasted 6.27 × 104 cycles, whereas F15 (86 µm) and F16 (172 µm) failed 
earlier, at 2.31 × 104 and 2.15 × 104 cycles, respectively. While F16 had 
a significantly larger defect, its relatively shallow depth (3.83 µm from 
the surface) helped delay failure slightly compared to F15, emphasizing 
that not only defect size but also its precise distance from the surface 
critically governs fatigue life under identical loading. Internal or sub
surface defects can also be detrimental but typically result in longer lives 
than equivalent-sized surface-attached flaws. For example, specimen 
F19, which contained a 183 µm internal defect located 108 µm from the 
surface, failed at 7.36 × 103 cycles under 281 MPa, similar to or slightly 
longer than surface-connected defects at the same stress level (e.g., F23: 
239 µm defect at 946 µm depth, 4.42 × 103 cycles; F24: 90 µm surface 
defect, 3.29 × 103 cycles). This reinforces that defect accessibility to the 
surface critically governs crack nucleation.

3.5. Very high cycle fatigue (VHCF) behavior and fractographic analysis

The VHCF behavior of the studied PBF-LB Al2139ZrTi alloy is pre
sented in Fig. 16. The VHCF S-N data are plotted in Fig. 16a, covering 
fatigue lifetimes extending up to 109 cycles. Like conventional fatigue 
data, the VHCF results exhibit variability. Runout specimens, indicated 
by arrows at 109 cycles, show that failure no longer occurs at stress 
amplitudes around 105  MPa. A Basquin fit applied to failure data 

(excluding runouts) yielded a fatigue strength coefficient (σf
́ ) of 694.11 

MPa and a fatigue strength exponent (b) of − 0.087 (R2 = 0.89), as shown 
in Fig. 16b. Compared to conventional fatigue, the lower slope here 

reflects the transition to crack initiation-dominated failure, where the 
majority of the fatigue life is consumed in the microstructural neigh
borhood of a flaw before long-range crack propagation.

To explain the failure mechanisms in the VHCF regime, a detailed 
fractographic assessment was performed on all fractured specimens (U5 
to U12), revealing two major classes of crack origins: spherical gas pores 
and irregular LoF defects. Both defect types were seen to trigger failures 
either with or without the formation of a fisheye, a distinct fracture 
morphology characterized by a quasi-circular crack front at its center, 
which is often surrounded by a fine granular area (FGA) formation. The 
formation of the fisheye pattern depended primarily on the spatial 
location of the critical defect rather than its type. While both LoF defects 
and spherical pores originated fatigue cracks, only defects located deep 
within the bulk promoted the fisheye pattern, where the surrounding 
matrix impedes early crack growth and delays initiation. The surface- 
adjacent flaws consistently led to direct crack propagation without 
fisheye formation. These observations suggest that internal shielding 
delays crack nucleation, facilitating the development of a fisheye zone 
characteristic of VHCF behavior.

In Fig. 17, two contrasting fracture behaviors are presented for 
specimens that failed from LoF defects. Specimen U5 (126 MPa, 3.28 ×
108 cycles) failed from an LoF defect located just 39 µm away from the 
surface. The initiation site features a complex, irregular defect 
morphology accompanied by un-melted particles (green box), wetted 
region (light blue box), and local oxide formation, as confirmed by EDS 
maps showing distinct Mg- and O-rich regions at the crack-initiating LoF 
site, with other elements homogeneously distributed. No fisheye 
morphology was observed in Fig. 17a, and the crack propagated directly 
from the exposed defect. The absence of a transition zone or fine gran
ular area underscores that surface accessibility dominated the crack 
nucleation process, with limited confinement by the surrounding 

Fig. 13. (continued).
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microstructure that could have delayed crack growth. In contrast, 
specimen U7 (136 MPa, 1.93 × 108 cycles) failed from an LoF defect 
located ~ 549 µm below the surface. The fracture surface displayed a 
distinct fisheye bounded by a transition zone and enclosing a fine 
granular area at the origin. The fully embedded, irregular defect allowed 
for prolonged crack incubation, consistent with internal-defect-driven 
VHCF behavior commonly observed in AM aluminum alloys [50,51].

Fig. 18 presents fracture surfaces associated with spherical pore- 
initiated cracks. Specimen U8 (136 MPa, 1.83 × 108 cycles) failed 
from a spherical pore measuring ~ 71 µm, positioned only ~ 10 µm from 
the surface. The fracture surface is devoid of fisheye morphology; the 
pore is nearly surface-attached, and the crack propagated radially out
ward with no intermediate crack-arresting (see Fig. 18a). Specimen U9 
(145 MPa, 1.05 × 108 cycles), on the other hand, illustrates classic VHCF 
failure behavior from an internal spherical pore located ~ 197 µm 
beneath the surface. The pore, although smaller (~71 µm), was deeply 
embedded, allowing sufficient time for crack incubation. A well-defined 
fisheye with a sharp boundary is visible in Fig. 18b, indicating a pro
longed initiation period before unstable crack growth.

These comparative analyses confirm that both the size of a defect and 
its spatial position relative to the surface influence fracture behavior in 
VHCF, but their contributions differ in how they affect crack initiation 
and propagation. While larger defects inherently act as stronger stress 
concentrators and have been traditionally associated with reduced fa
tigue life [52], investigations, both in the conventional [53] and VHCF 
regime [54], also emphasize the role of defect location as a dominant 

factor. In the current study, as summarized in Table 6, deeply embedded 
defects (e.g., U6, U7, U10, and U12, all > 400 µm from the surface) 
exhibited well-developed fisheye morphologies and longer incubation 
phases, despite variation in defect size. Conversely, specimens with 
smaller but near-surface defects (e.g., U5, U8, and U11, < 50 µm depth) 
failed earlier and without fisheye formation, indicating that surface 
accessibility accelerates crack initiation irrespective of size. These 
findings are in line with the foundational work of Murakami et al. [52] 
and, more recently, by Tusher et al. [50]. While Romano et al. [55] 
examined HCF behavior in AM AlSi10Mg, their fracture mechanics 
modeling supports this trend, showing that surface-connected defects 
exhibit higher effective stress intensity factors than internal ones of 
equal size. Thus, while defect size contributes to the local crack driving 
force, proximity to the surface governs whether a defect becomes critical 
under VHCF, particularly through its influence on incubation delay and 
fisheye formation. These insights emphasize the need to simultaneously 
minimize both defect size and surface connectivity to enhance the VHCF 
performance of the PBF-LB Al2139ZrTi alloy.

3.6. Statistical analysis and modeling of fatigue life

The aim of the analyses carried out in this Section is to verify the 
statistical distribution of fatigue life in the whole HCF-VHCF life range, 
based on the extensive experimental activity described in previous 
Sections. The experimental data obtained through conventional and 
ultrasonic tests have been analyzed separately. For the conventional 

Fig. 14. Fracture surface of specimen F17 (281 MPa, 3.47 × 104 cycles) showing dual crack initiation: primary site (top, red) with dominant growth, and secondary 
site (bottom, blue); EDS detected Mg-based oxides.
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tests, a model with a monotonic decreasing trend and a fatigue limit has 
been considered. The cumulative distribution function (cdf), FY|x, of the 
logarithm of the fatigue life random variable, Y = log10

(
Nf

)
, being Nf 

the number of cycles to failure is reported in Eq. (1): 

FY|x = Φ
(

y − (a + b • x)
σY

)

Φ
(x − μXl

σXl

)

(1) 

being x the logarithm of the applied stress amplitude, sa, Φ( • ) the cdf of 
a standardized normal distribution, a and b constant coefficients 
modeling the linear decreasing trend in the finite life region, μXl 

the 
mean of the fatigue limit distribution, σY and σXl the standard deviations 
of the fatigue life and the fatigue limit distributions, respectively. The 
parameter estimation has been carried out by applying the Maximum 
Likelihood Principle, i.e., failures and runout data are therefore both 
considered. It must be noted that this model is capable of discerning if an 
asymptotic trend is present. Indeed, if the data do not show a clear fa
tigue limit, the estimated μXl 

parameter tends to zero. For the ultrasonic 
fatigue tests, the model in Eq. (1) has also been employed. The 
lognormal distribution has been used in this analysis for its versatility 
and fitting capabilities. Other distributions may be used, like the Weibull 
distribution, and they are expected to provide similar results. Moreover, 
it must be noted that this analysis does not aim to discriminate between 
the type of defects at the origin of the fatigue failure (i.e., LoF defects or 
gas porosities), since the characteristic defect size, rather than its origin, 

affects the fatigue response. Accordingly, a distribution for the fatigue 
life accounting for the different defect types has not been considered. 
Fig. 19 plots the experimental data (obtained through conventional and 
ultrasonic fatigue tests) on an S-N plot, together with the estimated 0.1, 
median, and 0.9-th S-N curves.

According to Fig. 19, the experimental data from the conventional 
fatigue tests display a decreasing trend followed by an asymptote, 
indicating that the model in Eq. (1) is appropriate for fitting the data. 
The estimated median fatigue limit is 116 MPa. Experimental variability 
is greater in the finite life regime but decreases as it approaches the 
fatigue limit. This can be attributed to the concentration of runout data 
at only two stress amplitudes, two at 117 MPa and two at 94 MPa, which 
may reduce the apparent scatter in this life region. For the ultrasonic 
fatigue tests, the same trend has been estimated, with the median fatigue 
limit being equal to 116.5 MPa. For this data, on the other hand, the 
variability is quite constant within the investigated fatigue life range. It 
is interesting to note that the fatigue limit estimated with the conven
tional and ultrasonic fatigue tests is very close, even if the tests are 
stopped at 5 × 106 cycles for the former and at 109 cycles for the latter. 
Similarly, for applied stress amplitudes below 150 MPa, failures have 
been found below 106 cycles and above 5 × 106 cycles, depending on the 
testing method.

The slope of the finite fatigue life range for the conventional and 
ultrasonic fatigue tests is quite different, and this can indicate a change 
in the failure mode [56]. It can also be attributed to the different number 

Fig. 15. Fracture surface of specimen F20 (328 MPa, 3.83 × 103 cycles) showing a large LoF defect with un-melted particles. EDS maps reveal ~ 20  µm spherical, 
oxide-coated particles, with satellite particles visible at high magnification.

S.I. Shakil et al.                                                                                                                                                                                                                                 International Journal of Fatigue 202 (2026) 109245 

17 



of specimens tested through conventional tests and the ultrasonic fa
tigue testing equipment. Indeed, size-effect and specimen geometry are 
not expected to significantly affect the slope of the P-S-N curves. How
ever, it is as if the experimental failures obtained through ultrasonic 
fatigue tests are shifted upward. This unexpectedly large variability in 
the fatigue life and dependence on the testing methods can be explained 
by considering the “strain rate effect”, i.e., the variation of the fatigue 
response with the applied load frequency. However, literature works 
[57,58] have shown that aluminum alloys, as face-centered cubic (FCC) 
materials, are not prone to a significant frequency effect when subjected 
to ultrasonic fatigue tests. Another possible reason is the size effect; in a 
probabilistic framework, the probability of large defects tends to 

increase with the loaded volume. Indeed, the tested volume of the two 
specimen types is quite different, being equal to about 60 mm3 for the 
conventional fatigue tests (computed by considering the volume of the 
specimen part with constant cross-section) and equal to 42 mm3 

(computed as the V90 according to Murakami definition, i.e., the volume 
of material subjected to a stress amplitude above the 90 % of the 
maximum applied stress). Size-effect can be reliably verified by 
comparing the characteristic sizes of the defects originating the fatigue 
failure, i.e., the killer defect ̅̅̅̅̅ac

√ in the two investigated specimen types. 
The parameter ̅̅̅̅̅ac

√ corresponds to the projected area of the killer defect 
in a plane perpendicular to the direction of the maximum applied stress 
[38,39].

Fig. 20 shows the interval data of the ̅̅̅̅̅ac
√ values for the Conventional 

and Ultrasonic specimens. According to Fig. 20, defects in convention
ally tested specimens can be significantly larger than defects in speci
mens subjected to ultrasonic fatigue tests. This explains why, for the 
same applied stress amplitude, failures at significantly different numbers 
of cycles have been experimentally found. Moreover, the variability of 
̅̅̅̅̅ac

√ in conventional specimens is higher, explaining why the data are 
more dispersed in the S-N plot in Fig. 19, with the distance between the 
0.9-th curve and the 0.1-th curve larger than that found for the ultra
sonic fatigue tests. Together with the size effect, another possible reason 
for the difference between the ̅̅̅̅̅ac

√ values is the distance of the speci
mens from the surface of blocks from which they have been cut. Indeed, 
according to [37], due to their smaller size, hourglass specimens for 
ultrasonic fatigue tests have been obtained at a larger distance from the 
block surface, affecting the defect population. Furthermore, the spec
imen shape also plays a relevant role in the defect population (according 
to [37], “It was observed that even just a small alteration in the size or shape 
of a part made with LB-PBF may have a considerable impact on the formation 
and distribution of defects”).

Fig. 20 provides relevant information on the killer defect size, but it 
fails to account for the defect location, which is another important factor 
in the crack nucleation process. Moreover, Fig. 20 cannot capture the 
relationship between the applied stress amplitude and the defect size on 
the fatigue life. For this purpose, the stress intensity factor (SIF) for each 
killer defect has been computed. According to [59,60], the SIF for a 
defect, Kd, can be computed according to Eq. (2): 

Kd = Y • sa •

̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅̅

π •
̅̅̅̅̅
ac

√
√

(2) 

being sa the applied stress amplitude and Y a coefficient accounting for 

Table 5 
Fatigue test results for PBF-LB Al2139ZrTi specimens showing applied stress, 
number of cycles to failure, and critical defect metrics including size and prox
imity to surface (distance from edge of the defect to surface of the specimen).

Specimen 
ID

Stress 
(MPa)

Number of 
Cycles (Nf)

Defect Size 
(µm)

Distance from defect 
to surface (µm)

F1 94 5.00E + 06 − −

F2 94 5.00E + 06 − −

F3 117 5.00E + 06 − −

F4 117 5.00E + 06 − −

F5 117 1.31E + 06 79.05 0.00
F6 117 2.94E + 05 205.38 0.00
F7 140 1.24E + 05 129.54 0.00
F8 140 1.10E + 05 130.12 5.95
F9 140 4.62E + 04 156.46 0.00
F10 140 3.90E + 04 312.31 3.80
F11 187 1.45E + 05 70.00 0.00
F11 187 1.45E + 05 40.16 0.00
F12 187 8.32E + 04 70.75 0.00
F13 187 5.72E + 04 72.80 0.00
F14 234 6.27E + 04 64.02 0.00
F15 234 2.31E + 04 86.02 0.00
F16 234 2.15E + 04 172.07 3.83
F17 281 3.47E + 04 34.09 28.38
F17 281 3.47E + 04 49.64 0.00
F18 281 2.39E + 04 66.33 0.00
F19 281 7.36E + 03 183.38 107.73
F20 328 3.83E + 03 352.79 151.60
F21 328 2.99E + 03 219.61 92.75
F22 328 2.50E + 03 247.43 0.00
F23 374 4.42E + 03 239.88 946.06
F24 374 3.29E + 03 90.44 0.00
F25 374 2.81E + 03 242.23 347.56

(a)

Fig. 16. (a) VHCF S-N data obtained from ultrasonic fatigue testing at 20 kHz, arrows indicating runout samples at 109 cycles; (b) Basquin fit of the VHCF data 
(excluding runouts).
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Fig. 17. LoF-initiated VHCF fracture: (a) Specimen U5 (3.28 × 108 cycles at 126 MPa) failed from a near-surface LoF defect with complex shape, un-melted particles, 
and presence of oxides; (b) Specimen U7 (1.93 × 108 cycles at 136 MPa) shows a deep LoF defect with a distinct fisheye and central fine granular area.

S.I. Shakil et al.                                                                                                                                                                                                                                 International Journal of Fatigue 202 (2026) 109245 

19 



the defect location influence, equal to 0.65 for a surface defect and 0.5 
for an internal defect. Accordingly, for the same ̅̅̅̅̅ac

√ , a surface defect is 
characterized by an SIF 1.3 times larger. Fig. 21 plots the SIF for the 
number of cycles to failure for conventional and ultrasonic specimens.

According to Fig. 21, the SIFs for the conventional tests are larger 
than the SIFs of specimens subjected to ultrasonic fatigue tests and tend 
to decrease with the number of cycles to failure. For the specimens that 
failed below 104 cycles, the SIF is above 3MPa

̅̅̅̅̅
m

√
− reaching up to 

6MPa
̅̅̅̅̅
m

√
for the failure below 103 cycles, indicating that the fatigue 

crack has propagated directly from the killer defect. For these speci
mens, the large applied stress amplitude or defect size (or both) has 
therefore induced a premature failure and propagation directly from the 
defect. Larger defects in these specimens were found and explained by 
considering the size effect, as confirmed through the analysis carried out 
in Fig. 20. On the other hand, in the VHCF region, the SIFs show a quasi- 

asymptotic trend, with a slope significantly smaller than that found for 
specimens subjected to conventional tests, and an average value of 
1.1MPa

̅̅̅̅̅
m

√
. For these failures, a large portion of the fatigue life has been 

spent in the crack initiation phase in a small region close to the defect, 
thus explaining the significantly larger fatigue life of these specimens. 
Accordingly, above 106 cycles, a transition in the failure modes can be 
observed (from “direct propagation from defects” to a “long crack 
initiation phase and a following propagation”, with the propagation 
covering a small portion of the fatigue life), which is quite typical for 
VHCF test results [56]. This trend had not been captured in the S-N plot, 
due to the possible size effect and influence of the specimen geometry 
discussed above. The SIF for killer defects found in ultrasonic fatigue 
tests can be reasonably assumed as the SIF threshold and to be inde
pendent from the number of cycles to failure, according to the trend in 
Fig. 21. The SIF threshold can be moreover assumed normally 

Fig. 18. Spherical-pore-initiated failure: (a) Specimen U8 (1.83 × 108 cycles at 136 MPa) failed from a shallow spherical pore without fisheye formation; (b) 
Specimen U9 (1.05 × 108 cycles at 145 MPa) failed from a deep internal pore with a distinct fisheye border.
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distributed, with the 10th quantile, corresponding to a 90 % reliability 
and equal to 0.93 MPa

̅̅̅̅̅
m

√
, which can be conservatively assumed as the 

SIF threshold for a safe design in this ultralong life range. Defects with a 
SIF value above this threshold are expected to fail in the HCF life range, 
with a crack propagating directly from a defect. This value aligns closely 
with values reported for high-strength Al-Mg-Zr alloys in the VHCF 
domain [51] and is somewhat lower than those reported for TiB2-rein
forced Al-Cu-Mg-Ag alloys processed via PBF-LB [61].

4. Conclusions

Based on the comprehensive investigation of the microstructure, 
defect characteristics, tensile properties, and fatigue response of a post- 
aged PBF-LB Al2139ZrTi alloy, the following conclusions are drawn: 

I. The alloy exhibited a refined microstructure with uniformly 
distributed equiaxed grains averaging ~ 1.5 µm with no preferred 
texture. Precipitation was dominated by thermally stable Al3(Zr, 
Ti) dispersoids/plates and Mn-refined intermetallics, Al7Cu2 (Fe, 
Mn), Al20Cu2Mn3, while conventional Al2Cu-based Ω and θ′ 
phases were sparsely distributed. The suppression of Al2Cu-based 
precipitates is attributed to solute consumption by dispersoids 
and Zr/Ti-driven precipitation pathways.

II. The alloy achieved excellent tensile properties in the post-aged 
condition, with a yield strength of ~ 468 MPa, UTS of ~ 573 
MPa, and elongation of ~ 6.5 %. The strengthening results from 
the synergy between grain refinement, nano-dispersoid hard
ening, and thermally stable precipitates.

III. Conventional fatigue failures were consistently initiated from LoF 
defects located at or in the vicinity of the surface. Fractography 

Table 6 
Summary of fractographic investigations from the VHCF fractured specimens.

ID Stress 
(MPa)

Number of 
Cycles (Nf)

Defect 
Size 
(µm)

Defect to 
surface 
distance 
(µm)

̅̅̅̅̅̅̅̅̅
area

√

Fisheye 
(µm)

Defect 
Type

U1 105 1.00E +
09

− − − ​

U2 105 1.00E +
09

− − − ​

U3 117 1.00E +
09

− − − ​

U4 117 7.01E +
08

110.25 204.17 533.26 Pore

U5 126 3.28E +
08

91.49 39.26 − LoF

U6 126 2.43E +
08

96.12 1021.91 1659.33 LoF

U7 136 1.93E +
08

59.05 548.96 910.24 LoF

U8 136 1.83E +
08

71.30 10.62 − Pore

U9 145 1.05E +
08

71.36 196.59 347.44 Pore

U10 145 6.77E +
07

85.90 1217.60 1638.22 Pore

U11 154 5.88E +
07

53.81 12.73 − Pore

U12 154 2.10E +
07

99.78 438.88 1049.77 LoF +
Pore

Fig. 19. S-N plot of experimental data and estimated probabilistic S-N curves 
(0.1-th, 0.5-th, 0.9-th quantiles).

Fig. 20. ̅̅̅̅̅ac
√ of the killer defect for the conventional and ultrasonic fa

tigue tests.

Fig. 21. SIF versus the number of cycles to failure (data from both conventional 
fatigue, i.e., servo-hydraulic fatigue tester, and VHCF, i.e., ultrasonic fatigue 
tester is included).
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revealed both single and multiple initiation zones, often accom
panied by un-melted particles and oxide films, indicating that 
surface accessibility and defect complexity critically governed 
early crack nucleation and propagation behavior.

IV. In the VHCF regime, failure mechanisms diverged based on defect 
location. Surface-connected defects, whether LoF or spherical 
pores, led to early crack initiation without fisheye formation, 
while deeply embedded defects (>200 µm) exhibited classic 
VHCF features, including distinct fisheye patterns and FGAs 
surrounding the initiation site.

V. Analysis of the S-N data across both conventional and VHCF re
gimes indicates that the endurance limit of the alloy lies just 
below 117 MPa. Runout was consistently observed at 117 MPa in 
both regimes, while failures occurred at the same stress level in 
select specimens, suggesting sensitivity to defect population. The 
next lower stress levels, 94 MPa in conventional and 105 MPa in 
VHCF, produced no failures, reinforcing the conclusion that the 
true endurance limit resides just under 117 MPa. These results 
support a median fatigue strength of ~ 116 MPa, marking a 
consistent fatigue threshold across regimes and emphasizing the 
alloy’s promising cyclic durability even beyond 109 cycles when 
near-surface defects are minimized.

VI. The comparable endurance limits and defect variability between 
conventional and ultrasonic specimens can be attributed to 
specimen size effects, where larger conventional specimens pre
sented larger killer defects, higher stress intensity factor (Kd), and 
shorter life, whereas VHCF failures were governed by prolonged 
initiation near internal flaws. A SIF threshold value of 0.93 
MPa

̅̅̅̅
m

√
, estimated by considering a 90% reliability level, can be 

conservatively considered for a safe design of parts subjected to 
loads for a very high number of cycles.

Together, these findings demonstrate that the rapid solidification of 
PBF-LB processing, combined with tailored post-aging, yields a refined 
and stable microstructure with enhanced mechanical properties. Fatigue 
performance is governed by defect variability. With an effective defect 
control strategy, PBF-LB Al2139ZrTi demonstrates strong potential for 
use in fatigue-critical, high-performance structural applications.
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