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1. Introduction

Aluminium and its alloys are highly valued for their low density, 
strong mechanical properties, great corrosion resistance, and high 
thermal conductivity, making them ideal for a large number of appli
cations, from automotive to aerospace [1]. Their performance and 
properties are designed based on alloying elements, resulting in Al- 
based alloys that exhibit a wide range of characteristics [2,3]. One of 
the most common alloying elements is silicon, a key element in casting 
alloys thanks to improved fluidity and reduced shrinkage, though it 
forms diamond crystal structure particles that degrade mechanical 
properties [4,5]. Other common elements are copper, whose addition to 
Al-Si-Mg alloys further boosts strength and hardness thanks to precipi
tation hardening [6,7], and iron, which is used to improve temperature 
resistance, though excessive amounts can reduce ductility and promote 
brittle phases [8]. Indeed, a critical iron content for Al alloys has been 
defined depending on the silicon content, i.e. 0.075 x [%Si] – 0.05; iron 
amount that exceeds the critical content can lead to defects and alloy 
embrittlement [9].

Al alloys are already extensively used in traditional processes such as 
wrought and casting. However, new technologies such as Powder Bed 
Fusion Laser Beam (PBF-LB) have surfaced in the past decades, broad
ening the possibilities of both part design and material performance. 
This process overcomes design limitations, enabling the production of 
complex geometries such as cooling channels and lattice structures. In 
addition, the fast cooling rate, i.e. 105-106 K/sec, creates an incredibly 
fine granulometry and a supersaturated solution, enhancing the alloy 
performance. For instance, Si solubility is usually negligible at room 
temperature; however, the fast cooling rates during the process increase 
it significantly, up to 8 %, which makes the solution very saturated, but 
also unstable and particularly sensitive to heat treatments [10]. Many 
studies have focused on the LPBFed aluminium response to heat 

treatments. Traditional heat treatments for cast alloys such as T6 (sol
ubilisation + quenching + artificial ageing) have been widely discussed 
for LPBFed Al alloys, especially for alloys with Cu and Mg, which are 
reinforced by precipitation strengthening. However, the different 
microstructure in LPBFed alloys required a customisation of tempera
tures and holding time of the treatments, since the high temperatures 
homogenise the microstructure but lose the initial strengthening due to 
the peculiar fine microstructure. Later on, adapted heat treatments such 
as direct ageing (T5) and other bespoke treatments were developed to 
improve the material characteristics without overlooking the micro
structure, but instead trying to accommodate it [1,11].

One alloy that has been widely studied for cast production is the 
alloy AlSi9Cu3(Fe) (ENAC-46000). This alloy is a high-performance 
alloy that has already been diffused in many automotive applications 
such as pistons and heat exchangers. Material performance re
quirements have been dictated by BS EN 1706:2020 + A1:2021 stan
dard, i.e. tensile strength (UTS) of 240 MPa, yield strength (YS) of 140 
MPa, minimum elongation at fracture (e) of 1 % and hardness of 80 
HBW, which is about 92 HV according to ASTM E140-12B(2019)e1. The 
presence of Cu makes it suitable for heat treatments to strengthen the 
material. However, AlSi9Cu3(Fe) alloy generally exhibits low plasticity 
because of the brittle Si particles and Fe-rich compounds [12,13]. 
Although it has been extensively studied for casting production, 
AlSi9Cu3(Fe) has only recently been employed for PBF-LB production 
[14–16] and few heat treatments have also been tested, as resumed in 
Table 1.

Roudnicka et al. [12] studied the precipitation strengthening 
mechanism upon T5, focusing on a treatment at 140 ◦C for 26 h, and 
upon a conventional T6, reporting an improvement of strength after 
both heat treatments, mainly associated with precipitation strength
ening, though having a worse elongation at fracture after T5. Fiocchi 
et al. [16,18] tested a similar alloy, which had a smaller amount of Fe, 
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treated at 250 ◦C for different times, focusing on the characterisation of 
the ones treated for 8 and 64 h, and also treated with a conventional T6. 
The latter was found to significantly enhance the material ductility, 
although it reduced its strength. On the other hand, the treatment at 
250 ◦C was optimized with a holding time of 8 h, having a lower strength 
and a slightly better elongation. However, although these heat treat
ments have acceptable results, they show some limitations: the T5 and 
the annealing are particularly long, making them less suitable for in
dustrial applications. In addition, the T6 treatment, commonly used to 
enhance the strength of traditionally produced Al-Si-Cu alloys, has been 
reported to cause an intensive porosity increase, possibly due to incip
ient fusion of Al2Cu or hydrogen diffusion during the high-temperature 
stage, usually over 450 ◦C [12,19,20].

The present study systemically explores the influence of different 
heat treatments on the microstructure of a PBFed AlSi9Cu3(Fe), and 
therefore on its mechanical behaviour, an area that remains insuffi
ciently explored in the current literature. Indeed, while previous studies 
have primarily focused on the as-built condition or on traditional, 
impractically long heat treatments, the present research targets indus
trially feasible, short-duration heat treatments within a temperature 
range that has not been sufficiently investigated, comprehensively 
analysing their impact on the microstructural evolution via image 
analysis, X-ray diffraction (XRD), direct scanning calorimetry (DSC), 
EBSD, and the mechanical performance in comparison to the as-built 
condition. This integrated approach enables a deeper understanding 
on the control of precipitation behaviour through heat treatments and 
with the consequences on mechanical properties, providing practical 
insights for industrial applications and filling a clear gap left by prior 
works in the field. Furthermore, the research allows to understand how 
to tailor the mechanical properties of the heat-treated PBFed AlSi9Cu3 
(Fe) according to specific application needs, whether targeting increased 
strength or enhanced ductility, always maintaining the process indus
trially feasible.

At first, the parameter optimisation is carried out and the as-built 
microstructure is characterised in order to define the starting condi
tion and to enable the systematic evaluation of the subsequent heat 
treatments by comparison. Various heat treatment temperatures were 
chosen according to the thermal response of the as-built alloy, with short 
holding time to meet the treatment feasibility. In particular, a T5 

treatment at 190 ◦C for 1 to 8 h was considered to evaluate the alloy 
strengthening when treated for a shorter time, and different annealing 
treatments at higher temperatures, i.e. 250, 300 and 400 ◦C, were per
formed to try to improve the alloy ductility. Some of these treatments 
were further picked, and the tensile behaviour of heat treated samples 
was tested and discussed according to the microstructure evidence.

2. Materials and methods

The fully dense PBFed samples were fabricated using a commercial 
gas-atomised AlSi9Cu3(Fe) powder supplied by ECKA Granules Ger
many GmbH™. Powder particle size distribution (PSD) and morphology 
were measured using Morphologi 4 Malver Panalytical and Laser 
Diffraction Particle Size Analyzer (Mastersizer 3000, Malvern Pan
alytical). Regarding the latter, the volumetric PSD was evaluated via 
analysis of the diffraction angle of a laser when a small amount of 
powder flows through the chamber, whereas the former measures 
both PSD (numerically distributed) and powder morphology through 
optical image elaboration. The oxygen level in the powder was also 
verified using an elemental analysis instrument (ONH836, Oxygen/Ni
trogen/Hydrogen Elemental Analyzer by LECO), while powder density 
was measured through a pycnometer (Ultrapyc 5000).

The powder was processed in an EOSINT M270 Dual-mode system 
(EOS GmbH) under an argon atmosphere, with oxygen levels below 0.1 
%. To identify the optimum densification, 10x10x10 mm3 cubic samples 
were produced and analysed following a multi-level DOE (Design Of 
Experiment) approach. Two levels of laser power (170 and 195 W), three 
levels of hatch distance (0.10, 0.12 and 0.14 mm) and four levels of scan 
speed (800, 1000, 1200, and 1400 mm/s) were tested, for a total of 24 
sets of parameters. All samples were produced employing a scan strategy 
with a 67◦ rotation after each layer, and with an Al-based building 
platform heated to 100 ◦C. After the PBF-LB process, electro-discharge 
machining was used to remove the as-built specimens from the plat
form. The porosity was measured using the Archimedes principle for all 
samples. The analysis tool CAT was employed to identify relations be
tween parameters and porosity and to pick the optimised set of pa
rameters [21].

The following heat treatments were carried out: in detail, T5 treat
ments at 190 ◦C for different holding times, i.e. 1, 2, 4, and 8 h, and 
different annealing treatments at 250, 300 and 400 ◦C, each held for 0.5, 
1, 2 and 4 h. All heat treatments were performed in air. The reasons 
behind the heat treatments design are discussed in paragraph 3.3.

Material characterisation was carried out using optical microscope 
(Leica DMI 5000 M™) and SEM (SEM EVO™ 15) for microstructure 
analysis along the building direction, with samples prepared using 
paper, silica, and finally etched using a Keller reagent for SEM imaging. 
Microhardness testing was performed on the XZ plane using a VMH 
Vickers tester with a 0.5 kgf load and a dwell time of 10 s, following 
ASTM E384, with five indentations per sample for repeatability. Ther
mal analysis was carried out through DSC using a 214 Polyma apparatus. 
DSC scans were performed in the 25–550 ◦C temperature range with a 
heating rate of 10 ◦C/min under a nitrogen-protective atmosphere.

Phase identification was conducted using XRD with a PANalytical™ 
X’Pert PRO PW3040/60 diffractometer on the as-built and annealed 
samples. XRD scans were performed with Cu-Kα1 radiation in the 2θ 
range of 10-150◦, with a step size of 0.013◦ and a step duration of 60 s, 
and phase identification was performed using the X’Pert HighScore 
software. The XRD pattern was also used to measure the Al lattice 
parameter according to the cosθcotθ method.

On samples treated with selected heat treatments and on the as-built 
one, grain size distribution was assessed via EBSD maps recorded using a 
Tescan S9000G™ FIB-SEM, with a voltage of 20 kV and 10nA, a working 
distance of about 7 mm and a field of view of 70.8 µm, and a 70◦ sample 
tilt. The as-built and heat treated x-z planes were analysed. It should be 
noted that preliminary analyses of the as-built microstructure were re
ported in [22], which analysed the effect of traditional heat treatments 

Table 1 
State-of-art on AlSi9Cu3(Fe) produced by PBF-LB, with details of heat treat
ments and tensile tests results.

Ref. Process 
Parameters

Alloy Condition YS (MPa) UTS 
(MPa)

ε (%)

[15] P = 400 W 
v = 1330 
mm/s 
hd = 0.15 
mm 
lt = 0.05 mm

As-built 219.0 ±
20.0

374.0 ±
11.0

1.9 ±
0.2

[17] Stress Relieving 
(300 ◦C/ 2 hrs)

~220.0 ~340.0 ~2.2

[12] T5 (140 ◦C/26 hrs) 300.0 ±
18.0

395.0 ±
14.0

1.7 ±
0.1

T6 (520 ◦C/6 hrs +
water quench +
160 ◦C/10 hrs)

326.0 ±
23.0

380.0 ±
13.0

2.6 ±
0.2

[14] P = 350 W 
v = 1200 
mm/s 
hd = 0.12 
mm 
lt = 0.05 mm

As-built (powder A1) 228.0 ±
2.0

455.3 ±
1.3

5.1 ±
0.1

As-built (powder B1) 253.7 ±
2.7

486.7 ±
4.7

5.3 ±
0.3

[16] P = 275 W 
v = 2250 
mm/s 
hd = 0.09 
mm 
lt = 0.03 mm

As-built 266.1 ±
0.1

462.5 ±
3.0

4.5 ±
0.1

T6 (470 ◦C/6 hrs +
water quench +
160 ◦C/24 hrs)

206.0 318.7 7.8

[18] 250 ◦C/ 8 hrs 231.8 ±
1.5

380.5 ±
1.2

4.8 ±
0.5

250 ◦C/ 64 hrs 229.5 ±
1.1

380.3 ±
0.7

5.8 ±
0.1

L. Ilaria et al.                                                                                                                                                                                                                                    Materials & Design 258 (2025) 114591 

2 



on machining and corrosion behaviour of the alloy. However, discussion 
on these analyses is further extended in the present work to improve the 
understanding of the effect of heat treatments on the microstructure.

Tensile tests were also performed on the as-built and heat treated 
samples with the same selected treatments. The specimens were 
designed according to ASTM E8, and built with the longitudinal axis 
parallel to the platform. Tests were performed at room temperature, 
with a preload of 3 MPa and a test speed of 0.008 1/s.

3. Results and discussion

3.1. Powder analysis

The powder used for the sample production was a commercial 
powder provided by Ecka Granules Germany GmbH. Its chemical 
composition, as provided by the producer, is reported in Table 2 in 
comparison to the one reported by the normative EN 1706:2020 +
A1:2021 for AlSi9Cu3(Fe), alloy designation ENAC-46000. The oxygen 
level in the powder, verified through LECO analysis, is equal to 0.1040 
± 0.0005 %, confirming what was declared by the producer, i.e. 0.11 %. 
The density of the material was assessed at 2.76 g/cm3 through pyc
nometer analysis.

The PSD of the powder was measured through two different tech
nologies, i.e. static automated imaging and laser diffraction particle size 
analyser. The PSD resulting from both analyses are reported in Fig. 1. 
The imaging analysis (Fig. 1.a) revealed a finer fraction since it is a 
numeric evaluation, and by so, it highlights finer fractions, which might 
instead get lost in the volumetric one (Fig. 1.b) [23].

Image analysis through Morphologi 4 also allowed the evaluation of 
the morphology of the powder, represented through circularity in Fig. 2. 
a, where the circularity is defined as the ratio between the equivalent 
area circle and the area of a circle with the actual perimeter of the 
particle, meaning that the closer to 1, the more spherical the particle is. 
As can be seen, even though high, the measured values were not 
excellent. SEM images were analysed to investigate the powder 
morphology further (Fig. 2.b,c). As previously stated [22], irregularly 
shaped particles and a high number of satellites were spotted, which 
negatively affected overall sphericity. These powder irregularities might 
also affect the efficiency of the process: irregular shapes generally 
decrease powder flowability and packing efficiency [24,25], and satel
lites might lead to undesirable phenomena during the process, such as 
spattering, uneven recoating and also leading to a rougher final surface 
[26].

3.2. As-Built microstructure

Samples were then produced through PBF-LB technology. A multi- 
level factorial design was employed to evaluate the best parameters 
that ensured the highest densification level. In particular, two levels of 
laser power, three levels of hatch distance and four levels of scan speed 
were incorporated while maintaining all the other parameters constant 
for all specimens, as depicted in the Material and Methods section. At 
first, it was noted that the lower laser power, i.e. 170 W, implied a 
decreased final density of the samples for all sets of parameters, making 
the higher power, i.e. 195 W, more suitable to obtain denser samples 
(Table A1). The samples produced at 195 W showed an adequate low 
porosity, with a minimum of 0.17 % and a maximum of 2.2 %. The 
response of porosity as a function of hatch distance and scan speed, with 
a constant power of 195 W, is depicted in Fig. 3. Besides the laser power, 

the DOE analysis highlighted a significant correlation between porosity 
and scan speed, either on its own or in relation to hatch distance. It can 
indeed be observed how the final density tended to decrease when 
increasing the scan speed, especially at higher hatch distance, due to a 
lower energy density that might lead to lack of fusion [27]. However, an 
increase in porosity could also be observed at low scan speeds and low 
hatch distances. Indeed, the too-high energy density in this case could 
lead to overheating and the appearance of keyholes [28]. Accordingly, 
the optimised set of parameters was picked to be laser power of 195 W, 
scan speed of 800 mm/s and hatch distance of 0.14 mm.

The microstructure obtained with the optimised process parameter 
combination was observed through an optical microscope and in further 
detail through SEM confirming previous analyses [22]. As can be 
observed in Fig. 4.a,b, the characteristic fish-scale-shaped melt pools 
(MP) were clearly observable on the as-built surface along the building 
direction. Though showing an overall good density, some porosities 
could still be spotted, even though mainly of small scale and regular 
shape (Fig. 4.b). However, a few more significant and more irregular 
pores could be found, i.e. lack of fusion, which might have been caused 
by spattering phenomena or by unforeseen episodes during the process 
(Fig. 3.e,f). It was observed that the microstructure changed in the 
proximity of these lack of fusion, with coarser cellular structure in the 
MPs above the lack of fusions. This difference may result from the 
varying thermal conductivity of the air trapped in the keyhole pores 
compared to that of the fused solid material since the latter is higher, 
leading to better conduction of the heat generated during the melting 
[29,30]. Observing the MP with optical microscope at higher magnifi
cation allowed to identify the different cellular structures in the MP 
(Fig. 4.c,d), which becomes even more evident by SEM images (Fig. 5).

Indeed, the MP centre was characterised by a very dense and fine 
cellular structure, with an α-Al matrix surrounded by a eutectic Si 
network (Fig. 5.c,e). The same network can be seen at the MP bound
aries, though bigger cells and thicker Si networks were observable, 
which were caused by the re-heating of the overlapped area during 
consequent layer melting (Fig. 5.d,f). The measured cell size (λ) was 
around 0.47 ± 0.15 µm in the MP centre and 1.04 ± 0.65 µm at its 
border. A cooling rate (Ṫ) of one magnitude slower at the border (9.98E4 
K/s) compared to the centre (1.10E6 K/s) was measured through the 

Matyja equation (i.e.λ = 43.2Ṫ− 0.324), which correlates cooling rate and 
cell size [31,32]. It is also possible to identify a third area, just below the 
MP border, where the network was partially broken, with dispersed Si 
particles. This area, known as the Heat Affected Zone (HAZ), is 
considered an MP fine zone of the underlying layer that was altered by 
heat during the lasering of the top additional layer (Fig. 5.b) [29,33]. 
The different states of the Si network have been proven to influence the 
mechanical behaviour of the alloy. Tang et al. [34] reported a lower 
measured hardness at the MP boundary compared to its centre for an 
AlSi10Mg alloy, which was also seen to influence the ductile failure of 
the sample since the coarser cells make the area softer and lead to 
tearing.

XRD analysis was performed to observe the phases in the as-built 
material further (Fig. 6.a) [22]. The main peaks were identified as ma
trix α-Al and eutectic Si, which compose the cellular network. However, 
other minor phases could be identified, mainly the Al2Cu compound, in 
good agreement with Fiocchi et al. [16]. These peaks had a very low 
intensity, and most pattern peaks were hidden below more intense ones, 
making their unequivocal definition more complex. The low intensity 
can be caused by their low presence and size in the as-built material 

Table 2 
Powder chemical composition as provided by the producer, compared to the one reported by the standard.

%wt Si Cu Fe Mg Mn Zn Other Al

Ecka DataSheet 9.3 3.0 0.91 0.29 0.21 0.81 − Bal.
EN 1706:2020 + A1:2021 (E) (ENAC-46000) 8.0–11.0 2.0–4.0 <1.3 0.05–0.55 <0.55 <1.2 ​ Bal
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since their precipitation was limited by the high cooling rate during the 
PBF-LB process. However, an observation can be made to validate the 
presence of Al2Cu. There are two peaks at approximately 28.5◦ (peak A) 
and 47◦ (peak B), which were associated with the Si pattern at 100 % 
intensity, Si (111), and 55 % intensity, Si (220), respectively. None
theless, the two peaks have very similar intensities, i.e. 2.50 and 2.02 %, 

with peak B being 81 % of peak A. Notably, peak B can also be associated 
with the Al2Cu (310) peak of 100 % intensity. At ~ 47◦, Si and Al2Cu 
peaks are very close to each other and display low signal. When the 
signal has low intensity, peaks become lower and larger; thus, the two 
different peaks cannot be recognised, but a single larger peak can be 
found. So, it can be presumed that Al2Cu contributed to increasing the 
intensity of peak B, making it more similar to peak A. It was also possible 
to identify other small phases, with intensities lower than 1 %, pre
sumably associable with other precipitates of the Al2Cu precipitation 
sequence, i.e. AlCu, θ“, θ’, θ and Al3Cu2, or other minor Al-Cu-Fe phases.

In addition, in order to correctly identify the proper temperatures for 
heat treatments, a DSC analysis was carried out, to observe the relevant 
temperatures of precipitation phenomena taking place while heating the 
as-built sample (Fig. 6.b) [22]. Four different exothermic peaks could be 
identified. The first, more prominent peak (A) was associated with the 
precipitation of both Si and θ’’, with an onset temperature of 189 ◦C and 
a peak temperature of 248 ◦C. Peaks B and D completed the precipitation 
sequence of the Al2Cu phase, with peak B associated with the precipi
tation of θ’ (onset temperature of 312 ◦C) and peak D with the precip
itation of θ (onset temperature of 456 ◦C). Peak C represented instead 
the spheroidization of previously precipitated Si phases. These peak 
assignments are in accordance with what was already observed by 
Fiocchi et al. for this composition [16]. In addition, according to [35], 
peak D can be otherwise associated with Al-Fe phase precipitation in an 
Al-Fe-Si alloy.

Grain size within the MPs was estimated through EBSD maps (Fig. 7). 
An average Feret diameter of 7.29 µm was measured, though it was 
possible to clearly distinguish two different types of grains in two 
distinct areas of the MP. Indeed, the MP borders were characterised by 
smaller and equiaxed grains, exhibiting a Feret diameter in the range of 

Fig. 1. PSD measured through image analysis with numeric distribution (a) and laser diffraction with volumetric distribution (b).

Fig. 2. a) Circularity of the powder, plotted as numeric distribution; b-c) SEM images of the powder.

Fig. 3. Porosity response surface in relation to hatch distance and scan speed, 
having a constant 195 W laser power, as analysed by the DOE tool CAT.
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0.5–5.0 µm. This resulted from the fastest heat conduction in the liq
uid–solid interface during the melting. On the other hand, elongated 
grains were observed at the MP centre, having a Feret diameter ranging 
from 50 µm to as much as 100 µm. Indeed, the slowest heat dissipation in 
this area lets the grains grow following the thermal gradient [15]. 
Finally, it must be noted that a preferential {001} texture could be 

observed, though not very strong and with a small MUD parameter, 
below 4. This was caused by the applied scanning strategy during the 
sample production, i.e. 67◦: indeed, this strategy tended to interrupt the 
columnar grain growth, resulting in a weaker texture [36].

Fig. 4. Microstructure of the as-built alloy at different magnifications, with focus on a lack of fusion (e-f). Yellow arrows in (b) indicate pores. (For interpretation of 
the references to colour in this figure legend, the reader is referred to the web version of this article.)

Fig. 5. SEM images of the as-built microstructure at different magnifications: (a-b) shows the different microstructural areas in the MP; (c-e) show the fine 
microstructure inside the MP; (d-f) show the coarser microstructure at the MP border.
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3.3. Heat treatments

Different heat treatments at four different temperatures and various 
holding times were performed on cubic samples to observe the micro
structure transformation when subjected to different heat treatments.

Firstly, a typical T5 treatment was performed. The T5 treatments 
have been widely reported to improve the aluminium alloy strength 
[37–39], thanks to the controlled precipitation that hinders dislocation 
motion without any significant grain growth or loss of silicon network 
nor supersaturated solution. To achieve this result, the treatment is 
typically conducted at a temperature not exceeding the first precipita
tion onset temperature, ensuring that the precipitation potential is fully 
utilised. The closer the temperature is to the onset temperature, the 
shorter holding time is needed to reach the hardness peak [6]. For this 
work, the temperature was then set at 190 ◦C, which is the exact onset 
temperature of Si precipitation (peak A in Fig. 6.b). The treatment was 
performed at different times, i.e. 1, 2, 4 and 8 h.

Then, three different temperatures for annealing treatment were 
picked. Indeed, aluminium alloys produced by PBF-LB are characterised 
by phenomenal strength but very low ductility and fracture toughness 
[12,40,41]. In AlSi9Cu3(Fe), this fragile behaviour is also intensified by 
the presence of brittle Si precipitates, which, though increasing the 
strength, tend to decrease the elongation properties [42]. In addition, 
the high Fe content tends to be detrimental for mechanical character
istics such as toughness and ductility, especially when exciding its critic 
content, which for an Al alloy with 9.3 % of Si such us the AlSi9Cu3(Fe) 
used in this study should be 0.65 % [9,42]. To achieve a balance be
tween strength and elongation, heat treatments at higher temperatures, 
such as annealing, can be performed. Indeed, annealing is typically 
performed between the upper limit temperature of T5 and the lower 
temperature for solution heat treatment [43]. Heat treatments between 
200 and 400 ◦C have been reported to homogenise PBF Al-Si parts 
successfully; in addition, treatment at a temperature lower than 270 ◦C 
has been reported to maintain the eutectic Si network, whereas higher 

Fig. 6. (a) XRD pattern of the as-built alloy (b) DSC curve of the as-built alloy.

Fig. 7. EBSD map of the as-built alloy and its pole figure,
adapted from previous work of the authors [22]
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temperatures lead to an improvement in ductility, though at the expense 
of strength [11,18]. Also, treatments over 415 ◦C, i.e. a common upper 
limit of annealing for aluminium alloys, might lead to excessive soft
ening and critical grain growth, making the treatment more similar to a 
solubilisation [43,44]. Further increasing the temperature to over 
450 ◦C might also lead to porosities increase [12,19,20]. The selected 
temperatures in this work are then based on the thermal analyses con
ducted on the as-built samples, and are 250, 300 and 400 ◦C. Precisely, 
250 ◦C corresponds to the peak temperature for the precipitation of θ’’ 
and Si phases (peak A in Fig. 6.b), while 300 ◦C marks the onset tem
perature of θ’ precipitation (peak B in Fig. 6.b). Lastly, the choice of 
treating at 400 ◦C ensures the complete precipitation of Si, θ’’, and θ’, 
while also preventing the formation of undesired phases such as θ-Al2Cu 
and potentially Al-Fe, which could compromise the alloy properties. 
Indeed, when the Al-Cu phase transforms to the thermodynamically 
stable but incoherent phase θ-Al2Cu, a drastic decrease in the mechan
ical properties can be reported due to the reached overageing condition 
[42,45,46]. These treatment selections, summarised in Table 3, are 
carefully made to optimise phase formation and preserve the integrity of 
the alloy, while also being feasible for actual applications.

3.3.1. Direct ageing
T5 is a single-step heat treatment that has been widely employed to 

improve material hardness. Indeed, the low temperatures retain the fine 
cellular structure, while simultaneously activating the formation of 
small precipitates. In addition, this approach preserves the contribution 
of the supersaturated solid solution to strengthening. However, holding 
time must be carefully controlled, as prolonged T5 treatments might 
lead to excessive precipitation, losing supersaturation and causing 
phases coarsening, detrimental to the final mechanical performance 
[11,43]. Indeed, once the precipitates begin to coarsen, their contribu
tion to strengthening diminishes as the dislocations adopt the Orowan 
looping mechanism rather than cutting through the phases [6,47,48].

In this work, the peak hardness has been reached at 190 ◦C after 1 h, 
with an increase of about 5 %, from 148.6 HV measured in the as-built 
material to 155.9 HV after 1 h of treatment, as can be seen in Fig. 8.a. 
The peak is particularly steep, and the hardness decreased drastically 
when treated for over two hours, which is attributed to the overageing 
[6]. Indeed, the unstable microstructure resulting from the over
saturation of the matrix in the as-built material induces an accelerated 
precipitation mechanism when it is subjected to thermal treatments, 
strengthening the material by precipitation hardening. In addition, 
being very close to the temperature where precipitation begins speeds 
up solute diffusion and phases precipitation. In order to correlate the 
hardness to the microstructure evolution at different holding times, DSC 
and SEM image analyses were carried out on heat treated samples.

More detailed assumptions can be made by observing the thermal 
behaviour after heat treatment through the DSC analysis (Fig. 8.b). It 
shows that the first peak (peak A in Fig. 6.b) gradually disappeared when 
the holding time increased, whereas the other peaks remained unaltered 
even in the sample heat treated for 8 h. This indicates that Si and θ’’ 
compounds tended to precipitate massively already after being heat 
treated for 1 h since the analysis showed a halved first peak, with a 
significantly reduced enthalpy, from 7.60 in the as-built to 2.68 J/g. Si 
and θ’’ precipitation was fulfilled after 8 h of heat treatment, as can be 
observed by the complete disappearance of the peak.

Image analysis allows to identify the microstructure evolution during 
T5 treatments (Fig. 9). At lower magnification, no differences between 

as-built and heat treated microstructures could be identified: even after 
longer heat treatments, MP shapes were still clearly recognisable, with 
the thinner cellular structure in the centre and coarser in the borders 
(Fig. 9.a,d,g). However, at higher magnifications, some differences can 
be highlighted. Already after 1 h of treatment, a higher density of 
nanoscale Si particles could be spotted in the cells at the MP boundaries, 
as highlighted in some spots in Fig. 9.c with yellow arrows, confirming 
the ongoing Si precipitation that had been recorded in the DSC analysis. 
Indeed, it has already been reported that large amounts of Si and Cu 
atoms remain trapped in the Al lattice due to the high-speed cooling 
rates during the PBF-LB process. This entrapment leads to a highly su
persaturated matrix, with Si and Cu atoms that tend to diffuse and 
nucleate into phases even during low-temperature heat treatments, like 
T5 [49,50]. Also, these small precipitates are the result not only of the 
precipitation of new Si particles out of the supersaturated Al matrix, but 
also of the coarsening of already existing nano-sized particles [48]. In 
addition, the eutectic Si network was entirely unaffected by the heat 
treatment. On the other hand, after 4 h, some discontinuities in the 
eutectic Si network began to be evident, becoming even more identifi
able after 8 h of heat treatment (Fig. 9.f,i). As a matter of fact, after 8 h, 
the precipitation of the Si was fully completed, as could be inferred from 
the disappearance of the first peak in the DSC curve, and the agglom
eration of bigger Si particles became significant, as a consequence of the 
broken Si network. Indeed, the internal energy of the system tends to
ward a more energetically stable state, which means having a smaller 
surface energy. To reach this state, the system favours the coalescence of 
bigger particles, which have low energy thanks to a lower surface-to- 
volume ratio, instead of structures with high surface energy, such as 
the Si network [51]. The coalescence and growth of the Si precipitates, 
in addition to the impoverishment of the supersaturated solid solution, 
led to the aforementioned hardness drop, inducing overageing. Indeed, 
after 4 h, the hardness decreased, reverting to a value close to the as- 
built condition, i.e. 148.8 HV. After 8 h, the weakening of the micro
structure became more pronounced, inducing a decrease of 3.5 % 
compared to the as-built condition, with a hardness of 143.5 HV.

To summarise the observations made, the T5 process significantly 
improved hardness up to a peak after 1 h of treatment, but prolonged 
heat exposure led to overageing and a subsequent decline in hardness. 
The microstructure evolved with the precipitation of Si particles, 
initially strengthening the material, but as the heat treatment time 
increased, the coarsening of the precipitates, breaking of the network 
and depletion of the supersaturated solid solution reduced their 
strengthening contribution. This behaviour is reflected in both hardness 
measurements, phase evolution and microstructural changes observed 
through DSC and SEM, highlighting the critical role of holding time in 
achieving optimal material properties.

3.3.2. Annealing
As mentioned before, T5 treatments are well known to strengthen the 

material, thanks to the induced precipitation, without losing the su
persaturation of the solution and the characteristic cellular structure. 
However, no improvement in ductility is usually detected, and in some 
cases, even a decrease was found, for instance, because of the unwanted 
precipitation of brittle phases that fasten up the crack propagation when 
the material is subjected to tensile stress [6], limiting the application of 
T5 treated material. On the other hand, a treatment that improves ma
terial ductility and fracture toughness is annealing. This treatment 
produces one of the most ductile conditions for aluminium alloys thanks 
to higher treatment temperatures, usually between the highest ageing 
temperature and the lowest solubilisation one [43].

In this work, three different temperatures and four different holding 
times were tested. The effect of the different heat treatments on the 
hardness is depicted in Fig. 10. As expected, a drastic hardness drop was 
measured after all heat treatments, which was directly related to the 
softening caused by the high temperatures, showing their effect even 
after very short holding times. Indeed, a decrease of hardness could be 

Table 3 
Heat treatments design.

As-built (no heat treatment)
Temperature (◦C) Holding time (hrs)

190 1–2-4–8
250, 300, 400 0.5–1–2–4
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measured already after 30 min of heat treatment, with a drop of 9.3 % 
(134.8 HV), 12.7 % (129.8 HV) and 32.3 % (100.6 HV) with treatments 
at 250, 300 and 400 ◦C respectively. The values kept decreasing when 
holding the heat treatment for longer times: when treated for 4 h, a 
further decrease of the hardness was measured, with an additional 
reduction of 5 and 7 % for samples treated at 250 and 400 ◦C respec
tively, and even an additional 10 % for samples treated at 300 ◦C, with 
respect to the corresponding shorter treatments. It can also be observed 
that the standard deviation tended to be much lower after heat treat
ments at 400 ◦C, which was related to a presumable homogenisation of 
the microstructure that can be guaranteed by the higher temperature, 
which is closer to typical solubilisation temperatures, like 450 ◦C [11]. It 
is also worth noting that the reduction in hardness after treating for 1 h 
compared to after 30 min is almost negligible for all temperatures. 

However, a soaking period of at least 1 h is typically employed in heat 
treatment processes to ensure a more homogenous temperature distri
bution throughout the sample [43]. Therefore, the ensuing analyses will 
focus on samples treated with a minimum soaking time of 1 h and a 
maximum of 4 h.

Thermal analysis by using DSC allowed to analyse the precipitation 
sequences that had already occurred during the heat treatment. As can 
be seen in Fig. 11, the first peak, associated to Si and θ’’-Al2Cu precip
itation, was entirely absent in all samples, suggesting that both phases 
have already fully precipitated during the heat treatment. After heat 
treatments at 250 ◦C for 1 and 4 h, the second peak was still observed, 
suggesting that both θ’ precipitation and Si spheroidization have not 
occurred yet during the heat treatment. In contrast, after heat treatment 
at 300 ◦C for 1 h, only the peak associated with Si spheroidization could 

Fig. 8. (a) Hardness curve at different ageing times; (b) DSC of T5 heat treated samples compared with that of the as-built sample.

Fig. 9. SEM images at different magnifications of the samples heat treated at 190 ◦C for 1 h (a-c), 4 h (d-f), 8 h (g-i). Some peculiarity are addressed by the different 
arrows, like nanometric Si particles (yellow arrows), eutectic Si network (red arrows), broken Si network (blue arrows). (For interpretation of the references to colour 
in this figure legend, the reader is referred to the web version of this article.)
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be identified, indicating a more advanced state of θ precipitation. This 
peak was completely absent after a longer treatment, leading to the 
conclusion that the microstructure might be characterised by spheroi
dised Si particles rather than Si network. At last, treatments at 400 ◦C led 
to an almost complete precipitation of phases, with the exception of 
θ-Al2Cu, whose peak was still recognisable after each heat treatment.

Image analysis is required to observe and discuss the evolution of the 
microstructure when subjected to increasing treatment time and tem
perature (Fig. 12). After 1 h of heat treatment, significant changes in the 
microstructure can already be observed for samples treated at all tem
peratures. At lower magnifications, MP shapes were still recognisable 
after each heat treatment. It was also evident how the microstructure 
maintained the cellular network in heat treated materials at 250 and 
300 ◦C, with coarser cells at the melt pool boundaries and smaller ones 
in the centre. On the other hand, the network completely disappeared in 
samples treated at 400 ◦C; nonetheless, the typical fish-scale shape was 
still visible. Indeed, phases tended to precipitate and grow first at the MP 
boundaries, following their shapes. In contrast, the ones in the MP centre 
precipitated and coalesced more heterogeneously. At 250 ◦C, fine pre
cipitates within the cells were visible, similar to those noted during the 
T5 treatment (Fig. 12.a,b). The network remained mostly continuous, 
although signs of breakage were beginning to appear in several loca
tions, especially along thinner lines. Indeed, treatments below 270 ◦C 
have been reported not to drastically affect the eutectic Si network [5]. 
On the other hand, in the sample treated at 300 ◦C, the network was 
almost entirely discontinuous, and Si precipitates from the network 

spheroidised (Fig. 12.e,f). The higher temperature likely facilitated the 
complete precipitation of Si, shifting the internal energy equilibrium 
towards network breakdown. This resulted in a complete disintegration 
of the network and activated the spheroidization of the particles. This 
process aligns with the previous observations of the disappearance of the 
first peak and the presence of a second, lower-energy peak noted during 
the DSC analysis. At 400 ◦C, the cellular structure was completely 
dismantled; however, as aforementioned, the MP shape was still rec
ognisable thanks to the preferential precipitation of phases at MP bor
ders (Fig. 12.i,l). Indeed, big darker phases could be seen at the MP 
borders, big up to 1 µm; in the MP centre, dispersed precipitates of 
different sizes and shapes can be spotted. The higher temperatures 
allowed a complete precipitation, as could be inferred from the disap
pearance of the precipitation peaks during the DSC analysis: the already 
precipitated phases tend to coalesce and grow in size, leading to bigger 
precipitates.

A few changes can be observed after the heat treatment at 250 ◦C for 
longer treatment times. The network was partially broken but still 
clearly present, and Si nanoprecipitates kept nucleating inside the cells 
(Fig. 12.c,d). This observation is in accordance with the work of Fiocchi 
et al. [18], who observed a preserved, though fragmented, eutectic Si 
network for heat treatment at 250 ◦C with much higher holding time, i.e. 
8 and 64 h. On the other hand, a few differences can also be observed at 
400 ◦C for longer holding times: indeed, fewer and bigger precipitates 
can be identified, which have grown upon longer treatment through the 
Ostwald ripening mechanism [11] (Fig. 12.m,n). However, the influence 
of longer treatment time on the microstructure becomes more evident 
for heat treatment at 300 ◦C. The MP shape is still clearly observable at 
lower magnification (Fig. 12.g), but the differences become undoubtedly 
evident when observing at higher magnification (Fig. 12.h). The frag
mentation of the network was completed, and Si precipitates spheroid
ization and coalescence through Ostwald ripening mechanism was 
ongoing. Indeed, instead of the continuous network and the nanometric 
precipitates, bigger and more spheric particles were observed, which 
confirms what was already suggested by the DSC, where the peak 
associated with the Si spheroidization was not present. It can also be 
highlighted that the samples heat treated at 300 ◦C were also the ones 
displaying the highest hardness drop when treated for 4 h compared to 
after 30 min, i.e. minus about 10 %, which could be explained with the 
highest microstructural differences in samples treated at different times, 
compared to the other two treatment temperatures.

Afterwards, XRD analysis was also conducted to identify the phases 
in each heat treated sample (Fig. 13). It can be observed that longer 
treatment and higher temperature led to the appearance of new, small 
peaks. In addition, a higher intensity of the peaks already observed in 
the as-built alloy, i.e. fcc-Al, diamond cubic Si and tetragonal θ-Al2Cu, 
was recorded, though the latter kept having an intensity lower than 3 %. 
The higher intensity of the peaks indicates a higher presence of the 

Fig. 10. Hardness curves at different annealing temperatures and times.

Fig. 11. DSC curves after annealing treatments compared with that of as- 
built sample.
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phases, which became more detectable. In particular, Si peaks became 
narrower and more intense, due to the high precipitation rate affected 
by the heat treatment. This became even more evident for heat treat
ment at 400 ◦C, thanks to a high Si particle coalescence that generated a 
more intense signal during the analysis. It is interesting to dwell on the Si 
(220) peak, located at about 47◦ (Fig. 13.b). As aforementioned, the 
intensity of the peak in the as-built material suggested that the peak, 
being broader because of the lower signal, overlapped with the Al2Cu 
(310) peak. However, it can be noted that at a low treatment time and 
temperature, the Si peak became narrower, allowing the Cu peak to be 
recognisable. The more the Si peak became intense, the more the Al2Cu 
one was visible, as can be undoubtedly observed in the sample treated at 
400 ◦C for 4 h, where the two peaks were completely independent. It can 
also be observed that the Al peaks tended to gradually shift towards 
lower angles when samples were subjected to higher treatment tem
peratures, as can be seen for peak Al (200) (Fig. 13.c). This shift is a 
consequence of the diffusion of Cu and Si atoms out of the supersatu
rated solution, which induced a release on the Al lattice, since both Cu 
and Si, but also Fe, have a smaller atomic radium than Al [52–54]. 
Indeed, the measured lattice parameter clearly increases after each heat 
treatment (Fig. 13.d) compared to the as-built state, suggesting the 
lattice relaxation due to the full precipitation of Si and θ’’-Al2Cu that 
occurred after these heat treatments, as evidenced by the complete 
disappearance of the first peak in the DSC curves (Fig. 11). However, 
lower lattice parameters when increasing the treatment temperatures 
can also be observed. The effect of Si precipitation on the parameter is 
the same after all heat treatments, since Si has fully precipitated after all 

of them, as demonstrated by the disappearance of the associated peak in 
the DSC (Fig. 11). On the other hand, only a minor amount of Cu and Fe 
are still in solid solution after heat treatment at higher temperatures, 
mostly to fulfil the precipitation sequence of the θ phase, while the 
remaining has already precipitated. However, the more pronounced 
precipitation of Cu and Fe during these heat treatments might not result 
in any significant lattice release compared to treatments at lower tem
peratures. On the other hand, it can be inferred that other elements in 
solid solution, such as Mg, might precipitate during these heat treat
ments, since Mg precipitation has the effect of decreasing the Al lattice 
parameter, instead of increasing it. Nonetheless, it is not possible to 
unequivocally confirm the presence of Mg-phases based solely on this 
observation, since no other significant evidence has been reported.

Low-intensity peaks associated with minor phases tended to appear 
when treating at higher temperatures. However, their intensity did not 
exceed 2 %, thus suggesting that, even though they precipitated in 
higher percentages for longer and higher temperatures treatments, these 
phases kept being in small amounts and reduced size, making their 
detection through XRD less efficient. They are presumably associated 
with minor Al-Cu-Fe phases, in particular N-Al7Cu2Fe, Al23CuFe4 and 
Al8Fe5 [55], though their characteristic acicular shape could not be 
unequivocally spotted in the image analysis. Other minor phases 
detected in literature for similar alloys could be associated with some of 
these minor peaks, like Al15(FeMn)3Si2 [56], Al8Fe2Si [57], and β-Mg2Si 
and Q- Al4Cu2Mg8Si7 [55], though the small amount of Mg and Mn and 
higher Cu content in the present alloy makes their presence less likely. It 
must be highlighted that the reduced amount of these minor phases and 

Fig. 12. SEM images at different magnifications of annealed samples, following heat treatment at 250 ◦C for 1 h (a,b) and 4 h (c,d), at 300 ◦C for 1 h (e,f) and 4 h (g, 
h), at 400 ◦C for 1 h (i,l) and 4 h (m,n). Some peculiarity are addressed by the different arrows, like nanometric Si particles (yellow arrows), eutectic Si network (red 
arrows), broken Si network (blue arrows), spheroidised Si (light blue arrows). (For interpretation of the references to colour in this figure legend, the reader is 
referred to the web version of this article.)
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the consequent low signal did not allow for confirmation of their pres
ence through only XRD analysis; more advanced detection techniques, 
like TEM, should be introduced in future works to confirm or dismiss 
their presence entirely. Nonetheless, previous studies on similar alloys 
have tried to detect minor phases through this sophisticated analysis 
[12,15]. They managed to identify Si and Al2Cu phases clearly and to 
detect Fe content on as-built, but failed to identify the actual composi
tion of these phases rich in Fe [15]. However, they managed to precisely 
identify these phases after a T6 treatment, thanks to the massive growth 
of the precipitates. In particular, they detected the phases Al5FeSi, 
Al7Cu2Fe and Al8Fe5 [12]. So, it can be presumed that these phases 
might also be present in the present work, though in a radically smaller 
size and amount due to lower temperatures applied.

In summary of the findings, annealing processes result in significant 
changes in the material microstructure, reducing the hardness. Materials 
heat treated at 400 ◦C showed the lowest hardness results, caused by the 
complete disappearance of the Si network and the depletion of the su
persaturated solution, and an improved homogenisation of the micro
structure, with larger phases more homogenously dispersed in the 
material. This heat treatment also led to a higher degree of precipitation 
of Si and other phases rich in Cu and Fe. At 300 ◦C, the treatment time 
has more evident effects, with an almost complete disintegration of the 
network at a shorter time and a full dismantling and advanced spher
oidization of the Si particles for longer times. At 250 ◦C, the treatment 
led to the partial breakage of the cellular network, with fine precipitates 

forming within the cells.

3.4. Selected heat treatments

To further investigate the impact of heat treatment on the material, 
more detailed analyses were performed on samples treated at four 
different temperatures for a selected holding time. Specifically, EBSD 
was used to observe grain modifications, while tensile tests assessed how 
heat treatments influenced the material static mechanical behaviour.

For the T5 heat treatment, a holding time of 1 h was chosen, as it 
corresponds to the peak hardening time. The same treatment time was 
picked for the annealing processes, in order to achieve adequate soft
ening without significantly compromising the material strength, while 
also improving the feasibility of the industrial process.

3.4.1. EBSD after selected heat treatments
Fig. 14 shows the EBSD maps of Al grain structure along the building 

direction after 1-hour heat treatment and their polar figure plot, each 
with the indication of the MUD parameter for the intensity of weaving. It 
can be observed that the two distinct grain areas, i.e. small equiaxed 
grains at the MP borders and elongated larger grains inside the MPs, 
remained clearly distinguishable even after all heat treatments. Addi
tionally, a small amount of grain growth was measured after each heat 
treatment for both Equivalent Circle Diameter (ECD) and Feret diam
eter, as shown in Table 4. However, it is important to highlight that the 

Fig. 13. (a) XRD pattern of annealed samples (b) detail of peaks between 37 and 49◦ (c) detail of peak Al (220), showing the peak shift after annealing, (d) table of 
measured Al lattice parameter, in particular, the as-built one and after heat treatments for 1 and 4 h.
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reported variations in grain size were minimal and fell within the range 
of the standard deviation. Therefore, the differences in results can be 
more likely attributed to the variability in local grain size. These ob
servations support the assumption that the heat treatment does not 
affect grain growth, as has already been observed during the heat 
treatment of other aluminium alloys [18,58,59]. Indeed, as reported by 
Takata et al. [60], the eutectic Si particle acts as an inhibitor for the Al 
grain growth, limiting their growth even at higher treatment tempera
tures. Nonetheless, after the heat treatment at 400 ◦C, some larger grains 
were observed, reaching even a maximum Feret diameter of 169 µm. 
This might be attributed to the complete disappearance of the Si 
network, which resulted in the precipitation of larger and more 

dispersed particles, thereby reducing the inhibitory effect on grain 
growth.

Observing the pole figure, a preferential orientation along the {001} 
direction can be identified for the elongated grains along the building 
direction, as per other Al alloys [18,58,61,62]. It can also be observed 
that the MUD parameter, which is dependent on the intensity of the 
grain weaving, tended to decrease slightly for higher temperature 
treatment, going from 3.94 after heat treatment at 190 ◦C to 3.05 after 
400 ◦C-treatment. This can be correlated to a homogenisation of the 
microstructure at higher temperatures and minor recrystallisation, with 
the nucleation and growth of grains with different orientations, which 
led to a weakening of the weaving [63].

3.4.2. Tensile tests after selected heat treatments
The static mechanical behaviour was evaluated through tensile tests, 

with the results reported in Table 5 and Fig. 15. As aforementioned, the 
BS EN 1706:2020 + A1:2021 standard states minimum requirements for 
the mechanical behaviour of an AlSi9Cu3(Fe), i.e. a YS of 140 MPa, a 
UTS of 240 MPa and a minimum ε of 1.00 %. The as-built sample not 
only utterly satisfied the standard requirements but also outperformed 
the yield and tensile strength of most AlSi9Cu3(Fe) alloys produced by 
casting [13,64,65], having a YS of 298 MPa, a UTS of 429 MPa and an 
elongation to failure of 2.97 %. However, as expected, the elongation 
was still very low, in some cases even lower than the cast counterpart 
[64], a symptom of the poor toughness of the as-built alloy and a 
possibly negative influence during the tests of the samples internal 

Fig. 14. EBSD maps and relative pole figures of heat treated samples:(a)190 ◦C/1 hr, (b)250 ◦C/1 hr, (c)300 ◦C/1 hr, (d)400 ◦C/1 hr.

Table 4 
Grain size after heat treatments.

Avarage Feret 
Diameter (µm)

Avarage ECD 
(µm)

Max Feret 
Diameter (µm)

Max 
ECD 
(µm)

As-built 12.12 ± 10.95 7.29 ± 4.68 136.35 35.57
190 ◦C/1 

hr
17.86 ± 13.08 9.66 ± 5.34 114.73 41.13

250 ◦C/1 
hr

14.82 ± 10.96 8.50 ± 4.84 79.16 33.83

300 ◦C/1 
hr

15.45 ± 11.95 8.96 ± 4.95 111.32 36.85

400 ◦C/1 
hr

15.85 ± 14.66 8.37 ± 5.26 168.61 38.42
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defects, that even if limited have still an impact on the final perfor
mance. The outstanding results, especially compared to as cast alloy, 
have already been reported in literature for other Al alloys [66,67], and 
are the result of the peculiar microstructure resulting from the process. 
Indeed, the extremely fine cellular structure acts as strengthening for the 
alloy, significantly improving the mechanical performance. Further
more, the continuous and dense network hinders the dislocation 
movement, generating a dense area of dislocation that strengthens the 
material [11]. In addition, the supersaturated solid solution has been 
reported to increase the strength of aluminium alloys further [64].

Various trends can be reported compared to similar AlSi9Cu3(Fe) 
produced per PBF-LB in previous works. Indeed, the present study 
showed a better performance compared to the as-built AlSi9Cu3(Fe) 
produced by Roudnicka et al. [12], with a reported YS of 219 MPa, UTS 
of 374 MPa and an e of 2.50 %, but a worse one compared to Fiocchi 
et al. [16], who reported a higher UTS of 462 MPa and a e of 4.50 %, but 
a lower YS of 266 MPa. These differences might be explained by the 
different setups of the tests compared to the present work or by the 
different quality of the final samples in terms of densification and sur
face quality. It can also be observed that Fiocchi et al. worked with an 
AlSi9Cu3 alloy with a low amount of Fe, i.e. 0.339 %; this might result in 
a better mechanical behaviour of the alloy compared to the one used in 
the present work, which is characterised by a higher Fe content, i.e. 0.91 
%. In fact, a high iron content has been reported to negatively impact the 
tensile strength and the ductility of the alloy, although leaving the yield 
strength unaffected [9].

The various heat treatments affected the mechanical behaviour in 
different ways. The T5 treatment at 190 ◦C implied a decrease in the 
material performance, with a worse UTS, i.e. 408.3 MPa, and especially 
a lower fracture elongation, i.e. 2.27 %, though also showing a slightly 
higher YS, i.e. 303 MPa. Indeed, the still intact cellular network and the 

coherent θ’’ phases kept strengthening the alloy, the former due to 
dislocation pile-up along the network boundaries, the latter because of 
precipitation strengthening. At the same time, the decrease in ductility 
suggests that the new brittle Si precipitates detected inside the cells 
(Fig. 9.c), though strengthening the alloy by precipitation hardening, 
tended to make it more fragile, decreasing the elongation at fracture 
[6,11,12].

When treated at 250 ◦C, samples are characterised by a lower 
strength, i.e. YS of 250.2 MPa and UTS of 384.8 MPa. The alloy heat 
treated for 1 h at 250 ◦C was characterised by a higher concentration of 
nanoscale Si particles inside the cells and a partial network breakage 
(Fig. 12.b). The discontinuities in the network, which reduced the 
dislocation concentration at the boundaries and thus its effectiveness in 
strengthening the alloy, caused the reported decrease in the alloy 
strengths. In addition, the higher amount of Si and Cu-rich phases, 
inferred by the XRD and DSC analyses (Fig. 11,13), suggests a lower 
solute concentration in the solid solution, therefore causing a reduction 
of the solid solution strengthening mechanism. However, an elongation 
close to the one measured for the as-built alloy was reported. Indeed, the 
fine and fragile Si particles still affect the alloy plasticity, keeping the 
elongation to a low 2.90 % [12,61].

Similarly, a strength decrease was measured for samples treated at 
300 ◦C, i.e. YS 231.9 MPa and UTS 384.4 MPa. Compared to the heat 
treatment at 250 ◦C, only the YS showed a decrease, whereas UTS re
ported similar values. The heat treatment at 300 ◦C was reported to 
imply the formation of a higher amount of Si and Cu-rich precipitates, as 
demonstrated by the higher XRD peaks (Fig. 13) and the disappearance 
of the first two exothermic peaks in the DSC curve (Fig. 11), and a 
completely discontinuous Si network mainly consisting of globular 
precipitates (Fig. 12.f). The impoverishment of the solid solution [61] 
and the disappearance of the continuous network [53,68] are directly 
related to the strength decrease. In addition, DSC analyses presumed a 
higher amount of θ’ phases over θ″ phases, unlike what was observed in 
the alloy heat treated at 250 ◦C: this might further decrease the alloy 
yield strength compared to the 250 ◦C-treated material, since a higher 
percentage of θ″ phases have been reported to be correlated to a higher 
alloy strength, whereas semi-coherent θ’ has a less effective strength
ening mechanism [17]. However, an improvement in ductility was also 
measured, with an almost doubled elongation at fracture compared to 
the as-built sample, i.e. 4.65 %. Indeed, the gradual Si spheroidization 
has been reported to increase the ductile failure over the fragile one 
[13]. The larger space between particles and the softening of the matrix 
better accommodates the dislocations mobility, thus improving the 
material ductility.

A further improvement in ductility, i.e. 11.58 %, at the expense of 
strength, i.e. YS 156.3 MPa and UTS 308.7 MPa, was reported for the 
alloy treated at 400 ◦C for 1 h. The alloy microstructure was charac
terised by a complete disappearance of the network and a massive 
coalescence of precipitates, with Si and Cu-rich phases as big as a couple 
of microns and distant from each other, significantly improving the 
ductility by facilitating the dislocation movement [69] (Fig. 12.l). It can 
also be observed by the stress–strain curve (Fig. 15) that serrated plastic 
flow on stress tends to appear in the plastic deformation. These fluctu
ations have already been reported for other alloys and identified as 

Table 5 
Measured mechanical properties of as-built and annealed samples, with reported variations of the annealed ones compared to the as-built (YS tensile yield strength, 
UTS ultimate tensile strength, ε elongation to fracture, Kf modulus of toughness).

YS 
(MPa)

UTS 
(MPa)

ε 
(%)

Kf 

(MJ/m3)
Mean Std Dev Mean Std Dev Mean Std Dev

As-built 298.2 4.3 429.5 1.6 2.97 0.13 10.79
190 ◦C/1 hr 303.0 (+2 %) 1.7 408.3 (− 5 %) 8.8 2.27 (− 24 %) 0.16 8.07 (− 25 %)
250 ◦C/1 hr 250.2 (− 16 %) 4.4 384.8 (− 10 %) 5.4 2.90 (− 2 %) 0.27 9.20 (− 14 %)
300 ◦C/1 hr 231.9 (–22 %) 2.9 384.4 (− 11 %) 5.2 4.65 (+57 %) 0.14 14.34 (+33 %)
400 ◦C/1 hr 156.3 (− 48 %) 1.1 308.7 (− 28 %) 2.9 11.58 (+290 %) 0.93 26.93 (+150 %)

Fig. 15. Tensile curve of as-built and heat treated.
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Portevin-Le Chatelier effect. Reported by Le Chatelier in the early 1900 
s, this effect describes a fluctuation of the mechanical behaviour of al
loys under stress caused by interaction between dislocations and atoms 
in solid solution or fine coherent precipitates [70,71]. It can be pre
sumed that fine Al2Cu phases and the other nanometric phases detected 
by XRD were responsible for the effect. Finally, it must be noticed that 
even if the strength was heavily affected by the heat treatment, it still 
satisfied the standard requirements.

At last, the simplified modulus of toughness Kf, defined as strain 
energy per area before fracture, was evaluated and reported in Table 5
by using the formula of Oh [72], where instead of integrating the area 
under the tensile curve, the area is estimated as the sum of smaller 
rectangular areas: 

Kf = ε(σy + σUTS)/2 

As expected, a decrease in toughness was measured after T5, where 
higher strength and lower elongation had been recorded. This confirms 
that the material was strengthened by the heat treatment, though 
experiencing a relevant embrittlement that caused the decrease in 
toughness. The annealing at 250 ◦C is also reported to cause a decrease 
in toughness compared to the as-built condition, caused by the softening 
of the material, with a decrease in its strength and no variation in its 
elongation at fracture. On the other hand, the annealing treatments at 
300 and 400 ◦C improved toughness, with an increase of 33 and even 
150 %, respectively. Indeed, the material exhibits a softening, with 
lower strengths, due to the network dismantle and the matrix impov
erishment. However, at the same time, an improvement in elongation 
was registered thanks to facilitating dislocations movement, increasing 
the area below the curve, meaning that major energy was absorbed 
before fracture. This increase is particularly evident after the heat 
treatment at 400 ◦C, with the highest recorded elongation and modulus 
of toughness.

In conclusion, all heat treatments satisfied the minimum re
quirements of the BS EN 1706:2020 + A1:2021 standard for AlSi9Cu3 
(Fe) alloys. However, it was demonstrated that heat treatments tailored 
the AlSi9Cu3(Fe) alloy mechanical response, offering trade-offs between 
strength and ductility (Fig. 16), making the alloy suitable for different 
applications in the automotive field [73–76]. The as-built condition 
outperformed the heat treated samples in terms of strength due to the 
fine cellular structure and supersaturated solid solution, though showing 
poor ductility. The impressive strength makes it ideal for parts that 
require good resistance without high toughness, such as engine blocks, 
mostly produced with materials that show an elongation of only 1.2–2.3 
% in light of an YS and a UTS of at least 180–300 and 230–345 MPa, 
respectively [77,78], or gearboxes [79]. On the other hand, the highest 
elongation was reached after the heat treatment at 400 ◦C for 1 h, a heat 
treatment that caused a major improvement in toughness but also a 
significant weakening. This heat treatment is advisable for applications 
that require a higher toughness and that are not subjected to major 
stresses, such as engine cradle, that are generally produced with mate
rial characterised by an elongation of at least 6–10 %, a YS of 120 MPa 
and a UTS of 250 MPa [74–80]. Finally, the heat treatment at 300 ◦C 
ensures a good compromise between strength and ductility, with a not 
too significant strength loss compared to the as-built condition and, on 
the other hand, an improved toughness, though the elongation keeps 
being not too high. The resulting mechanical properties allow the ma
terial to support high static loads, maintaining a minimal ductility, 
which can be ideal for applications such as steering boxes, that usually 
require an elongation of at least 1.5–3 %, a YS of 150–210 MPa and a 
UTS of 240–300 MPa [81,82].

4. Conclusion

The study investigated the influence of different heat treatments on 
the microstructure and mechanical properties of the PBF-LB processed 

AlSi9Cu3(Fe) alloy. Key findings are summarised as follows: 

• The as-built microstructure exhibited a fine cellular network of α-Al 
surrounded by eutectic Si, with distinct MP boundaries. The rapid 
cooling rates inherent to the PBF-LB process resulted in a supersat
urated solid solution and fine grain sizes, contributing to the alloy 
exceptional strength (UTS 429 MPa) but limited ductility (2.97 %).

• Direct ageing enhanced the material hardness due to the precipita
tion of Si and θ’’ phases. Peak hardness (155.9 HV) was achieved 
after 1 h of treatment, attributed to the dense precipitation and 
retention of the fine cellular structure. Prolonged holding times led 
to overageing, characterised by phase coarsening, network disrup
tion, and hardness decline. Microstructural analyses revealed that 
fine Si particles contributed to strengthening during short treat
ments, though negatively affecting ductility.

• Annealing at higher temperatures enhanced ductility while reducing 
hardness and strength. Treatments at 250 ◦C partially preserved the 
eutectic Si network, resulting in minimal strength reduction (UTS 
384.8 MPa). After the heat treatment at 300 ◦C, the Si network un
derwent extensive fragmentation, forming spheroidised particles 
that greatly improved elongation to fracture (4.65 %), though 
slightly decreasing the strength (UTS 384.4 MPa). This temperature 
achieved the best balance between maintaining adequate strength 
and enhancing plasticity. Finally, treatment at 400 ◦C led to the 
complete disappearance of the cellular network, the coalescence of 
precipitates, and significant softening, leading to drastic strength 
reduction (UTS 308.7 MPa). However, ductility impressively 
increased to 11.58 %, driven by the improved dislocation mobility in 
the homogenised matrix.
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Appendix 

.

Table A1 
Porosity results of the full DOE.

Sample
Laser Power (W) Scan Speed (mm/s) Hatch Distance (mm) Porosity (%) Std Dev (%)

A1 170 800 0.10 1.23 0.06
A2 190 800 0.10 0.66 0.08
A3 170 800 0.12 0.40 0.10
A4 190 800 0.12 0.23 0.04
A5 170 800 0.14 0.68 0.07
A6 190 800 0.14 0.23 0.10
B1 170 1000 0.10 1.04 0.02
B2 190 1000 0.10 0.60 0.01
B3 170 1000 0.12 0.96 0.03
B4 190 1000 0.12 0.27 0.08
B5 170 1000 0.14 1.13 0.10
B6 190 1000 0.14 0.17 0.07
C1 170 1200 0.10 1.52 0.10
C2 190 1200 0.10 0.60 0.10
C3 170 1200 0.12 2.28 0.04
C4 190 1200 0.12 0.23 0.05
C5 170 1200 0.14 3.05 0.05
C6 190 1200 0.14 0.60 0.06
D1 170 1400 0.10 2.25 0.04
D2 190 1400 0.10 0.54 0.07
D3 170 1400 0.12 3.65 0.08
D4 190 1400 0.12 0.53 0.06
D5 170 1400 0.14 5.45 0.02
D6 190 1400 0.14 2.18 0.02
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Data will be made available on request.
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