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A B S T R A C T   

The Al-Cu-Mg-Ag-Ti-B (A205) alloy has gained success in the additive manufacturing domain due to its good 
processibility. It is a precipitation hardening alloy, and because of this, its mechanical properties are greatly 
influenced by post-processing treatments. In the present work, A205 samples processed by laser powder bed 
fusion were first solution treated and then aged by: (i) natural aging (NA) and (ii) artificial aging (AA). The 
effects of different aging treatments on the microstructure and mechanical behaviour were evaluated. Both NA 
and AA heat treatments improved the mechanical behaviour of as-built A205 alloy. Peak hardness was achieved 
in 20 days (≈ 137 HV) for the NA specimen, whereas it took 4 h at 190 ◦C (≈ 144 HV) for the AA specimen. The 
average yield strength, ultimate tensile strength and elongation to fracture for NA and AA were, 276 MPa, 
434 MPa, 20% and 397 MPa, 463 MPa, 11%, respectively. The structure-property corelation was analysed by 
evaluating various strengthening factors. Considerable grain boundary strengthening was observed in both NA 
and AA specimen. The major strengthening contributions in the NA specimen were due to the disordered Ag-Mg 
co-clusters and solid solution strengthening by Cu. In AA instead, strengthening due to the precipitation of plate- 
type Ω/θ’- Al2Cu phase was dominant. In the end, failure mechanisms in the NA and AA conditions were also 
briefly discussed. The laser powder fused A205 alloy demonstrated a significant response to the NA and 
possessed a high-ductility and good-strength combination.   

1. Introduction 

Laser powder bed fusion (LPBF) is a cutting-edge additive 
manufacturing technology. It has emerged as a groundbreaking method 
for creating intricate and fully dense metallic components with excep
tional precision and structural integrity [1]. It utilizes a high-power laser 
to selectively melt and fuse layers of powdered metal. LPBF adaptability 
extends to various metallic alloys, including stainless steels [2], Ti alloys 
[3], Al alloys [4], Ni-based superalloys [5]. However, LPBF of high 
strength Al alloys is generally challenging for two main reasons (i) high 
tendency to hot cracking and (ii) high laser reflectivity under fibre laser 
(λ ≈ 1.06 μm) [4,6]. These issues have greatly limited the range of high 

strength Al alloys that can be successfully processed by LPBF [6]. 
Recently, a new high strength Al alloy-A20X™ developed by Aeromet 
International Limited has overcome the limitations of both hot cracking 
tendency and high laser reflectivity [7–9]. The company took the 
advantage of TiB2 particles embedded within the powder particle matrix 
which significantly improved their laser absorptivity [10,11], and also 
promoted the formation of equiaxed grains during solidification in the 
LPBF process [12]. Equiaxed grains are more strain tolerant than 
columnar ones and thus reduces the tendency to hot cracking [12,13]. 
Apart from acting as a grain refiner, TiB2 particles also contributes to the 
strengthening of an alloy by various mechanisms such as load bearing, 
Orowan strengthening, modulus mismatch strengthening and due to the 
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difference in the coefficient of thermal expansion (CTE) [14–16]. 
The A20X™ powders were derived from A205 alloy which is an Al- 

Cu-Mg-Ag-TiB2 system [17]. In this alloy Cu and Mg are responsible for 
the precipitation of strengthening phases such as θ’-Al2Cu (high Cu/Mg 
ratio) and S’-Al2CuMg (low Cu/Mg ratio) phases [18]. Besides Cu and 
Mg, the addition of Ag promotes the formation of Ag-Mg co-clusters in 
the early stages of aging [19–23]. The Ag-Mg co-clusters act as a pre
cursor to the precipitation of Ω-Al2Cu phase [24–28]. Ω possesses a 
plate-type morphology and a similar chemical composition (Al2Cu) as θ’ 
[25,29]. Although Ω prefers to nucleate on the {111} Al while θ’ on 
{001} [25,30,31]. Both Ω and θ’ are considered as major strengthening 
phases in an A205 alloy [15,30,32,33]. Being an obstacle to the dislo
cation motion on Al primary glide plane i.e. {111}, Ω offers much higher 
strength than θ’ [34–36]. 

In the recent past, there have been multiple studies on the LPBF 
processing behaviour of A205 alloy [15,37–40]. The LPBF-A205 alloy 
can be easily processed with a crack-free and a near fully dense micro
structure [37,38]. The as-built state has a cellular microstructure with 
equiaxed grains/cells and no preferential crystallographic orientation. 
The cell boundaries were identified as eutectic θ-Al2Cu [37,39]. The 
TiB2 particles were uniformly distributed across the sample [41]. The 
as-built state demonstrated isotropic tensile properties but were also 
accompanied by the formation of lüders band and serrated flow 
behaviour (Portevin-Le Chatelier (PLC) effect) in the plastic regime, 
such a behaviour was associated to the trapping of solute atoms 
(particularly Mg) at the substitutional sites in the Al lattice during LPBF 
processing [39]. Since A205 is a precipitation hardening alloy, much 
attention has been given to the development of the post-processing heat 
treatments [15,16,30,32,33,42]. For example, Shakil et al. [16] and 
Avateffazeli et al. [32] performed a modified T7 post-processing heat 
treatment, which comprises of a two-step solutioning (505◦C for 2 h +
530◦C for 4 h) followed by artificial aging at 190◦C for 4–6 h. It was 
reported that T7 significantly improved the yield strength (̴ 43%) and 
ultimate tensile strength (̴ 38%) with respect to the as-built condition. 
The increased strength was attributed to the precipitation of nano-sized 
plate-type Ω- and θ’-Al2Cu precipitates, however, the ductility was 
decreased by ̴ 24%. Jiang et al. modified the two-step solutioning stages 
to 513◦C for 2 h + 527◦C for 10 h followed by artificial aging at 180◦C 
for 16 h and reported a good combination of a high strength (405 MPa) 
and ductility (11.6%) [15]. A similar combination of strength and 
ductility could also be achieved with only one-step solutioning (530◦C 
for 1 h) and then aged at 190◦C for 6 h [30] or at 180◦C for 10 h [42]. 
Besides artificial aging, another promising heat treatment is natural 
aging (solutioning followed by room temperature aging) [43–45]. Zuiko 
et al. [46] reported that a long-term natural aging (2 months) offers a 
good combination of strength and ductility in a casted Al-Cu-Mg alloy. 
Chen et al. [45] observed that natural aging of 24 h allowed the for
mation of Ag-Mg co-clusters that improved the precipitation kinetics of 
Ω phase during artificial aging in a casted Al-Cu-Mg-Ag alloy. Further
more, it was observed that Ag-Mg co-clusters could also be utilized as a 
strengthening factor [23,43,44,47]. Ünlü et al. [43] observed an in
crease in hardness of ≈ 40 HRB in a casted Al-5Cu-0.5Mg-0.4Ag (wt%) 
alloy after natural aging for 7 days. This increase was associated to the 
formation of Ag-Mg co-clusters. Weng et al. [44] also reported a hard
ness increment of ≈ 8 HV from 2 days of natural aging up to 14 days in a 
casted Al-0.71Si-1.13Mg-0.49Ag alloy. Natural aging also has been re
ported to influence the precipitation process during subsequent artificial 
aging [48,49]. Thus, an understanding of the behaviour of an LPBF A205 
alloy under natural aging is crucial in order to design new heat treat
ments that are economically viable but also improve the properties of 
the printed parts. 

To the best of our knowledge, no literature has so far reported on the 
natural aging behaviour of the A205 alloy processed by LPBF. In the 
present investigation, a comparative study of two post-processing con
ditions i.e., natural and artificial aging behaviour is presented by the 
combined analysis of microstructural, thermal, and mechanical 

characterizations along with understanding the fracture behaviour. 
Furthermore, a structure-property correlation has been established by 
quantitatively evaluating various strengthening mechanisms arising 
from grain boundaries, solid solution, TiB2 particles, precipitates, and 
atomic clusters in these two post-processing conditions as well as in the 
as-built state. 

2. Material and methods 

A commercial gas atomized A205 (A20X™) powder with embedded 
pre-existent TiB2 particles was purchased from ECKART GmbH. A SEM 
micrograph of the powder is provided in Fig. 1a and the nominal 
composition of the powder, provided by the supplier, is presented in  
Table 1. The detailed analysis of the powder characterization has been 
presented in our previous work [30]. The powders were mostly spherical 
in shape with few satellite particles. The particle size distribution dis
played a unimodal distribution with D10, D50 and D90 as 21 μm, 30.6 μm 
and 49.8 μm, respectively. Cubic samples (10×10×10 mm3) were 
printed by LPBF process using an EOS M270 dual mode system (Fig. 1b). 
The printing process was performed in an argon atmosphere, platform 
was pre-heated to 100◦C and a scanning strategy of rotating 67◦ stripes 
was used. 

The optimized printing parameters employed were laser power =
195 W, scan speed = 800 mm/s, hatching distance = 0.13 mm, layer 
thickness = 30 μm and a consequent volumetric energy density (VED) =
62.5 J/mm3. The maximum relative density of ≈ 99.93 ± 0.04% could 
be achieved. The parameters were optimized based on minimum 
amount of porosity values while still maintaining the low VED and a 
high build-up rate. The effect of various processing parameters on 
porosity can be found in a supplementary file (Fig S1). 

Two post-processed heat treatments were performed: (i) natural 
aging (NA) and (ii) artificial aging (AA).  

(i) NA: Solution treatment at 530◦C for 1 h + water quenching +
room temperature aging (≈ 28◦C). The room temperature here is 
an average temperature of the total days in which the experi
ments were performed.  

(ii) AA: Solution treatment at 530◦C for 1 h + water quenching +
aging at 190◦C + air cooling 

The solution treatment was performed in a horizontal tubular 
furnace (Nabertherm RHTC 80– 710/15) under an argon atmosphere. 
The artificial aging treatment was performed in an oven (Memmert) for 
different aging time (up to 30 h). Natural aging was done for various 
number of days (up to 100) at room temperature. 

Metallographic sample preparations were performed by polishing 
according to the standard metallographic procedure. Peak aged condi
tions in NA (T4) and AA (T6), termed as NA-20d and AA-4 h were 
considered for the further microstructural characterization. Micro
structural characterizations were performed using an optical microscope 
(Leica DMI 5000 M), a Phenom XL table-top scanning electron micro
scope (SEM) equipped with secondary electron (SE), back scattered 
electron (BSE) detectors and an energy dispersive spectroscopy (EDS). 
Electron backscattered diffraction (EBSD) was performed in a TESCAN 
S900 field emission scanning electron microscope (FESEM) using 20 kV 
and 10 nA with a step size of 0.2 μm. Transmission electron microscopy 
(TEM) characterizations were done on a very thin lamella of thickness 
close to 100 nm. These lamellae were obtained by a site-specific sample 
preparation technique from bulk samples using Focused Ion Beam (FIB) 
in a Helios NanoLab 460 F1 dual beam FIBSEM equipped with Ga+ ion 
source. The thickness of the samples was assessed during the final stages 
of FIB sample preparation, utilizing its precise milling capabilities. A 
more detailed procedure on such sample preparation technique can be 
found at [50]. EDS mapping was carried out in an FEI Titan G2 80–200 
ChemiSTEM microscope at 200 kV as described in our previous work 
[30]. The morphological features of the precipitates in an artificial aged 

J. Barode et al.                                                                                                                                                                                                                                  



Materials Today Communications 39 (2024) 108978

3

specimen were quantified by ImageJ 1.53 k software [51]. Their volume 
fraction (fv) and number density per unit volume (n) were calculated 
from the TEM micrographs by the Nei and Muddle method [34,52]: 

n =
N1 + N2

AObs × (T + dt)
(1)  

N2 = N1 ×
T + dt
̅̅̅̅̅̅̅̅̅
AObs

√ (2)  

fv = ntt ×

(
πd− 2

t

)

4
(3)  

Where N1 is the number of precipitates observed, N2 is the number of 
precipitates not visible, due to weak contrast and overlapping of pre
cipitates in the same region, AObs is the area of the observed region, T is 
the foil/lamella thickness, tt and dt are the average precipitate thickness 
and diameter, respectively. 

Phase analysis was carried out by X-ray diffraction (XRD) in a Pan
alytical X’Pert PRO PW 3040/60 X-ray diffractometer using a mono
chromatic Cu-Kα radiation of 1.54 Å operated at 40 kV and 40 mA with a 
step size of 0.013◦ and 25 s. per step and 0.007◦ and 50 s. per step for the 
whole and individual peak profiles, respectively. Instrumental broad
ening was obtained from the spectrum of LaB6 standard sample. Dislo
cation density was calculated by XRD line profile analysis using the 
Williamson-Hall (W-H) plot [24,25]. Differential scanning calorimetry 
(DSC) curves were obtained using NETZSCH 214 Polyma. DSC samples 
were heated from 25◦C to 570◦C at 20 ◦C/min in a N2 atmosphere. The 
baseline was corrected by the NETZSCH Proteus software and subtracted 
with Origin 8.5 software. Micro-hardness values were obtained with a 
micro-Vickers Leica VMHT indenter using 100 g load and 15 s of dwell 
time (10 measurements/sample). The tensile samples were built parallel 

to the base plate according to the ASTM E8 but with a higher thickness. 
The required thickness for the ASTM E8 was made by the electrical 
discharge machining (EDM). The dimension of the tensile specimen is 
presented in a Fig. 1c. Tensile tests were performed by Zwick-Roell 
ProLine Z0505 with 8×10− 3 s− 1 as strain rate. In total 9 samples were 
tested, 3 samples for each condition i.e., as-built (AB), NA-20d and 
AA-4 h. 

3. Results 

3.1. Micro-hardness response 

The micro-hardness evolution of the NA and AA specimens is pre
sented in Fig. 2. There was a rapid increase in the micro-hardness values 
of AA specimens when aged from the as-quenched state i.e., 0 h to 2 h. 
The A205 specimens reached their peak hardness value of ̴ 144 HV upon 
4 h of artificial aging and retained the peak hardness up to 8 h. Aging 
longer than 8 h, only slightly decreased the hardness. 

For the NA, the hardness developed more gradually. The NA sample 
reached its peak hardness value after 20 days (̴ 138 HV). The hardness 
value remained more or less constant up to 100 days. 

3.2. Thermal analysis 

The DSC spectra of NA and AA specimens are shown in Fig. 3. The 
heat flow behaviours at low- and high-temperatures are presented in 
Fig. 3a and b. Only one endothermic peak was found in the 60–180◦C 
temperature range (Fig. 3a), which has been associated with the disso
lution of Ag-Mg co-clusters [27,30,53,54]. The area under the curve 
continued to increase as a function of NA time indicating that Ag-Mg 
co-clusters were formed and have grown during NA. Furthermore, the 

Fig. 1. (a) SEM micrograph of the A20X powder, (b) built platform with printed parts and (c) a schematic of tensile specimen with ASTM E8 dimensions.  

Table 1 
Chemical composition of A205 powder.   

Cu Mg Ag Fe Si Ti B Al 

wt% 4.2–5.0 0.2–0.33 0.60–0.90  <0.1  <0.1 3.0–3.8 1.25–1.55 Balance  
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peak temperature slightly shifted towards higher temperatures indi
cating that more stable clusters are being dissolved and suggesting that 
the mean cluster size increased during aging. No endothermic peak was 
observed in the case of NA-0 days and AA-4 h specimen (Fig. 3a). 

At higher temperatures (180–550◦C) (Fig. 3b), two more peaks were 
observed. First, is an exothermic peak, that corresponds to the precipi
tation of stoichiometric Al2Cu in various forms, namely, Ω, θ’ and θ as 
identified in our previous work [30]. The second, is a broad endothermic 
peak indicating the dissolution of all forms of Al2Cu precipitates. The 
dissolution occurred over a wide range of temperatures with its peak 
around 525◦C and thereafter a sharp drop having a peak offset tem
perature of ≈ 530◦C. The dissolution peak area and peak temperature 
were very similar in all the conditions of NA and AA specimens. The 
peak temperature for the precipitation tends to shift towards higher 
temperatures after NA-5 days. 

3.3. Phase analysis 

The peak aged conditions in both naturally aged and artificially aged 
specimens were considered for further characterizations and from now 

on in the manuscript, NA-20d indicates “naturally aged for 20 days” and 
AA-4 h indicates “artificially aged for 4 h”. 

The XRD spectra of NA-20d and AA-4 h are shown in Fig. 4. Their 
whole line profile in Fig. 4a. Three phases were observed, namely, Al, 
θ-Al2Cu and TiB2. The reference codes utilized for Al, θ-Al2Cu and TiB2 
were 98–006–1729 [55], 98–009–6862 [56] and 98–001–3140 [57] of 
ICDD respectively. The individual peak profile of θ-Al2Cu {110} and Al 
{111} planes are presented in Fig. 4b and c, respectively. It was 
demonstrated in our previous work that single-step solutioning allowed 
more complete dissolution of eutectic θ-Al2Cu [30]. The primary {110} 
peak of θ-Al2Cu was absent in a NA specimen indicating a more complete 
dissolution while it appears in the AA-4 h specimen (Fig. 4b). In addi
tion, the AA-4h resulted in a broader Al {111} peak than in the NA-20d 
specimen. The estimated dislocation density values were calculated 
based on W-H plot. The average dislocation density in the AA-4h spec
imen (4.5 ×1014 /m2) was almost twice to that of in NA-20d (2.1 ×1014 

/m2). 

3.4. Microstructure 

The microstructural characterization of NA-20d and AA-4 h has been 
carried out by EBSD (Fig. 5), SEM (Fig. 6) and HAAD-STEM (Fig. 7 and  
Fig. 8). The EBSD data are reported as inverse pole figure (IPF) maps 
(Fig. 5a and 5b), phase maps (Fig. 5c and d), grain size distributions 
(Fig. 5e and f) and distribution of grain boundaries in terms of misori
entation angle among random pairs (Fig. 5g and h) based on Mackenzie 
plot [58]. The high-angle grain boundaries (HAGB) and low-angle grain 
boundaries (LAGB) are separated by 15◦ misorientation angle. Both the 
post-processing conditions revealed an equiaxed and highly isotropic 
microstructure i.e., no presence of texture (Fig. 5a-b). The average grain 
size in NA-20d and AA-4 h specimens were 1.98 μm and 2.43 μm, 
respectively. In both NA-20d and AA-4 h, majority of grain boundaries 
are of high angle grain boundaries (HAGB), comprising nearly 97.04% 
and 96.92% respectively. The corresponding phase map distinguished 
the TiB2 particles and their distribution. These particles were usually 
observed at the grain triple junctions and grain boundaries (GBs), some 
finer-TiB2 particles were also located inside the grains. 

Under the SEM-BSE mode (Fig. 6), the Al-matrix appeared grey, both 
TiB2 particles and Al2Cu phase were observed as white. In the AA-4 h 
specimen, discontinuous precipitates were observed as white dots at the 
grain boundaries (Fig. 6b). Such grain boundary precipitates were not 
observed in the NA-20d specimen (Fig. 6a). It indicates that the solutes 
that remained within the Al lattice after solutioning did not precipitate 
during NA, and thus the average concentration of solutes namely, Cu 
(4.8 ± 0.20), Ag (0.99 ± 0.16) and Mg (0.25 ± 0.05) wt% was obtained 

Fig. 2. Micro-hardness evolution as a function of natural and artificial 
aging time. 

Fig. 3. Heat flow behaviour of NA for various number of days and AA for 4 h in (a) low-temperature and (b) high-temperature range.  
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by performing the EDS spot analysis inside the grains. 
Characterizations by a HAAD-STEM are displayed in Fig. 7 and 

Fig. 8. Low and high magnification micrographs of the NA-20d specimen 
are shown in Fig. 7a-b. The corresponding EDS maps of Fig. 7a is pre
sented in Fig. 7c-f. Similarly, low and high magnification micrographs of 
AA-4h specimen are shown in Fig. 8a-b and their corresponding EDS 
maps in Fig. 8c-f. 

Fig. 8a-b confirmed the presence of grain boundary precipitates and 
precipitates at micro/nano-TiB2 particles in an AA-4 h specimen. These 
precipitates are likely to be of an equilibrium θ-Al2Cu phase (irregular 
Cu rich phase). Such precipitation leads to the formation of precipitate 
free zones (PFZs) in their vicinity, as observed in Fig. 8b. In addition, 
STEM micrographs also revealed the presence of high number density (≈
5.05 ×1021/m3) of plate-type matrix precipitates having an average 
thickness (tt) and diameter (dt) of 1.7 nm and 54 nm, respectively 
(Fig. 8b). These plate-type precipitates belong to the coherent-Ω and 
semi-coherent-θ’ [15,16,32]. In the NA-20d specimen, no plate-type 
Ω/θ’ precipitates were witnessed within the Al-matrix and even the 
grain boundaries were much free from precipitates (Fig. 7a-b). However, 
some of the irregular or spherical shaped Cu rich phases, possibly of 
θ-Al2Cu were located inside the matrix and near nano-TiB2 particles. 

3.5. Tensile behaviour 

The mechanical behaviour of NA-20d and AA-4 h specimens under 
tensile loading is presented in terms of engineering stress-strain curves 
in Fig. 9. The tensile behaviour of the as-built (AB) state was also 
considered for a comparison. The curve characteristics such as yield 
strength (σy), ultimate tensile strength (σUTS) and elongation to fracture 
(εf %) are summarised in Table 2. It is to note that NA-20d specimens 
displayed an excellent elongation to fracture with respect to both AA-4 h 
and AB states. Interestingly, NA-20d specimens also have an σUTS com
parable to the AA-4 h (ΔσUTS ≈ 29 MPa). However, the σy of NA-20d 
specimens was much lower (≈ 276 MPa) than the AA-4 h (≈
464 MPa) but comparable to the AB (Δσy ≈ 28 MPa). The σy, σUTS and εf 

% of the AB state are 304 MPa, 378 MPa and 12.5%, respectively. The 
tensile curve of AB specimen exhibited the typical features of an LPBF 
A205 alloy: (i) upper yield point, (ii) a lower yield (iii) lüders band 
formation and (iv) Portevin-Le Chatelier (PLC) effect of type-C [15,37]. 
However, no PLC effect was observed in both NA and AA-4 h specimens. 

Similar tensile properties were also reported elsewhere for the AB 
and conventional artificially aged (T7) LPBF-A205 alloy [32,37,39]. 

With respect to the casted-A205 (T7), the yield strength is similar but the 
ductility of the LPBF processed is always higher, see Table 2. 

3.6. Fractography 

The fractured analyses of NA-20d and AA-4h specimens by SEM are 
shown in Fig. 10. Both NA-20d and AA-4h specimens displayed a mix of 
fine and medium sized circular dimples representing the behaviour of a 
ductile fracture(Fig. 10a and b). Their corresponding SEM-BSE micro
graphs (Fig. 10c and d) disclosed the locations of the TiB2 particles 
(violet arrows). They were seated inside the dimples of NA-20d and AA- 
4h specimens. However, in the AA-4h specimen, more θ-Al2Cu particles 
(red arrows) were observed. Owing to the finer size of the TiB2 and 
θ-Al2Cu particles, they were distinguished by performing EDS spot 
analysis, see supplementary file (Fig S3). 

The cross-sectional micrographs perpendicular to the fractured sur
face were also analysed (Fig. 10e and f). They revealed the presence of 
micro-voids at the TiB2 particles/agglomerates (violet arrow) in the NA- 
20d and AA-4h specimen. Besides these, in the AA-4h specimen, there 
were multiple cracks (high aspect ratio) detected, marked as yellow 
arrows (Fig. 10f). 

4. Discussion 

4.1. Age hardening behaviour 

The LPBF-A205 alloy demonstrated a considerable amount of hard
ening during NA (Fig. 2). The increase in hardness from NA-0 days to 
NA-20 days was around 27 HV. The gradual increase in hardness has 
been attributed to the formation and growth of disordered Ag-Mg co- 
clusters [18,43–45]. Such a gradual increment in hardness was sup
ported by the DSC spectra (Fig. 3a). The increase in the peak area of 
Ag-Mg co-clusters dissolution with NA time indicates that their volume 
fraction continued to increase. However, we did not observe further 
increment of hardness after 20 days (Fig. 2). This could be due to the 
growth of co-clusters above a critical size which does not have further 
influence on hardness [59]. The formation of other known clusters in an 
Al-Cu-Mg alloy such as Cu-Mg and Cu-Cu was not observed in NA 
samples (Fig. 3a). The peak dissolution temperature of Cu-Mg and Cu-Cu 
clusters occurred in the range of 200–230◦C [59,60] and 140–190◦C 
[61–63], respectively. These peaks were not detected by DSC in the 
present case. The absence of such clusters can be explained based on the 

Fig. 4. XRD spectra of NA-20d and AA-4 h showing (a) whole line profile, (b) θ-Al2Cu {110} and (c) Al {111}.  
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Fig. 5. EBSD micrographs of A205 samples post-processed with NA-20d (a, c and e) and AA-4 h (b, d and f). Showing (a and b) IPF map, (c and d) phase map, (e and 
f) grain size distribution and (g and h) distribution of misorientation angles. 
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results of Nagai et al. [19] and Ferragut et al. [20], who have studied the 
role of Ag on early cluster formation in an Al-Cu-Mg alloy. They 
observed that, a minor addition of Ag stabilizes the Mg-vacancy clusters 
during quenching or in the initial stages of aging by forming 
Ag-Mg-vacancy complexes. This was due to the stronger binding energy 
of Mg and Ag atoms with the vacancies than with the Cu atoms [43,44]. 

Unlike the NA condition, the hardening response of AA at 190◦C was 
quite steep (Fig. 2). Just after 2 h of aging there was a sudden increase in 
hardness to around 138 HV and it reached its peak value after 4 h (̴ 144 
HV). The sudden rise of strength has been associated with the precipi
tation of plate-type coherent Ω-Al2Cu and semi-coherent θ’-Al2Cu phase, 

see Fig. 8b. Both Ω and θ’ are considered as main strengthening phases 
and can precipitate simultaneously through independent mechanisms 
[15,32]. Ω forms from the Ag-Mg co-clusters on {111} Al planes whereas 
θ’ prefers to nucleate at the dislocations on {100} by the diffusion of Cu 
atoms during early stages of artificial aging [25]. After reaching the peak 
hardness, the AA specimen maintained the hardness up to 8 h, this could 
be due to the stability of the microstructure. Both Ω and θ’ plates possess 
good thermal stability [29]. Additionally, Ω offers excellent coarsening 
resistance in the range of 150–200◦C [28,31]. Hutchinson et al. reported 
that Ω plates kept their thickness below 6 nm even after 1000 h of 
exposure at 200◦C [28]. Aging at 190◦C for more than 8 h caused a slight 

Fig. 6. SEM-BSE micrographs of (a) NA-20d and (b) AA-4h specimen.  

Fig. 7. NA-20d (a-b) HAADF-STEM micrographs and (c-f) EDS maps of the (a) region.  
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decrease in the hardness. This might be due to the coarsening of the 
pre-precipitated equilibrium θ-Al2Cu phase near the TiB2 particles/at 
the grain boundaries along with the growth of θ’ precipitates within the 
grains [30]. 

4.2. Strengthening mechanisms 

The tensile behaviour (Fig. 9) indicates that the properties of the 

A205 alloy are strongly influenced by the post processing heat treat
ment. NA-20d demonstrated excellent ductility whereas AA-4h 
possessed highest strength. The difference in such behaviour has been 
attributed to their different microstructural features such as Ag-Mg co- 
clusters, Ω/θ’ precipitates, solid solution (SS) and grain (GB) or cell 
boundaries. Pre-existence of TiB2 particles in the A205 powders further 
strengthens the material [15,16,30]. These microstructural features 
contribute to the increment in the yield strength by various strength
ening mechanisms. The estimation of the total yield strength in AB, 
NA-20d and AA-4h conditions can be obtained by the sum of their in
dividual strengthening increments [15]: 

σTotal = ΔσTiB2 +ΔσAg− Mg co− cluster +ΔσΩ/θ′precipitates +ΔσGB +ΔσSS +σ0 (4)  

Where σ0 is the lattice friction in pure Al (20 MPa) [15]. The contri
butions from all the strengthening mechanisms in various conditions 
and the constants utilized for calculations are presented in Table 3 and  

Fig. 8. AA-4h (a-b) HAADF-STEM micrographs and (c-f) EDS maps of the (a) region.  

Fig. 9. Engineering stress-strain curves of LPBF-A205 alloy for 
various conditions. 

Table 2 
Characteristics of tensile curves for various conditions.  

Condition Micro-hardness, 
HV 

σy, MPa σUTS, MPa εf , % 

NA-20d (T4) 137 ± 2 276.2 ±
3.0 

434.6 ±
4.4 

20.4 ±
1.9 

AA-4h (T6) 144 ± 6 397.2 ±
3.6 

463.7 ±
5.2 

11.6 ±
1.1 

AB 113 ± 4 304.0 ±
3.0 

378.0 ±
6.0 

12.5 ±
1.6 

Cast A205 (T7)  
[16] 

- 441 ± 1.4 501 ± 6.7 5.3 ± 1.6 

LPBF A205 (T7  
[30] 

≈152 370 ± 9 435 ± 13 7.3 ± 0.3  
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Table 4, respectively. 

4.2.1. Strengthening from TiB2 particles 
The presence of a ceramic component in the matrix improves the 

yield strength of the material by multiple strengthening mechanism: (i) 
load-bearing strengthening, (ii) Orowan strengthening, (iii) modulus 
mismatch strengthening, and (iv) coefficient of thermal expansion (CTE) 
mismatch strengthening. 

The volume fraction (VP), average diameter (dp) and inter-particle 
distance between the TiB2 particles (λ) were obtained from the SEM- 
BSE micrographs, as we take the advantage of atomic contrast to 

distinguish different phases. The process followed in the estimation of 
these parameters is presented in Fig S2 of a supplementary file. Being the 
same material (A205), VP, dpandλ are considered the same for all the 
conditions namely AB, NA-20d and AA-4 h. 

4.2.1.1. Load-bearing strengthening. The presence of TiB2 particles en
hances the strength of the material by directly transferring the load from 
the matrix to them [15,16]. The load-bearing strengthening contribu
tion to the yield strength can be expressed as [14]. 

Fig. 10. SEM micrographs of the fractured surface of NA-20d (a, c, and e) and AA-4 h (b, d, and f); SE images (a and b); and their corresponding BSE images (c and d); 
BSE images of cross-sections perpendicular to the fractured surface (e and f). (violet, red and yellow arrow showing TiB2 particles, θ-Al2Cu and cracks, respectively). 
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ΔσLB = VP
1
2
σm (5)  

Where VP is the volume fraction of TiB2 particles and σm is the yield 
strength of the matrix (σm= 289 MPa) [15]. The VP was found to be 
around 1.3%. The increment in σy by the load-bearing strengthening was 
calculated to be 1.89 MPa. 

4.2.1.2. Orowan strengthening. During deformation, the hard TiB2 par
ticles cannot be cut-off by dislocations but instead they are by-passed by 
forming dislocation loops. This dislocation looping decreases the dislo
cations mean free path and the material experiences strengthening. The 
increase in yield strength by Orowan strengthening can be calculated as 
[15,16]. 

ΔσOrowan =
0.13Gmb

λ
ln

dp

2b
(6)  

Where Gm is the shear modulus of the matrix (26.9 GPa), b is the 
burger vector (0.286 nm), dp is the average particle diameter and λ is 
the inter-particle distance between the particles. The dp and λ were 
calculated from SEM-BSE images and resulted as 0.72 μm and 3.26 μm, 
respectively. The Orowan strengthening was about 2.20 MPa. 

4.2.1.3. Modulus mismatch strengthening. An increment in the yield 
strength can be also due to the elastic modulus mismatch between the 
matrix and the particles [16]. It can be calculated as: 

ΔσModulus− TiB2 =
̅̅̅
3

√
αmtGmb ̅̅̅̅̅̅̅̅̅̅̅̅̅̅ρMoludus

√ (7)  

ρModulus =
6Vp

bdp
εy (8)  

Where αmt is a constant with a value of 0.5, it represents dislocation 
strengthening coefficient [16], ρMoludus is the dislocation density 
arising due to the modulus mismatch, and εy is the yield strain of the 
composite. The contribution of modulus hardening to the yield strength 
resulted as 9.44 MPa. 

4.2.1.4. Coefficient of thermal expansion (CTE) mismatch strengthening. 
Additional dislocations are generated at the interface of Al-matrix and 
TiB2 particles due to the difference in their coefficient of thermal 
expansion (CTE) and are responsible for the increment in strength of the 
material. The CTE of Al-matrix is 23.5 ×10− 6 K− 1 and for TiB2 is 7.8 
×10− 6 K− 1 [16], thus the ΔCTEAl− TiB2 = 16.8 ×10− 6 K− 1. During 
processing or post processing steps involving temperature changes such 
as solidification in the case of AB or solution-quenching for NA-20d and 
AA-4 h state, the estimation of a dislocation density and an increment of 
the strength can be calculated from the following equations [15,16]: 

ΔσCTE = βCTEGmb ̅̅̅̅̅̅̅̅̅ρCTE
√ (9)  

ρCTE =
12ΔCTEΔT Vp

bdp(1 − Vp)
(10)  

Where βCTE is a geometric constant of 1.25 [15], ρCTE is dislocation 
density arising due to CTE mismatch, ΔCTE is the thermal expansion 
coefficient difference between matrix and ceramic component and ΔT is 
the temperature difference. The value of ΔT is 635 K for the AB state i.e., 
from melting to room temperature and 505 K for NA-20d and AA-4 h i. 
e., from solutioning temperature to room temperature. The dislocation 
generation and/or annihilation during artificial aging was neglected. 
The increment in the yield strength arising from the ΔCTE mismatch is 
around 26.78 MPa for AB state and 23.88 MPa for NA-20d and AA-4 h 
conditions. 

4.2.2. Strengthening from Ag-Mg co-clusters 
The presence of disordered clusters in the matrix increases the 

strength by two mechanisms: (i) modulus mismatch strengthening and 
(ii) coherent strengthening. The former is due to the difference in the 
elastic modulus between the matrix and atomic clusters or co-clusters, 
whereas the latter is due to the lattice mismatch. The strengthening 
contributions to the yield strength can be obtained from the following 
equation [15,59]: 

ΔσModulus− Clusters = 1.4αmc
3/2 ΔG3/2f1/2b

(r
b

)3βmc
2 − 1

(2πГ)− 1/2 (11)  

ΔσCS− Clusters = Mαε(Gmεc)
3/2

(
rf

0.5Gmb

)1/2

(12)  

Where αmc and βmc are constants that can be obtained from a dislocation- 
precipitate interaction model, their values are 0.096 and 0.76 respec
tively [59]. ΔG is the difference in the shear modulus of Al-matrix and 
Ag-Mg co-clusters (ΔG =2.6 GPa) [15]. Г is the line tension of a dislo
cation in the matrix which is usually approximated as 12Gmb2 [59]. αε is a 
constant of 2.6 for FCC metals [64] and εc is the strain associated with 
the atomic cluster misfit with the matrix, which is around 1% for Ag-Mg 
co-clusters in the A205 alloy [15]. f and r are the volume fraction and 
average radius of the clusters. The volume fraction of Ag-Mg co-clusters 
in NA-20d has been approximated based on the Ag and Mg concentra
tion inside the grains by EDS spot analysis and with an assumption that 
Ag and Mg form clusters in 1:1 at. ratio. This assumption was based on 
multiple atom probe tomography (APT) studies on Al-Cu-Mg-Ag alloy 
[21,25,26]. The concentration of Mg was ≈ 0.25 wt% which corre
sponds to the volume fraction (f) of clusters as 0.0071. It has been 

Table 3 
Summary of the strengthening factors in various conditions.  

Strengthening factors AB, MPa NA-20d, MPa AA-4 h, MPa 

σ0 20 20 20 
ΔσGB 165.90 99.49 89.81 
ΔσSS 24.78 66.24 - 
ΔσTiB2 40.31 37.41 37.41 
ΔσAg− Mg co− cluster 44.05 66.12 - 
ΔσΩ/θ′precipitates - - 254.90 
σTotal 295.04 289.26 402.12 
σy 304.00 276.20 397.20 
σy − σTotal 8.96 -13.06 -4.92  

Table 4 
Summarizing different parameters with their physical meaning utilized in 
various strengthening mechanism [15,16,59,64,70,71].  

Strengthening 
mechanism 

Parameter Value Physical meaning 

Al Gm 26.9 GPa Shear modulus 
M 3.06 Taylor factor for 

polycrystalline 
b 0.286 nm Burger vector 
Г 1.1 ×10− 15 

MPam2 
Dislocation line tension 

σ0 20 MPa Resistance to glide 
dislocation in the lattice 

ΔσGB k 0.14 and 
0.17 MPa

̅̅̅̅
m

√
Obstacle to dislocation by 
grain boundary 

ΔσCTE βCTE 1.25 Geometric constant 
ΔσModulus− TiB2 αmt 0.5 Dislocation strengthening 

coefficient 
ΔσModulus− Clusters αmc 0.096 Constants from dislocation- 

precipitate interaction βmc 0.76 
`ΔσCS− Clusters αc 2.6 GPa Constant for FCC metal 
ΔσΩ/θ′precipitates 

γi 0.14 Specific interfacial energy 
between precipitate and 
matrix phase  
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reported that, Ag-Mg co-clusters were hard to be identified by TEM, this 
seems true also in the present investigation, see Fig. 7a, and a more 
advanced techniques such as APT has been suggested [22,65]. However, 
in the present study, the average radius of the co-clusters in NA-20d was 
assumed as 1.8 nm (≈ 50 atoms). It was an average of the Ag-Mg 
co-cluster size (10–100 atoms) observed in the early stages of aging by 
various APT studies [47,66]. f in the AB state was taken as 0.0034 from 
the similar study on LPBF of A205 alloy with the same linear energy 
density (0.24 J/mm) [15]. In the AA-4 h specimen, as the DSC did not 
show any sign of Ag-Mg co-clustering i.e., no endothermic peak in 
Fig. 3a, it is reasonable to neglect the hardening from atomic clusters. 
The strengthening contribution obtained from ΔσModulus− Clusters in AB and 
NA-20d state were 1.41 MPa and 2.07 MPa, respectively and from ΔσCS 

in AB and NA-20d state are 42.64 MPa and 64.05 MPa respectively. 

4.2.3. Contribution from plate-type Ω/ θ’ precipitates 
Interaction of dislocations with the precipitates can strengthen the 

material by either dislocation looping (Orowan strengthening) or by 
dislocation shearing (interfacial strengthening) mechanisms [34,36]. 
The character of a dislocation-precipitate interaction mechanism de
pends on its crystal structure, aspect ratio, volume fraction and number 
density. 

There have been number of studies demonstrating that Ω plates were 
sheared by dislocations [35,67]. In contrast, θ’ precipitates interacts by 
forming dislocation loops [68,69]. However, being precipitated on 
{111} Al plane, Ω plates provides more effective strengthening than 
{100} θ’ plates [35,36]. For simplicity, it was assumed that all the 
plate-type precipitates (Ω and θ’) in an AA-4 h condition strengthen the 
material by dislocation shearing. No strengthening contribution from 
precipitates in NA-20d and AB conditions were considered, as these 
needle-type matrix precipitates were not observed in the NA-20d con
dition (Fig. 7), nor such precipitates have been reported in the AB state 
elsewhere [16]. Nei and Muddle [34] have developed a model on 
dislocation shearing of plate-type precipitates that nucleated on {111} 
plane of Al, considering the effect of precipitate shape, orientation, and 
distribution on the increment in the yield strength of the alloy: 

ΔσΩ/θ′precipitates =
1.211Mdtγ3/2

i

t2
t

̅̅̅̅̅̅̅
bfv

Γ

√

(13)  

Where M=3.06 is the Taylor factor for polycrystalline materials, Γ is 
dislocation line tension, γi is the interfacial energy corresponding to the 
new interface (0.14 J/m2) [36], fv is the volume fraction of Ω pre
cipitates, calculated from the TEM micrographs as 0.019 (Eqs. 1–3). tt 
and dt are average plate thickness and diameter with a value of 1.7 nm 
and 54 nm, respectively. The strengthening increment to the yield 
strength by the Ω/θ’ precipitates was 254.90 MPa. 

4.2.4. Grain boundary strengthening 
The strengthening contribution from the GBs can be calculated with 

the classical Hall-Petch relation [70]. 

ΔσGB = kd− 1/2 (14)  

Where k is the Hall-Petch coefficient, which represents the ability of the 
GBs to impede the dislocation motion. The value of k ranges from 0.04 
MPa

̅̅̅̅
m

√
for a fully recrystallized grain to 0.26 MPa

̅̅̅̅
m

√
for a highly 

deformed ultra fine grain [70,71]. In the present study, two distinctive 
values of k have been considered: 0.17 MPa

̅̅̅̅
m

√
for representing 

cellular microstructure of the AB state, the θ-Al2Cu cell boundaries offers 
high obstacle to dislocation motion [15] and 0.14 MPa

̅̅̅̅
m

√
representing 

matrix with a large number of high-angle grain boundaries (HAGB) [70] 
for the case of NA-20d and AA-4 h state (Fig. 5g and Fig. 5h). d is the 
average grain size of the alloy as 0.91 μm [30], 1.98 μm and 2.43 μm for 
AB, NA-20d and AA-4 h conditions (Fig. 5e-f). The strength increments 
by grain boundary strengthening in an AB, NA-20d and AA-4 h state are 

165.90 MPa, 99.49 MPa and 89.81 MPa, respectively. Such a consider
able strengthening increment to the yield strength was due to their finer 
grain sizes which is a typical characteristic of a LPBF process. 

4.2.5. Solid solution strengthening 
The strengthening increment by solid solution can be calculated by 

the following equation [23]. 

ΔσSS =
∑

i=element
ki × cn

ss,i (15)  

Where ki is the strengthening contribution related to the solute- 
dislocation interaction. For Cu and Mg, the kCu = 13.8 MPa/wt% and 
kMg = 18.6 MPa/wt%, respectively [15,23]. It was reported that Ag 
atoms have no strengthening effect in Al alloys due to their negligible 
lattice misfit [72]. cn

ss,i is the concentration of solute i in the solid solu
tion and n is a constant with a value of 1 [23]. The solid solution 
strengthening in the AA-4 h state can be neglected, since Cu, Mg and Ag 
were all responsible for the precipitation of Ω, θ and θ’ (Al2Cu) and were 
either consumed by the precipitates during the process of nucleation and 
growth or constrained within the Al-precipitate interfaces [23,25,26]. In 
the NA-20d state, only solid solution strengthening from Cu atoms was 
considered, as it was assumed that all the Mg atoms bind to the Ag atoms 
to form Ag-Mg co-clusters. The concentration of Cu was around 4.8 wt%. 
In the AB state, both Cu and Mg atoms contribute to the strengthening. 
The concentration of Cu and Mg were taken from the work of Jiang et al. 
[15], which have reported the solute concentration of A205 alloy in AB 
state processed by LPBF. The Cu and Mg concentration are 1.58 wt% and 
0.16 wt%, respectively. The solid solution strengthening (ΔσSS) in the 
AB and NA-20d state were 24.78 MPa and 66.24 MPa, respectively. 

A summary of all the contributions from various strengthening fac
tors in the AB, NA-20d and AA-4 h states are presented in the Table 3. 
Strengthening due to the presence of TiB2 particles was around ≈
40 MPa in the AB and ≈37 MPa for both NA-20d and AA-4 h conditions. 
Being processed by LPBF, the grain size strengthening significantly 
contributes to all the conditions. Although the AB state has a cellular 
microstructure (eutectic θ-Al2Cu cell boundaries) which offers much 
higher resistance to the dislocation motion than in NA-20d and AA-4 h 
states (≈ 165 MPa). Strengthening in a NA-20d state was majorly due to 
coherent strengthening from disordered Ag-Mg co-clusters (≈ 64 MPa) 
and solid solution strengthening by Cu solutes (≈ 66 MPa), whereas in 
the AA-4 h state, interfacial strengthening was dominated by the pres
ence of high number density of plate-type Ω/θ’ precipitates (≈
254 MPa). The calculated yield strength in various processed and post- 
processed conditions were within the 5% deviations of the experi
mental values (Table 3) indicating a good match with the experimental. 

Post to the yield strength, both NA-20d and AA-4 h conditions 
neither displayed the lüders band formation nor the serrated flow 
behaviour (PLC effect), see Fig. 9. This has been associated with the lack 
of free Mg atoms in the matrix. In the AB state, during plastic defor
mation, repeated locking and unlocking of mobile dislocations with free 
Mg atoms in the matrix was responsible for such behaviour [37,39]. In 
the NA-20d state, Mg binds very strongly to the Ag and readily forms 
Ag-Mg co-clusters [19,20]. In the AA-4 h state, Mg atoms are being 
consumed in the process of precipitation and stabilization of Ω plates 
[24,25,31]. It is widely known that Mg and Ag tends to segregate at the 
broad interface of Ω-plates/α-Al during artificial aging [24]. As Mg and 
Ag segregation helps to reduces the misfit strain energy arising due to 
growth of coherent-Ω plates [24,28]. 

4.3. Failure mechanism 

During tensile deformation, after necking, the material deforms in an 
inhomogeneous way due to stress gradient along the gauge-section. This 
inhomogeneous deformation is associated with the formation of 
microstructural defects [39]. Because of this reason, assessing the 

J. Barode et al.                                                                                                                                                                                                                                  



Materials Today Communications 39 (2024) 108978

12

microstructure along the length of gauge section helps to understand the 
initiation of failure. 

NA-20d specimens demonstrated excellent ductility with respect to 
the AA-4 h specimens, thus by observing the tensile specimens perpen
dicular to the fractured surface, it was beneficial to gain insights into the 
possible failure mechanisms. In the NA-20d, micro-voids were formed 
near individual TiB2 particles and near their agglomerations (Fig. 10e 
(violet arrow)). The same was also observed by fractography under BSE 
mode that showed TiB2 particles sitting inside the dimples (Fig. 10c). 
However, in the AA-4 h specimen, besides observing these micro-voids 
near TiB2 particles, there were multiple cracks present (Fig. 10f(yel
low arrow)). These cracks were likely to be located at the grain 
boundaries. During deformation, the matrix precipitates (Ω and θ’) were 
either being sheared or by-passed by dislocations. At high strain values, 
the matrix becomes hardened, and dislocations are piled-up at the grain 
boundaries causing a highly localized strain. This results in a nucleation 
of voids near precipitate free zone (PFZs) and then growth along these 
regions causing an intergranular fracture [73,74]. No such grain 
boundary cracks were observed in the NA-20d specimen (Fig. 10e) as 
there were neither grain boundary precipitates which promotes weak 
PFZs nor high strength Ω/θ’-Al2Cu precipitates which hardens the 
Al-matrix relative to grain boundaries (Fig. 7a-b). Thus, in NA-20d, the 
failure initiation is solely at TiB2 particles which were located at the 
grain boundaries and grain triple junctions (Fig. 7b), that also leads to 
intergranular fracture at higher strains. 

5. Conclusions 

In the present study, we have demonstrated the response of A205 
alloy processed by LPBF towards natural aging (NA) i.e., solution 
treatment followed by aging at room temperature, and compared it with 
an artificial aging (AA). The following conclusions can be drawn:  

1. The NA of an A205 alloy achieved its peak hardness in around 20 
days at a temperature of ≈ 28◦C, whereas it took 4 h at 190◦C in the 
case of AA. The difference between their peak hardness was ≈10 HV.  

2. The tensile behaviour of NA-20d and AA-4 h i.e., their peak aged 
conditions, were compared. The ultimate tensile strength of NA-20d 
was comparable to AA-4 h, with a difference of only 6.2%, and a 
considerable improvement in the elongation to fracture of around 
43% than AA-4 h. The yield strength however was 30% lower than 
AA-4 h. 

3. The major strengthening contributions for the NA-20d were co
herency strengthening by the Ag-Mg co-clusters and solid solution 
strengthening by Cu atoms, whereas strengthening by the dislocation 
shearing of Ω/θ’ plate-type precipitates were dominant in AA-4 h.  

4. Grain boundary strengthening also contributed significantly to both 
NA-20d and AA-4 h, because of their fine grains, 1.98 μm and 2.43 
μm respectively.  

5. Fractography studies revealed different failure mechanism in NA- 
20d and AA-4 h. In NA-20d, the failure initiates solely by the for
mation of micro-voids at the individual TiB2 particles and at their 
agglomerates, whereas in the AA-4 h, it was both by micro-void 
formation at TiB2 particles and cracking along grain boundaries 
due to formation of PFZs. 

Both post-processing heat treatments improved the mechanical 
property of the A205 alloy with respect to as-built state. The NA-20d 
gives good-strength and high-ductility whereas, the AA-4h provides 
high-strength and good-ductility combination to the alloy with respect 
to its different processing and post-processing conditions, thus, one can 
get benefitted from both the heat treatments based on their intended 
application. 
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