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� AlSi10Mg + 4Cu alloy is succesfully
processed by laser powder bed fusion
in-situ alloying.

� Solid solution and precipitation
strenghenting mechanisms are
exploited for improving AlSi10Mg
mechanical properties.

� Cu addition increased AlSi10Mg
hardness and yield strength of 8.8%
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� Direct aging strategy is pursued to
foster the alloy precipitation potential
after rapid cooling.
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In this work, a high strength Al alloy was successfully processed via in-situ alloying of AlSi10Mg and Cu
elemental powders during Laser Powder Bed Fusion. To get superior strength, 4 wt% of Cu was added to
AlSi10Mg composition to benefit from the additional solid solution and precipitation strengthening
mechanisms induced by Cu atoms. Microstructure, chemical composition, hardness, and tensile proper-
ties of as-built samples were firstly determined. The microstructure showed a dual eutectic formed by Si
precipitates intermixed with h-Al2Cu phase. The average Cu concentration was 3.96 ± 0.26 wt% in line
with the theoretical one. Hardness and yield strength of AlSi10Mg + 4Cu alloy showed an increase of
respectively 8.8 % and 35.6 % compared to the as-built AlSi10Mg, owing to the highly super-saturated
solid solution of Si and Cu atoms upon rapid solidification. After that, a direct aging heat-treatment strat-
egy was pursued to fully exploit the potential alloy precipitation by heating as-built samples at temper-
atures between 160 and 190 �C. A maximum hardness response was achieved after 1 h at 175 �C. The high
hardening was primarily attributed to a mix of h

0 0
=h

0
þ h-Al2Cu and Si phases coupled with a still high

solid solution content. Nevertheless, direct aging slightly decreased the alloy ductility due to the promi-
nent precipitation of brittle Si particles during aging and the presence of Cu inhomogeneities formed after
in-situ alloying.

� 2021 The Author(s). Published by Elsevier Ltd. This is an open access article under the CC BY license
(http://creativecommons.org/licenses/by/4.0/).
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1. Introduction

Laser Powder Bed Fusion (LPBF) paved the way for developing
novel alloy compositions with peculiar characteristics that cannot
be achieved with conventional manufacturing processes [1].
Although there has been an increased demand for new alloys com-
patible with LPBF, the material palette available in the marketplace
is still quite limited [2]. Developing new alloys for LPBF requires,
indeed, high economic resources due to the need for customized
pre-alloyed powders [3]. In this regard, the in-situ alloying of ele-
mental powder blends represents a low-cost method to explore
new materials, providing a high degree of flexibility in material
design and processing operations [1]. The alloy chemical composi-
tion is first designed. Afterward, the elemental powders are mixed
within rotating jars and then in-situ alloyed on the powder bed
exploiting the laser beam energy [4]. At this point, physical phe-
nomena such as thermocapillary effect and recoil pressure induce
a turbulent melt flow within the molten pool that helps to locally
mix the constitutive alloy elements [5,6]. Thus, the local heat flux
generated by the fusion of adjacent scan tracks induces a further
diffusion of constitutive elements leading to the alloy consolida-
tion [7].

The in-situ alloying has been widely investigated to modify
existing high-strength Al alloys for improving their LPBF process-
ability [8,9] or exploring novel Al compositions [7,10–12]. For
instance, Montero Sistiaga et al. added 4 wt% of Si to a 7075 Al alloy
to prevent liquation cracking [8]. The effect of Si on 7075 alloy was
twofold. On the one hand, it reduced the alloy solidification range
by lowering the alloy melting point. On the other hand, it acted as a
grain refiner, promoting ultrafine-grained regions at melt pool
overlapping areas. Similarly, Casati et al. successfully processed
an Al-Zn-Si-Mg-Cu alloy by blending Al-Si-Mg and Al-Zn-Mg-Cu
powders without hot cracks after rapid solidification [9]. However,
despite its flexibility, the in-situ alloying often resulted in fluctua-
tions of the chemical composition due to different melting points
and thermal properties of the constitutive elements [7,10]. In this
regard, Wang et al. used LPBF to in-situ manufacture Al-xCu sam-
ples starting from Al-4.5Cu and Cu powder blends [7]. X-Ray
Diffraction (XRD) analyses revealed that the reflections related to
the pure Cu were no longer visible after in-situ alloying. Neverthe-
less, un-melted Cu particles were still detected in as-built Al-6Cu
and Al-40Cu samples after imaging investigations. The chemical
composition around those particles was rather inhomogeneous,
resulting in a microstructure enriched of Cu. Notwithstanding this,
the Authors supposed that the majority of Cu atoms were partly
retained in the Al matrix and partly precipitated as Al2Cu phase
upon rapid solidification implying the possibility to exploit both
solid solution and precipitation strengthening mechanisms.

In fact, it is known that the alloy lattice is locally distorted by
the presence of solute atoms that hinder the dislocations gliding,
thus strengthening the alloy. In this context, former studies
reported an increased solid solubility limit of Cu in rapidly solidi-
fied Al alloys [13], suggesting the formation of a high super-
saturated solid solution (SSSS) after the in-situ alloying when the
Cu addition is lower than its typical solid solubility limit in Al
(i.e., 5.65 wt% [14]). On the other hand, according to the general
metallurgical principle of age-hardening for Al alloys [15], the
maximum strengthening can be reached when gliding dislocations
pass through precipitates with a fully coherent lattice with fcc-Al,
i.e., when GP zones and the pioneers metastable phases coexist.
For this reason, to trigger the precipitation of strengthening phases
containing Cu from the SSSS, in-situ alloyed materials can be
strengthened through direct ageing heat-treatments without pre-
solutioning heat-treatments [16,17]. Unlike the well-known direct
aging behavior of Al-Si-Mg alloys [18–21], to the best of our knowl-
2

edge, the state-of-art on the aging response of Al-Si-Mg-Cu alloys
processed by LPBF is limited to the work of Roudnická et al. [22].
In particular, the Authors have recently investigated the age-
hardening response of an AlSi9Cu3 alloy processed by LPBF. After
directly aging the alloy in the temperature range of 140–180 �C,
an overall strengthening was recorded with a hardness and yield
strength increment of 13–18% and 36%, respectively. In terms of
metallurgical phases, a mix of h

0
- Al2Cu precipitates and Si plate-

lets were revealed in the peak-aged condition, according to the
precipitation sequence of the Al-Cu alloy system, i.e., GP (discs)
? h

0 0
(discs) ? h

0
(plates) ? h (Al2Cu).

For the purpose of exploiting both solid solution and precipita-
tion strengthening mechanisms promoted by the Cu addition to
improve the alloy strength, this paper presents the results of an
AlSi10Mg alloy modified with 4 wt% of Cu powder, a typical
amount giving hardening in 2xxx Al series [14]. Following recent
research group’s works [23,24], the in-situ alloying was adopted
to mix and consolidate the alloy under the LPBF laser beam. In par-
ticular, this work aims at studying the direct aging behavior of the
in-situ alloyed AlSi10Mg + 4Cu system. After a comprehensive
characterization of the as-built material, the processed alloy
underwent direct aging heat-treatments at various temperatures
within the precipitation range for Al-Si alloys [25]. The aging
response was then studied by tracking the hardness profile, and
the significant direct aging conditions were deeply investigated
in terms of microstructures, thermal behavior, and tensile
properties.
2. Materials and methods

Gas-atomized powders of AlSi10Mg (EOS Gmbh) and high pur-
ity Cu (Sandvik Osprey LTD) were firstly mixed in a weight propor-
tion of 96:4 using rotating jars and then in-situ alloyed during LPBF
to synthesize AlSi10Mg + 4Cu alloy. The chemical composition of
the starting powders and the calculated composition of
AlSi10Mg + 4Cu is reported in Table 1.

After mixing of elemental powders, an EOSINT M270 Dual-
mode LPBF system was used to produce bulk samples of
AlSi10Mg + 4Cu. To this end, the process parameters, namely
power, speed, layer thickness and hatching distance of 170 W,
1000 mm/s, 0.30 lm, and 0.14 mm, respectively, were used. These
parameters were optimized in a previous work in order to maxi-
mize the productivity while maintaining a density higher than
99.16 % [23]. Two batches of samples were manufactured, namely
cubes of 15 � 15 � 15 mm3 for the as-built and direct aging char-
acterization, and flat tensile specimens with a geometry according
to ASTM E8/E8M-16a for the mechanical characterization. Refer-
ence samples of AlSi10Mg, either bulk or tensile ones, were built
using the same LPBF system and its optimum process parameters
[26].

The aging response of AlSi10Mg + 4Cu was directly assessed
starting from the as-built condition (without previous solution
heat-treatment), following the T5 temper protocol [16]. Direct
aging temperatures were selected within the range for the precip-
itation heat-treatments of age-hardenable aluminum alloys, with a
fixed interval of 15 �C, being 160 �C, 175 �C and 190 �C [25]. For all
the temperatures, aging treatments were carried out at fixed times,
i.e., 1, 2, 4, and 8 h. Heat-treatments were conducted in a heating
oven (model BINDER FD56) with a temperature accuracy DT of
±1.5 �C. Aging behaviors were evaluated by performing Vickers
micro-hardness tests (HV 0.5) by applying a static load of 0.5 Kg
and a dwell time of 10 s using a HNVS-1000DX hardness tester.
Five indentations were considered on each sample according to
the ASTM E384-17 standard.



Table 1
The chemical composition of the used powders (wt.%).

Alloy Si Fe Cu Mn Mg Ti O Al

AlSi10Mg 9–11 � 0.55 � 0.05 � 0.45 0.2–0.45 � 0.15 – Bal.
HCP Cu – – � 99.96 – – – � 0.04 –
AlSi10Mg + 4CuϮ 8.6–10.6 � 0.55 4 � 0.45 0.19–0.43 � 0.15 � 0.04 Bal.

Ϯ the composition of AlSi10Mg + 4Cu mixed powder is calculated.
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The microstructural and phase assessment of as-built and
directly aged samples was performed by coupling XRD, Differential
Scanning Calorimeter (DSC), and Field Emission Scanning Electron
Microscope (FESEM) techniques.

The phase identification was performed by XRD on the XZ cross-
sections of as-built and directly aged samples using a X-Pert Philips
PW3040 diffractometer in Bragg Brentano configuration. A first
batch of XRD patterns was obtained in the 2h range from 20 to
100� at steps of 0.013�, and step duration of 25 s. After that, a sec-
ond round of XRD analyses was performed to deeply investigated
some peaks, between 42� and 48�, using a finer step size
(0.0033�) and an implemented duration time (60 s). Apart from
the peaks/phases identification, XRD data were also used to calcu-
late the fcc-Al lattice parameter according to cos h cot h method
[24].

A Setaram TGA 92 16.18/DSC was employed to investigate the
precipitation sequence of strengthening phases. DSC scans were
carried out in the temperature range from 50 to 450 �C with a heat-
ing rate of 10 �C/min. To equilibrate the heat flux, an initial isother-
mal step of 15 min at 50 �C was performed before DSC scans.
Empty Al2O3 crucible was used as a reference. The same heating
program was used for as-built and directly aged specimens.

Samples for microstructure investigation were grinded and pol-
ished by standard metallographic technique up to 1 mm; final fin-
ishing was obtained using a 0.04 mm colloidal silica. The
chemical etching was then conducted in a diluted Keller solution
(20% Keller reagents, 80% H2O) for 10 s. Microstructural phases
were observed by a Zeiss SupraTM 40 FESEM microscope coupled
with an Energy Dispersive X-ray (EDX) detector for chemical com-
position mapping. For an estimation of the Cu content after the in-
situ alloying, four EDX maps were conducted on XZ samples cross-
sections with a magnification of 310X. Each map scanned an area
of 400 � 400 mm2.

Finally, as-built and directly aged tensile specimens were tested
by using a Zwick Z100 tensile machine applying a strain rate of
8 � 10-3 s�1. All tests were carried out at room temperature. To
ensure a representative tensile behaviour, 3 samples for each con-
dition were considered. The fracture surfaces of tested samples
were then investigated by FESEM.
3. Results

3.1. As-built AlSi10Mg + 4Cu via in-situ alloying

The LPBF AlSi10Mg + 4Cu samples revealed a densification level
of 98.97 ± 0.21 % measured by image analysis, confirming that near
fully dense materials were successfully produced adopting the
method previously proposed by the Authors [23].

Fig. 1a shows a low magnification macrostructure of the as-
built AlSi10Mg + 4Cu alloy across its longitudinal plane. The alloy
displays the typical morphological texture observed for other
LPBFed Al alloys [26–28]. A ‘fish scale’ pattern formed by piled-
up melt pools was revealed. Besides, it was possible to observe
the presence of brighter regions located near the overlapping areas
between nearby fusion lines, corresponding to Cu segregations
(Fig. 1b).
3

A representative FESEM micrograph of the as-built
AlSi10Mg + 4Cu alloy is reported in Fig. 1c. The microstructure
reveals the extremely fine cellular/columnar dendritic architecture
induced by the severe constitutional undercooling stored during
the rapid cooling from the melt. Dendrites epitaxially grew at the
melt pool boundary and are oriented towards the melt pool center,
opposite to the heat flux extraction [29].

Moving from the core to the boundary of a melt pool, a variation
of the microstructural features can be noticed (Fig. 1d-f) [30]. In
the melt pool core (MP core), indeed, the solidification mode was
mainly cellular-dendritic, resulting in a continuous eutectic archi-
tecture with fine cells of size 0.8 ± 0.4 mm (Fig. 1d). Going towards
the melt pool boundary a coarser texture was observed, labelled as
‘MP coarse’ zone. Here, the solidification mode was cellular/colum-
nar dendritic, as can be observed in Fig. 1e. The eutectic pattern
was still discernible, although network interruptions and dendrite
sided branches were observed to a large extent. Lastly, in the Heat
Affected Zone (HAZ)Fig. 1f), the eutectic architecture was broken
into several particles due to the laser remelting occurred during
manufacturing.

As also reported in our previous work [24], the eutectic network
of AlSi10Mg + 4Cu was constituted by an intermixing of eutectic Si
particles and h-Al2Cu phase. This was corroborated by the XRD pat-
tern reported in Fig. 1g of this study. The XRD reflections, indeed,
revealed the presence of fcc-Al, diamond cubic Si and tetragonal
Al2Cu phase (i.e., h phase).

Lastly, the thermal behavior of the as-built AlSi10Mg + 4Cu
alloy is depicted in Fig. 1h. Two distinct exothermic signals are
identified. The temperatures of these peaks are in agreement with
those recorded for an LPBFed AlSi10Mg alloy in a recent research
[31]. The first most intense peak is centered at 236 �C. The exother-
mic nature of the peak indicated that some precipitation reactions
occurred between 185 �C (i.e., the peak onset temperature) and
275 �C. As evidenced for the as-built AlSi10Mg alloy [31], this sig-
nal accounted for the Si diffusion and its precipitation from the
SSSS. However, this exothermic peak might also account for the
formation of other precipitates. In fact, transition intermetallic
phases such as h’-Al2Cu [32], b

0 0
-Mg2Si [33–35], and S’-Al2CuMg

[36] form within a similar temperature range. Therefore, it might
be probable that their corresponding precipitation signals con-
tributed to the intensity of the first exothermic peak of Fig. 1h.
By increasing the temperature, a less intense signal centred at
around 318 �C is encountered on the thermogram. In this case,
the peak is related to the precipitation of Mg2Si and phases con-
taining impurity elements [31].
3.2. Direct aging of AlSi10Mg + 4Cu

3.2.1. Aging response
The aging behaviors of the AlSi10Mg + 4Cu alloy are depicted in

Fig. 2. Before direct aging heat-treatments, the as-built samples
exhibited an average hardness of 142.3 ± 5.0 HV. The as-built
micro-hardness value of AlSi10Mg + 4Cu was higher than the
AlSi10Mg counterpart (i.e., 130.8 ± 3.1 HV), showing a hardness
increment of 11.5 HV (i.e., 8.8 %). On aging, micro-hardness fol-
lowed different trends according to the used aging temperature.



Fig. 1. Schematic overview of the characterization performed on the as-built AlSi10Mg + 4Cu alloy obtained via in-situ alloying: (a) a micrograph and (b) the Cu distribution
map along the longitudinal cross-section of a bulk sample; (c) a FESEM micrograph showing the different regions of a melt pool and the corresponding insets related to: (d)
MP core, (e) MP coarse, and (f) HAZ; (g) the XRD pattern and (h) the DSC thermogram.
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When aging was conducted at 190 �C, the aging curve went
through a hardness peak after an elapsed time of 2 h. Then, a rele-
vant hardness drop was detected, suggesting a possible over-aging.
By decreasing the aging temperature to 175 �C, a hardness peak
was identified upon 1 h. Afterward, hardness slightly decreased
at higher aging times while remaining well above its as-built value.
4

As far as the aging behavior at 160 �C is concerned, hardness
increased steadily up to 4 h. Then, beyond this point, the HV values
reached a plateau.

Table 2 summarizes the maximum hardness (HVmax) obtained
for each condition, along with the time to peak-age and the relative
hardness increment (DHVmax) values with respect to the hardness



Fig. 2. Aging curves of AlSi10Mg + 4Cu alloy at different aging temperatures and
times.

Fig. 3. XRD patterns of as-built and directly aged AlSi10Mg + 4Cu samples.
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of the as-built AlSi10Mg + 4Cu material. As can be noticed, a lim-
ited hardening response was achieved at 190 �C, whereas higher
hardness was attained at the lower temperatures, i.e., 160 �C and
175 �C.
3.2.2. Phase identification
Figs. 3 and 4 report XRD patterns of samples characterized by

the maximum hardness after direct aging heat-treatments
(Table 2). As-built and aged samples at 8 h for each aging temper-
ature were also reported to detect the constitutional phase evolu-
tion during direct aging treatments. As for the as-built alloy, XRD
patterns revealed reflections due to the presence of fcc Al, diamond
cubic Si, and tetragonal h-Al2Cu phases. It can be noticed that the
position of Al peaks gradually shifted to lower angles by increasing
the aging temperature and time, as clearly observable for the Al
(200) peak positions reported in Fig. 4a. This could indicate a pro-
gressive depletion of the SSSS formed by Si and Cu atoms during
the direct aging heat-treatment [37].

As denoted by the Si (200) peaks of Fig. 4b, Si reflections
became sharper and more intense with the increasing aging tem-
perature and time. This corroborates the idea that, during aging,
Si moved out of the SSSS to precipitate at the Al cell boundaries
[37,38].

A similar trend was found for the h-Al2Cu phase. Indeed, at a
constant aging temperature, higher peak intensities were detected
at the longer aging time, namely after 8 h, as observed in h-Al2Cu
(112) reflections of Fig. 4c. Moreover, it must be noted that minor
peaks referring to the h-Al2Cu phase, i.e. (200), (402) and (310)
reflections, appeared after 8 h of heat-treatment (see Fig. 3 and
Fig. 4b).

The lattice parameter values for the fcc Al of studied specimens
were plotted against the direct aging times in Fig. 5. Results
Table 2
Temperature and time to the maximum hardness (HVmax), mean HVmax and its standard de
as-built AlSi10Mg + 4Cu hardness value. The hardness increase calculated with respect to

Aging temperature (�C) Time to HVmax (h) HVmax

Mean

160 4 160.6
175 1 163.9
190 2 155.5

5

revealed a general broadening of the Al lattice parameter on the
increasing aging time. Based on the linear fitting, it could be
inferred that within the investigated time interval and tempera-
tures, the higher the aging time, the larger is the Al lattice param-
eter. Lastly, the slope of the linear trends ranked in the sequence
160 < 175 < 190 �C, suggesting an influence of the aging tempera-
ture on the increment of the Al lattice parameter.
3.2.3. Thermal behavior
As already stated, the as-built sample showed a thermogram

with two prominent exothermic peaks in correspondence with
the precipitation of Si and Cu precipitates in the former and MgSi2
in the latter (Fig. 1h). After aging at 160 �C (Fig. 6a), the first
exothermic signal slightly shifted at a higher temperature com-
pared to the as-built condition. In this regard, it must also be
pointed out that the peak intensity gradually decreased when
increasing the aging time. Apart this, DSC scans did not show any
other significant differences in the investigated temperature inter-
val. Similarly, aging the alloy at 175 �C for 1 h reduced the first
exothermic peak enthalpy from 22.5 to 12.9 J/g (Fig. 6b). After a
direct aging time of 8 h at the same temperature, this peak com-
pletely disappeared, suggesting that Si and h

0 0
=h

0
=h-phase precipi-

tations already occurred during the direct aging heat-treatment.
By further increasing the aging temperature to 190 �C (Fig. 6c),
the first exothermic signal was still identifiable upon 2 h, although
the released enthalpy was relatively low (2.2 J/g), and then entirely
disappeared after 8 h of direct aging treatment.
3.2.4. Microstructure
Fig. 7 reports the representative FESEM micrographs of

AlSi10Mg + 4Cu alloy after direct aging heat-treatments. Upon
aging at 160 �C (Fig. 7a,b), the microstructure did not show signif-
icant variations compared to the as-built ones (Fig. 1c), still show-
viations (St. Dev.), and the relative hardness increment (DHVmax) as compared to the
the as-built AlSi10Mg hardness value is also reported.

DHVmax-AlSi10Mg4Cu DHVmax-AlSi10Mg (%)

St. Dev.

1.6 18.3 22.8 %
1.5 21.6 25.3 %
1.6 13.1 18.9 %



Fig. 4. Detail of (a) Al (200), (b) Si (200) and (c) (112) h-Al2Cu reflections.

Fig. 5. Relationships between Al lattice parameter and the direct aging
temperature.
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ing a fibrous eutectic architecture. By raising the aging tempera-
ture to 175 �C (Fig. 7c,d), the eutectic network was still identifiable.
However, in Fig. 7d, it was noticed the presence of tiny particles
within the a-Al cells, which likely precipitated out of the SSSS dur-
ing the aging heat-treatment [18,20]. This was clearly observed
after aging at 190 �C. In fact, the micrographs of Fig. 7e,f were
strewn with very fine precipitates randomly distributed on sample
surfaces. Here, the eutectic network was rather discontinuous
likely due to the eutectic constitutive elements diffusion through
aging heat-treatment and the subsequent network spheroidization
[34,39].
3.3. Tensile characterization and surface fracture analysis

Results of tensile tests conducted on the as-built and peak-aged
specimens of AlSi10Mg + 4Cu are summarized in Fig. 8 and Table A
6

1. The tensile properties of an as-built AlSi10Mg alloy were
reported for comparison. As can be noticed in Fig. 8, the as-built
AlSi10Mg + 4Cu alloy shows higher yield strength (YS) and ulti-
mate tensile strength (UTS) values compared to the base AlSi10Mg
alloy. In fact, by mixing 4 wt% of Cu with AlSi10Mg, an increment
of YS and UTS of respectively 35.6 % and 19 % was achieved. How-
ever, the strengthening effect of Cu induced a reduction of the
elongation at break from 3.3 % to 2.2 %. As far as the peak-aged
specimens of AlSi10Mg + 4Cu are concerned, their tensile strengths
were still higher than that of as-built AlSi10Mg. In Fig. 8, the main
strengthening mechanisms that contributed to AlSi10Mg + 4Cu
strength were also reported. A comprehensive discussion is pro-
vided in Section 4.

Fracture surfaces of the as-built and directly aged tensile
AlSi10Mg + 4Cu samples were investigated to determine the pre-
vailing failure mechanism. Before analyzing the results in more
detail, it was observed that directly aged fracture surfaces resem-
bled those of the as-built condition. Therefore, no significant differ-
ences were visible among the investigated tensile specimens. The
representative fracture surface topography of a tensile specimen
heat-treated at 175 �C for 1 h was reported as an example in
Fig. 9a. A detailed examination of Fig. 9a revealed the presence of
irregular and elongated cavities (pointed by yellow arrows), likely
originated by lack-of-fusion regions between adjacent tracks or
layers. Apart from these lack-of-fusion areas, fracture surfaces
were dotted with several holes (pointed by red arrows) showing
nearly spherical shapes. Fig. 9b provides a close-view of a spherical
cavity, which exhibited a diameter of roughly 112 mm. A deep
investigation inside the cavity evidenced the occurrence of brittle
particles at the bottom, presumably oxides, and, occasionally, the
presence of un-melted particles. By further increasing the magnifi-
cation, it was possible to appreciate the nature of the failure micro-
mechanism. As can be observed in Fig. 9c, a combination of brittle
and ductile fractures was locally found. In fact, a brittle area with a
facet-like appearance likely originated from a cleavage fracture
coexisted with a more ductile area, which showed very fine dim-
ples with a size lower than 1 mm (Fig. 9d). A close-view of the duc-



Fig. 6. Results of DSC scans performed on as-built and heat treated samples at (a) 160 �C, (b) 175 �C and (c) 190 �C.
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tile region revealed nanometric precipitates within the dimple
cells, as shown in Fig. 9e.
4. Discussion

LPBF has shown to be a unique additive manufacturing tech-
nique that develops very high heating and cooling rates (103-108

K/s) during the printing process [40]. These local conditions typi-
cally lead to the formation of extremely fine microstructures,
metastable phases, and enhanced solid solubility, making possible
to tailor novel alloy compositions for LPBF [41]. In this regard, Pol-
mear et al. reported the solid solubility extension of the leading Al
solute elements in samples produced by rapid cooling techniques
[13,14]. For instance, they showed how the solubility limit of Cu
in Al can be pushed to 42 wt% in metastable conditions instead
of the 5.65 wt% reached at the equilibrium after a slow cooling pro-
cess [13].

Hence, in this work, 4 wt% of Cu powder was added to a com-
mercial AlSi10Mg alloy to achieve a high super-saturated solid
solution level via in-situ alloying. Then, the potential precipitation
of h-Al2Cu phase and its transition phases in AlSi10Mg + 4Cu sam-
ples was fully exploited by direct aging the alloy to increase the
alloy hardness and strength.

The hardness and tensile properties of as-built and directly aged
AlSi10Mg + 4Cu samples were superior to the as-built AlSi10Mg
ones (Fig. 2 and Fig. 8). The improved strength of the as-built
AlSi10Mg + 4Cu can be entirely ascribed to the addition of Cu,
7

being both alloys processed by using the same LPBF machine and
their optimum process parameters [23,24,31].

In this regard, it is thought that the presence of Cu had a bene-
ficial effect on the alloy strengthening mechanisms. In general, pre-
vious works in literature expressed the overall strength of Al alloys
by LPBF as the superimposition of the following contributing
mechanisms [22,42]:

rYS ¼ rGBS þ rSSSS þ rPS ð4:2Þ
where rYS is the yield strength of the alloy, rGBS the contribution of
the grain boundary strengthening, rSSSS the contribution associated
with the super-saturated solid solution, and rPS the contribution
from precipitation strengthening.

Upon LPBF consolidation, the in-situ alloying of AlSi10Mg + 4Cu
powder was achieved to a large extent, as demonstrated by the Cu
diffusion in the as-built bulk sample (Fig. 1b). EDX results revealed,
indeed, a Cu concentration of 3.96 ± 0.26 wt%, which was in good
agreement with the theoretical Cu concentration in our alloy, i.e.,
4 wt% (Table 2). However, the representative Cu distribution map
of Fig. 1b indicated the presence of Cu segregations, mainly located
in correspondence of the overlapping regions between adjacent
melt pools. As suggested by Wang et al. [7], the origin of the
observed Cu distribution can be explained considering the thermal
effect produced by the fusion of subsequent scan tracks or layers
during LPBF. When scan tracks/layers were scanned, the energy
input was transferred to the previous laser tracks by conduction,
and a remelting zone formed in the overlap area of adjacent single
scans. Therefore, the diffusion of Cu atoms located near overlap



Fig. 7. FESEM microstructures in the MP core of AlSi10Mg + 4Cu samples directly aged at their peak age condition and after 8 h for each aging temperature.
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regions was triggered. Then, Cu locally diffused towards the over-
lapping areas following the preferential diffusional paths tracked
Fig. 8. Tensile test data for as-built and directly aged AlSi10Mg + 4Cu, in
comparison with as-built AlSi10Mg.

8

by the local heat flux and forming, eventually, Cu segregations at
the melt pool boundaries.

Apart from areas enriched of Cu (Fig. 1b), the as-built
AlSi10Mg + 4Cu microstructure observed at higher magnification
revealed a fibrous eutectic architecture (Fig. 1d). In an Authors’
previous work [24], it was reported that the eutectic structure
was formed by Si precipitates intermixed with Cu-rich areas, sur-
rounding very fine a-Al cells [24]. In this study, the FESEM micro-
graphs reported in the Appendix section corroborate these
characteristics (Fig. A 1). Due to the presence of h reflections in
XRD of Fig. 1g, it is plausible that eutectic Cu-rich areas, i.e., the
brighter regions in Fig. A 1, were partly constituted by h phase that
suddenly precipitated out from SSSS because of the LPBF rapid
cooling. However, as documented by previous studies of others
research groups [27,30], a microstructural gradient was revealed
moving from the MP core to the boundary (Fig. 1c-f). The cooling
rate experienced by the melted alloy during solidification played
a key role to determine the gradient and the fineness of said
microstructure [43]. Due to the Gaussian profile of the employed
laser, the melt temperature reached its maximum at the MP core,
thus leading to a high thermal gradient G over the MP core region.
In a similar way, the growth rate R, which corresponds to the dis-
placement of the crystal solidification front in the time unit [43],
met its peak at the fusion centreline, i.e., the MP core area. There-
fore, a very high cooling rate (G � R) occurred at the MP core, thus



Fig. 9. (a-e) The fracture surface of an AlSi10Mg + 4Cu specimen directly aged for 1 h at 175 �C.
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reducing the energy barrier for crystal nucleation and, conse-
quently, promoting the formation of fine cells [27]. Eventually,
moving from MP core to the boundary, the product G � R
decreased, and eutectic cells became coarser as the melt experi-
enced a slower solidification [44].

The mean size of a-Al cells in the melt pool core of
AlSi10Mg + 4Cu samples was of the same order of magnitude as
the as-built AlSi10Mg [24,31]. Furthermore, the EBSD maps corre-
sponding to the XY plane of an as-built AlSi10Mg + 4Cu sample
(Fig. A 2) showed no discrepancy of Al grain size after Cu addition
with respect to the as-built AlSi10Mg [45]. To prove this, the aver-
age sizes of the equiaxed grains of both alloys were calculated
using the equivalent circle diameter approximation. Results
returned values of dAlSiMg and dAlSiMgCu equal to7.56 and 7.34 lm,
respectively. The rGBS contributions to the alloys yield strength
were then calculated in accordance with the Hall-Petch equation
[14], as follows:

rGBS ¼ r0 þ kd�1=2

where r0 is 10 MPa [42], and the Hall-Petch coefficient k is 0.4 MPa/
mm2 [46]. Accordingly, we obtained rGBS=AlSi10Mg of 14.6 MPa, and
9

rGBS=AlSi10Mg4Cu of 14.7 MPa. Therefore, it can be stated that the rGBS

contributions did not justify the strength increment observed with
the Cu addition in this work.

Among the various strengthening mechanisms, rSSSS mainly
contributed to increasing the strength of as-built AlSi10Mg + 4Cu
alloy. Under the assumption that the Si super-saturation content
of AlSi10Mg + 4Cu was similar to that of the master AlSi10Mg alloy,
i.e., 4 at.% [31], the Cu atoms in solid solution, i.e., 1 at. % [24],
induced an extra-distortion of fcc a-Al lattice (Fig. 5), thus produc-
ing additional residual strains. Therefore, the dislocations gliding
was effectively hindered by these solute-induced residual strains,
and the strength of the alloy increased accordingly, with a reduc-
tion of ductility [47]. The rSSSS contributions to the alloys yield
strength were estimated according to the model established by
Myhr et al. [48] for Al-Mg-Si-Cu alloys:

rSSSS ¼
X

j

kjc
2=3
j

where cj is the concentration of j - solute element in solid solution,
i.e., mainly Si, Cu, and Mg for Al-Si-Mg-Cu systems, and kj is the cor-
responding power law coefficient of each solute species, as reported
in Ref. [48]. The rSSSS calculations were conducted assuming that all



F. Bosio, P. Fino, D. Manfredi et al. Materials & Design 212 (2021) 110247
the Mg solutes were in SSSS after rapid cooling. By applying the
model, we get a rSSSS=AlSi10Mg and rSSSS=AlSi10Mg4Cu of respectively
186.8 and 256.4 MPa corroborating our expectations. The difference
of these values represents the additional SSSS strength induced by
Cu addition, i.e., 70 MPa.Apart from solutes strengthening, disloca-
tions slip was also pinned by disseminated h-Al2Cu precipitates
detected by XRD in as-built AlSi10Mg + 4Cu samples (Fig. 1g), thus
giving a further strengthening by precipitation (rPS). However, it
must be highlighted that the specific contribution of the h phase
to the overall as-built strength was limited since h is typically char-
acterized by a body-centered crystal structure, which is incoherent
with the fcc-Al lattice [15]. Indeed, it is well known that the higher
strengthening contribution is achieved when gliding dislocations
are forced to go through coherent precipitates [14]. In this work,
we did not clearly detect coherent transitions phases [17], but the
exothermic signals associated with h

0
-Al2Cu and b-Mg2Si precipita-

tions in Fig. 6 could point to the presence of their pioneer transition
phases (GP/h

0 0
/h

0
-Al2Cu and GP/b

0 0
/ b

0
- Mg2Si) already in the as-built

condition [35]. Furthermore, in the Authors’ recent publication [24],
it was calculated that Cu-modified AlSi10Mg samples have a higher
eutectic fraction compared to the base AlSi10Mg (i.e., + 8 to 13%). In
this scenario, the high volume of eutectic, which is constituted by Si
intermixed with Al2Cu precipitates [24], may have contributed con-
sistently to the AlSi10Mg + 4Cu strength increment exploiting the
Orowan mechanism [49].

Despite the presence of Si/Al2Cu precipitates in the as-built con-
dition, Marola et al. demonstrated that Si and Cu atoms were still
largely trapped into the fcc-Al lattice owing to the severe constitu-
tional undercooling induced by LPBF [24]. Therefore, this high
grade of super-saturation provided a significant driving force for
Si and Cu atoms to diffuse and nucleate metastable phases during
direct aging heat-treatments [33].

In fact, by heating the alloy at the investigated aging tempera-
tures, the precipitation process started with the diffusion of Si
and Cu atoms within a-Al matrix [39]. Apart from the heat given
by the furnace, diffusion of solutes was accelerated by the high
concentration of vacancies induced by the fast cooling of LPBF,
and, consequently, the nucleation of metastable phases occurred
rapidly [33]. This was corroborated by the sudden reduction at
short aging times of the released enthalpy associated with the pre-
cipitations of Si and h

0
-Al2Cu phase, as depicted in DSC scans of

Fig. 6.
As the nucleation and growth of Si and Al2Cu precipitates pro-

ceeded, the degree of super-saturation decreased accordingly, as
proved by the increment of the Al lattice parameter with the direct
aging time in Fig. 5. Therefore, as the aging time went by, the pro-
gressive diffusion of Si and Cu atoms from SSSS and the consequent
nucleation and growth of Si/Al2Cu precipitates, induced a relax-
ation of Al lattice. As can be noted by Fig. 5, the solutes diffusion
rate was also found to be strictly related to the direct aging tem-
perature [17]. The higher the aging temperature, the faster is the
solutes diffusion from SSSS and then the nucleation of secondary
phases containing Si and Cu.

The solutes diffusion dependence on the aging temperature can
help to rationalize the different hardening responses reported in
Fig. 2. The adoption of aging temperatures relying on the low range
of the age temperature interval for Al-Si alloys [25], such as 160 �C,
enabled a slow solutes diffusion and a gradual and delayed harden-
ing. This was ascribed to the fact that, by keeping the aging tem-
perature below the metastable solvus line for the formation of
GP zones, i.e., in the range of 140–160 �C [19,25], the full precipi-
tation sequence was exploited and, consequently, a delayed
peak-age can be reached. For this reason, it is thought that the alloy
heat-treated at 160 �C did not yet completely reached the peak-age
condition within the investigated time interval. This can be pri-
10
marily explained by the fact that XRD reflections of Fig. 4 did not
show significant changes in the intensity of Si (200)/h-Al2Cu
(112) peaks or shift to lower angles of Al (200) peak by increasing
the direct aging time. In line with our assumption, the work of
Roudnická et al. [22] showed that the peak-age condition for an
LPBFed AlSi9Cu3 alloy aged at 160 �C was reached at around
10 h, i.e., beyond the upper limit of our heat treatment time
interval.

By increasing the aging temperature to 175 �C, a peak-age of
163.9 HV was achieved only after 1 h of aging time (Table 2). In this
case, it is likely probable that Cu and Si atoms diffused rapidly from

SSSS forming Si and a mix of h
0 0
=h

0
þ h -Al2Cu precipitates. On the

one hand, Si and h-Al2Cu precipitations were confirmed by the
more intense Si (200) and h -Al2Cu (112) reflections recorded for
samples AlSiMg10Mg + 4Cu heated at 175 �C/1h when compared
to the as-built ones (Fig. 4). On the other hand, the lesser intense
but still present exothermic peak of Si and h

0
precipitations in

the DSC scan measured for the sample aged at 175 �C/1h can give

a clue for the presence of metastable h
0 0
=h

0
phases (Fig. 6b). Apart

from the contribution of these precipitates to the overall hardness,
it must be noted that, after 1 h at 175 �C, there still was a certain
amount of solutes within the matrix, which brought a further
strengthening by solid solution (see the lattice parameter value
for 175 �C/1h in Fig. 5). Therefore, the proper balance between
solid solution and precipitation strengthening mechanisms
allowed to achieve the maximum hardness within a limited aging
time (Table 2).

By further increasing the aging temperature to 190 �C, the
solutes diffusion and nucleation was further speed-up. Under this
condition, since the applied aging temperature relies on the high
range of the aging temperature interval for Al-Si alloys [25], the

formation of metastable phases h
0 0
=h

0
might have skipped or,

whether they precipitated, quickly formed to a lower extent. In
fact, the exothermic signal of Si + h

0
-Al2Cu was barely identifiable

after just 2 h at 190 �C, thus pointing to an untimely formation
of the stable h -Al2Cu phase (Fig. 6c). Furthermore, as can be
deduced from the microstructure of Fig. 7e,f, Si and Cu solutes pre-
cipitated out from the eutectic breaking the fine network and
forming the idiomorphic precipitates [27]. In this regard, consider-
ing the appearance of minor reflections of the Si and h-Al2Cu
phases in the XRD results of samples aged at 190 �C (Fig. 3), it
can be reasonable to conclude that these precipitates were mostly
Si and h-Al2Cu particles. All these considerations rationalize the
lower strengthening reached by aging AlSi10Mg + 4Cu at 190 �C
(Fig. 2).

As concerning the tensile data, compared to AlSi10Mg alloy,
higher YS and UTS values were also recorded for direct-aged
AlSi10Mg + 4Cu samples (Fig. 8).

After direct aging, a large amount of Si and Cu precipitates are
present and contribute to the overall strength of the heat-treated
alloy. In AlSi10Mg + 4Cu sample aged at 190 �C for 2 h, Si and Cu
precipitated to a large extent, thus reducing the solute amount in
the matrix and, consequently, its contribution to the material
strength. Furthermore, the precipitation of Si and h-Al2Cu particles
broke the fine eutectic network (Fig. 7e,f,), limiting its contribution
to the overall alloy strength. On the other hand, in AlSi10Mg + 4Cu
sample aged ad 175 �C for 1 h, the precipitation strengthening is
summed to the solid solution strengthening contribution since a
not negligible solute amount is still present within the matrix. In
addition, a fine eutectic network was also maintained after the
heat-treatment (Fig. 7c), exploiting the grain boundary strengthen-
ing. This can be corroborated by the higher yield strength value
(i.e., 325 MPa) achieved at 175 �C compared to its counterpart at
190 �C (i.e., 301 MPa).
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From Fig. 8, it is also possible to observe that aged
AlSi10Mg + 4Cu samples show lower YS and UTS values with
respect to the corresponding as-built material. The origin for this
discrepancy could be attributed to the presence of Cu inhomo-
geneities within the samples bulk (Fig. 1b). Indeed, the presence
of such Cu segregations can speed-up the crack propagation during
the tensile loading by cleavage, thus leading to an untimely failure.
This fact can be corroborated by the brittle cleavage facets
observed in Fig. 8c and the presence of several un-fused Cu parti-
cles found across the investigated fracture surfaces (Fig. A2). On
the contrary, the ‘embrittlement’ effect induced by Cu segregations
was not observed during hardness tests, being a static analysis.

The investigation conducted on the fracture surfaces of
AlSi10Mg + 4Cu samples did not reveal significant differences
between as-built and directly aged samples. Low-magnification
surface topographies showed irregular cavities stemming from
lack-of-fusion porosities and partially melted Cu particles (Fig. 9-
a-b). This evidence suggested that the nucleation of the failure
might have been in correspondence with such defects. Moreover,
all samples exhibited fracture surfaces strewn of several holes with
diameters of a size comparable to the laser scan track width
(Fig. 9b) [23]. According to a theory proposed by Rosenthal et al.
[50,51], these empty holes could have been originated from the
detachment of laser scans aligned along the tensile direction.

Apart from the influence of laser scan tracks orientation, a duc-
tile–brittle fracture was observed in AlSi10Mg + 4Cu samples
(Fig. 9c). In these samples, the failure likely occurred via nucle-
ation, growth and coalescence of several micro-voids located
around nanometric precipitates (Fig. 9e), involving plastic defor-
mation and yielding to the progressive formation of fine dimples
(Fig. 9d). At the same time, the cleavage occurred in specific crys-
tallographic directions, probably when the crack went through the
un-melted Cu particles (Fig. A 2), as demonstrated from the pres-
ence of cleavage facets in Fig. 9c. Therefore, the higher the number
of brittle particles, such as un-melted Cu or residual Si precipitates,
encountered by the crack during propagation, the lower ductile
was the tensile behavior of the alloy.
5. Conclusions

In this work, several strengthening strategies were applied to
the AlSi10Mg alloy system. First, a high-strength AlSi10Mg + 4Cu
alloy was successfully processed via in-situ alloying of elemental
powders during LPBF to exploit both solid solution and precipita-
tion strengthening mechanisms besides the fine microstructure
typical of LPBF materials. In fact, the in-situ alloying yielded to a
peculiar microstructure with a dual eutectic formed by Si precipi-
tates intermixed with h-Al2Cu phase. A fraction of added Cu sud-
denly precipitated out during rapid cooling forming Al2Cu
precipitates while the Al lattice hosted the other fraction to form
a super-saturated solid solution. Both contributions increased the
micro-hardness of the base AlSi10Mg alloy by nearly 8.8 % and
the YS value of 35.6 %.

Afterward, direct aging heat-treatment strategy was adopted to
fully exploit the potential precipitation of Al2Cu phase in
11
AlSi10Mg + 4Cu samples. By heating the alloy at temperatures
between 160 and 190 �C with a step of 15 �C, it was found that
the age-hardening process was strictly dependent on the aging
temperature. The higher was the aging temperature, the faster
was the diffusion of Cu and Si solutes from super-saturated solid
solution and, consequently, the nucleation of Si and h-Al2Cu sec-
ondary phases. By aging at 175 �C, the maximum hardness
response was achieved after 1 h. In this condition, a mix of

h
0 0
=h

0
þ h -Al2Cu and Si phase suddenly precipitated, effectively

strengthening the alloy. In this case, indeed, an increase of 25.3 %
and 30 % for HV and YS, respectively, was attained with respect
to AlSi10Mg alloy. A further increment of the aging temperature
to 190 �C speeded-up the formation of the coherent and stable h-
Al2Cu precipitates even if the fine eutectic network was broken,
leading to a lower strengthening effect (HV, +18.9 %; YS, +20.4%).

It was then demonstrated that the direct aging heat treatment
at 175 �C provided satisfying results in terms of hardness and yield
strength increase with a limited heat-treatment time, i.e., 1 h.
However, the applied direct aging heat treatments was not enough
to dissolve Cu inhomogeneities formed within the sample bulk
upon in-situ alloying, limiting the alloy ductility.
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Fig. A2. EBSD maps of AlSi10Mg + 4Cu alloy revealing the Al grain structure on the XY plane (perpendicular to the building direction).

Fig. A1. FESEMmicrographs of as-built AlSi10Mg + 4Cu samples at magnification of 100 k � using InLens detector. (a) A fine a-Al cell surrounded by Cu-rich areas intermixed
with eutectic Si; (b) larger segments of eutectic enriched of Cu. Brighter regions corresponding to Cu-rich areas are pointed by yellow arrows.
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Fig. A3. Elemental compositional maps conducted on the fractured surface of AlSi10Mg + 4Cu alloy directly aged at 175 �C for 1 h.

Table A1
Results of the tensile tests conducted on as-built AlSi10Mg, as-built AlSi10Mg + 4Cu, and directly aged AlSi10Mg + 4Cu specimens.

Alloy YS (MPa) UTS (MPa) e (%)

Mean St. Dev. Mean St. Dev. Mean St. Dev.

AlSi10Mg - AB 250 6.0 362 4.2 3.3 0.30
AlSi10Mg4Cu - AB 339 6.9 433 4.6 2.2 0.31
AlSi10Mg4Cu � 175 �C/1h 325 6.9 366 8.7 1.4 0.34
AlSi10Mg4Cu � 190 �C/2h 301 2.2 369 4.6 1.6 0.08
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