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Abstract 

This paper presents a study of the microstructure evolution due to oxidation exposure of Inconel 625 (IN625) 

alloy produced by Laser Powder Bed Fusion (LPBF). IN625 is a nickel-based superalloy characterized by good 

mechanical properties, excellent oxidation, and corrosion resistance from cryogenic temperatures up to 980 °C, 

allowing its wide use in various harsh environments. In order to enable the application of LPBF IN625 components 

at high temperatures, the oxidation properties and microstructure of as-built and post-heat treated LPBF IN625 

alloy must be carefully investigated. For this reason, an extensive characterization of the oxidation behavior of 

the alloy in the as-built condition and after solution treatment was performed. For both these conditions, the 

oxidation treatments were performed at 900 °C up to 96 h. The characterization was performed using scanning 

electron microscopy (SEM), energy-dispersive X-ray spectroscopy (EDS), X-ray diffraction (XRD), and scratch test 

analysis. The characteristics of the oxide layer and formed phases were investigated. The as-built IN625 state 

presented greater oxidation resistance compared to the solutionized IN625 one. The latter condition showed a 

defected oxide layer with the presence of Nb and Ni oxides inside the Cr oxide layer. 

Keywords: Laser powder bed fusion, Additive manufacturing, Nickel-based superalloys, Inconel 625, oxidation, 

microstructure evolution. 

1.0 Introduction 

Nickel-based superalloys are widely applied in sectors such as aerospace, aeronautic, nuclear, marine, chemical, 

and petrochemical [1,2]. Their wide application is mainly due to the excellent resistance in harsh environments, 

preserving high mechanical and oxidation properties. They exhibit very high oxidation resistance at high 

temperatures, resulting in lower mechanical properties degradation in comparison with other materials such as 

stainless steel and titanium alloys [3,4]. However, their elevated mechanical properties at high temperatures 

make it difficult to process this class of alloys, increasing the machining costs [5,6]. Additive Manufacturing (AM) 

processes can be attractive for overcoming the issues related to materials with low machinability. Among the 

AM technologies, Laser Powder Bed Fusion (LPBF) has been widely used for the fabrication of these alloys [7–

12]. This process allows the production of dense parts, layer by layer, starting from a layer of powder selectively 
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melted by a laser beam, leading to improved design freedom compared to traditional forming technologies 

[12,13]. 

Inconel 625 alloy is one of the most processed LPBF Nickel-based alloys, which is characterized by high-

temperature strength coupled with outstanding corrosion and oxidation resistance [7,14–16]. A considerable 

amount of literature has been published on the oxidation resistance of traditional produced IN625 alloy under 

different conditions, such as in the presence of steam, supercritical water, and air [17–21].  

However, it is crucial to consider that the very high cooling rates of the LPBF process (up to 107 K/s [22]), leads 

to a non-equilibrium microstructure with fine dendritic/cellular structures having dimensions typically inferior to 

1 µm.  Moreover, the microstructure of the LPBF IN625 is characterized by anisotropy with elongated grains 

parallel to the building direction [7,12,23]. It is therefore evident that LPBF IN625 alloy under service at high 

temperatures can be subjected to a different microstructure evolution compared to the same alloy produced by 

traditional technologies, influencing its oxidation resistance. In particular, the IN625 alloy is subjected to the 

formation of several phases under thermal exposures such as the metastable γ’’ (Ni3Nb, body-centered 

tetragonal ordered) and its stable form δ (Ni3Nb, orthorhombic) [24], as well as the formation of different types 

of carbides (M23C6, M6C, and MC) [25–27].  

For IN625, one of the suggested heat treatment is the solution annealing treatment at 1150 °C 2 h. This heat 

treatment removes segregations, secondary phases, active recrystallization, and grain growth [7,14,28–31].   

In literature, the majority of the studies on LPBF IN625 alloy investigated the effect of the process parameters 

and heat treatments on the microstructure and mechanical properties. To the authors’ knowledge, only a few 

studies evaluated the corrosion resistance [32,33] and the oxidation properties for the LPBF IN625 alloy [34,35]. 

IN625 is mostly used for its high corrosion and oxidation resistance in a temperature range between cryogenic 

and 980°C [28], for applications in aircraft ducting systems, engine exhaust systems [36], turbine shroud rings, 

and heat-exchanger tubing in systems such as the solar-hybrid gas-turbine [28,37]. Moreover, it is one of the few 

alloys allowed by the ASME Boiler and Pressure Vessel Code to operate in pressure vessels up to 980 °C [36]. It 

is, therefore, crucial to evaluate the oxidation properties of the LPBF produced alloy, identifying possible 

microstructure modification under heat treatments.  

In this study, the oxidation resistance of the as-built and solution annealed (1150 °C 2h) IN625 states under 

thermal exposure at 900°C was evaluated. The temperature was selected to study the first oxidation regime, 

identified through thermal gravimetric analysis (TGA). The current study provides an in-depth investigation of 

the as-built and post-heat treated IN625 conditions on their different microstructure development and oxidation 

phenomenon. The formed oxides were analyzed by scanning electron microscopy (SEM) imaging, X-ray 

diffraction (XRD) analysis, and scratch tests. 

2.0 Materials and methods 

The IN625 powder used for this work was purchased from EOS GmbH, with a declared chemical composition 
(wt.%) as reported in Table 1, which is under the UNS N06625. The powder size distribution was characterized 
by a d10 of 16 μm and d90 of 48 μm using laser granulometry. 
 
 
Table 1: IN625 declared composition in weight percentage (wt %) 

Ni Cr Mo Nb Fe Ti, Al Co C Ta Si, Mn P, S 

≥58 20-23 8-10 3.15-4.15 ≤5 ≤0.4 ≤1 ≤0.1 ≤0.05 ≤0.5 ≤0.015 



 
An EOSINT M270 Dual Mode (EOS GmbH) machine, equipped with a 200 W Yb fibre laser with a spot size of 100 

μm, was used. Samples with dimensions of 8x20x30 mm3 were produced using the following parameters: laser 

power of 195 W, scan speed of 1200 mm/s, hatching distance of 0.09 mm, and a layer thickness of 20 μm. The 

scanning strategy consisted of a 67° laser beam scanning rotation between consecutive layers, as suggested by 

EOS. Previous work proved that these parameters resulted in IN625 specimens with high relative density 

(≥99.97%) [16]. After removing the samples from the building platform, a solution treatment was performed on 

a group of samples, for 2 h at 1150 °C in air, followed by water quenching. This is the suggested solution 

treatment for this superalloy [29].  

From now on, the as-built and solutionized samples will be abbreviated as AB and SOL, respectively. All the 

samples were carefully polished using 1200 SiC grind papers, paying attention to preserve the geometry. In the 

case of SOL samples, the polishing was performed after the solution treatment, in order to completely remove 

the roughness but also the oxides formed during the solution treatment itself. After polishing, the specimens 

were weighed on a precision balance (sensibility of 0.1 mg) and the volumes were determined using a caliber 

(sensibility of 0.1 mm).  

For the AB and SOL conditions, the oxidation treatments were conducted at 900 °C for 8, 24, 48, 72, and 96 h. In 

order to evaluate the variations in mass, for each selected time, the oxidized samples were removed from the 

furnace, air-cooled, and then weighted. The uncertainty of the mass gain was calculated through the propagation 

of error, considering the sensibility of the caliber and precision balance. Afterward, each sample was cut 

considering the orientations schematically reported in Fig. 1. Notice that the axes are oriented as the sample was 

oriented during the production process (Z-axis is parallel to the building direction while X is parallel to the powder 

distribution in the layers). Finally, the samples were cleaned in an ultrasonic bath in ethanol and then in acetone, 

in order to remove dirt and polishing residuals.  

 

Figure 1: schematically illustration of the samples  preparation 

2.1 TGA (Thermal Gravimetric Analysis) 

The mass gain of IN625 in the AB and SOL states in the temperature range from 25 up to 1200°C has been 

evaluated using a Mettler Toledo 1600 TGA system. The heating rate has been settled at 10°C/min, with an air 

flux of 50 ml/s.  

2.2 Cross-sections analysis 

Cross-section samples were mounted in conductive mounting resin and polished with grinding papers and 

diamond pastes up to 1 µm, and then polished with OP-S colloidal silica (0.04 µm). The polished samples were 



analyzed by means of SEM (Phenom XL, Phenom-World BV)  and a field emission gun scanning electron 

microscope (FEG-SEM, LEO 1550, Zeiss), equipped with an X-ray energy diffraction spectroscopy (EDS) unit (X-

MAX, Oxford Instruments). The fraction of phases and layer thicknesses were determined by Image J software. 

For the characterization of phases, 20 particles were analyzed for each condition, while for the determination of 

the oxide layer thickness,  10 images were used for each sample, measuring the oxide thickness in 5 points for 

each image. 

In order to make clearly visible the microstructure and precipitates, the cross-sections are shown with high 

contrast backscattered (BS) SEM images. Moreover, since the high contrast images hide the oxide presence, low 

contrast SEM images of the same locations are displayed, and a higher magnification of the oxide layer is 

provided to better observe the oxide features. 

2.3 XRD analyses 

X-ray diffraction analyses (XRD, PANalytical, Almeno, The Netherland) were conducted using CuKα radiation 

(wavelength 1,5418E-10 m) in a Bragg Brentano configuration with θ range from 15° to 100°, employing a step 

size of 0.013° and a counting time of 35 s per step. The analysis was performed on both AB and SOL samples 

before oxidation and after 8 h and 96 h oxidation. For the analysis, the ZX plane, which represents the most 

extended side of the samples, was selected. Three XRD analyses were performed on each sample. The lattice 

parameter of the matrix was evaluated using Bragg’s law (equation 1).  

 𝒏𝝀 = 𝒅𝒉,𝒌,𝒍 𝐬𝐢𝐧 𝜽 (1) 

Where λ is the wavelength of the radiation used, d is the interplanar distance, and θ is the angle of the peak 

considered. Nelson-Riley method [38] was used in order to obtain a good evaluation of the lattice constant, 

considering 111, 200, 220, 311, and 222 peaks of the γ austenitic matrix (the typical peaks used in literature in 

order to calculate the lattice parameter of Ni-based superalloys). This method used more peaks of the same 

phase allowing to reduce the errors of the measurement [15,31,38,39].  

The lattice parameter is plotted versus a Nelson-Riley coefficient calculated using equation 2: 

 𝑵𝒆𝒍𝒔𝒐𝒏 − 𝑹𝒊𝒍𝒆𝒚 𝒄𝒐𝒆𝒇𝒇. =
𝟏

𝟐
(

𝐜𝐨𝐬 𝜽𝟐

𝐬𝐢𝐧 𝜽
+

𝐜𝐨𝐬 𝜽𝟐

𝜽
) (2) 

The lattice parameter was calculated using the linear fitting, considering the value where the Nelson-Riley 

coefficient value is equal to 0. An example of the employed approach is provided in Fig.2. 



 
Figure 2: Example of the Nelson-Riley method used to determine the lattice parameter of the austenitic matrix of the alloy   

2.4 Scratch tests analysis 

The resistance of the oxide layer was evaluated through scratch tests performed with a nano-indenter system 

(Hysitron TI 950 Triboindenter, Hysitron-Bruker). Each condition (AB and SOL, both after 8 and 96 h of oxidation 

treatments) was tested with three scratches parallel to the building direction (BD) and three scratches 

perpendicular to the BD, for highlighting possible variations, as displayed in Fig. 1. The test consisted of a scratch 

1 mm long, increasing linearly the normal force applied from 0 mN to 250 mN. During the indentation, the lateral 

force needed by the indenter for the move is recorded. Finally, the scratches have been observed by means of 

SEM analysis.  

3.0 Results and discussion 

3.1 TGA analysis   

An explorative TGA in air was performed on both AB and SOL IN625 samples in order to evaluate their oxidation 

regimes, as reported in Fig. 3. Both conditions showed a constant mass gain rate up to ≈950 °C. Above this 

temperature, the mass gain rate increased, indicating a different oxidation mechanism (second oxidation 

regime). The AB sample showed a slightly higher mass gain compared to the SOL specimen. In order to investigate 

the first oxidation regime, the oxidation temperature of 900 °C was selected.  



 

Figure 3: Results of the TGA analysis, reported as mass gain % vs. temperature 

3.2 Mass gain evaluation and oxidation thickness 

The mass gain over the time of oxidation treatment at 900 °C for the AB and SOL IN625 states is displayed in 

Figure 4a. Both conditions exhibited a similar mass gain up to 48 h, but they started to diverge for prolonged 

times. The AB condition slows its mass gain, while the SOL oxidation rate remained mostly unchanged. 

Considering the assumption that the oxide layer was not porous, with good adhesion, equation (3) can be used 

in order to evaluate a constant of oxidation (Kp) for the AB and SOL states [40]. 

 (
𝜟𝒘

𝑨
)

𝟐

= 𝑲𝒑 ∗ 𝐭 (3) 

Where Δw is the mass gain, A (cm2) is the area of the sample, and t (h) is the time [41]. This assumption allows 

to obtain an apparent Kp (mg2*cm-4*h-1),  useful for comparing the two conditions, as already applied in the 

literature for IN625 alloy and other superalloys [40,42]. Based on the equation (3), the Kp of the AB and SOL 

conditions were assessed as reported in Fig. 4b. Up to 48 h of thermal exposures at 900 °C, the AB revealed Kp 

of (14±1)E-4 while it is (15±1)E-4 for the SOL state. Subsequently, from 48 to 96 h, the Kp of the AB did not change, 

while it became almost double for the SOL condition (29±1)E-4.  

Fig.4c reveals the layer thickness evolution of the AB and SOL conditions correlated with the oxidation treatment 

at 900 °C experimentally evaluated.  The layer thickness of the oxide AB and SOL samples presented similar 

dimensions up to 48 h, and then, the SOL condition showed a considerable increment of the oxide thickness for 

prolonged thermal exposure. Additionally, for the SOL state, the high standard deviation derived from the less 

uniform formation of the oxide layer compared to the one in the AB state.  

The kinetic deviation between the two conditions starting from 48 h was caused by the formation of defects in 

the SOL oxide layer. This resulted in the spallation of the oxides (see Figure 5e and 5f, red arrows). Moreover, 

the absence of a compact layer of oxide (cracks indicated by the grey dashed arrows in fig. 5e and 5f) did not 

protect the matrix, leading to an inferior oxidation resistance correlated with an increment of oxidation kinetics, 

in comparison with the AB state. The different mechanisms generating the deviation of the oxidation kinetic will 

be studied in the following paragraphs. For this reason, the early stage of the oxidation (AB and SOL states after 

oxidation for 8 h) and the final part (AB and SOL after oxidation for 96 h) will be deeply analyzed. The first one 

was chosen to investigate the types of oxides and the microstructure of the samples under initial oxidation 



treatments. In contrast, the second one was chosen with the aim to determine the microstructural features and 

oxidation properties during prolonged oxidation exposures for the two conditions. 

 

Figure 4: mass gain (a), square mass gain (b) and oxide layer thickness (c) evolution increasing oxidation time 

 

Figure 5: cross-section of the oxide layer for the IN625  AB oxidized for (a) 8 h, (b) 48 h, (c) 96 h, and for the IN625 SOL oxidized for (d) 8 
h, (e) 48 h, and (f) 96 h 

3.3 Microstructural analysis of the cross-sections 

3.3.1 AB LPBF IN625 oxidized for 8 h 

For the AB IN625 after 8 h of thermal exposure, the oxide layer (Fig.6a and 6c) is mainly compact and continuous. 

The alloy below presents bright precipitates primarily located at the grain boundaries (GBs) (thick red arrows, 

Fig.6a, 6b, 6c, 8), as well as precipitates inside the grains (red rounded, Fig.6b) and at the alloy/ oxide layer 

interface (thin dashed yellow arrows, Fig.6a, 6b, 6c and 8).  



 

Figure 6: High contrast (a) and low contrast (b) BS SEM image of the cross-section, high magnification image of the cross-section (c) of 
AB IN625 oxidized for 8 h 

Analyzing the XRD pattern of the oxidized surface (Fig. 7), it consisted of Cr2O3, the typical oxide for the IN625 

[19], including a minor presence of TiO2. The other peaks reported in the XRD pattern are characteristic of the 

FCC matrix (γ) and the δ phase.  

 

Figure 7: XRD of the oxidized ZX surface of AB IN625 oxidized for 8 h 

In accordance with the XRD analysis, EDS maps (Fig.8) highlighted the Cr and Ti enrichment in the oxide layer. 

Moreover, the EDS maps pointed out Cr depletion at the alloy/oxide interface, coupled with Nb enrichment. The 

Cr depletion is chiefly due to the migration in the oxide, and this depletion triggers the Nb migration because the 

Nb solubility in Ni alloy is higher for lower Cr concentration. This phenomenon is also reported from other 

researchers in literature [43,44].  



 

Figure 8: EDS maps of the cross-section of AB  IN625 oxidized for 8 h 

The microstructure is characterized by columnar grains elongated along the building direction, which is common 

in IN625 processed by LPBF [7,16,27,45]. The thermal exposure involved the formation of δ-phases (bright 

precipitates in SEM images), located both inside the grains and along the GBs. GB precipitates (Fig.6b and 6c, 

thick red arrows) are generally bigger compared to the ones inside the grains (Fig.6b,  red rounded). The majority 

of δ-phases (Ni3Nb) at the GBs reached a length of around 3 µm, even though larger δ-phase precipitates can be 

detected. They tend to form along  <111> direction and at the GBs as confirmed in literature [45,46]. The 

formation of δ-phases is also detectable by the XRD pattern (Fig.7), as well as from the Nb enrichment visible in 

EDS maps in Fig.8 (thick red arrows). Moreover, in the Nb enriched zone under the oxide layer, it is possible to 

see some precipitate (Fig. 6b, 6c, and Fig.8, thin dashed yellow arrows). 

3.3.2 SOL LPBF IN625 oxidized for 8 h 

Under thermal exposures for 8 h, the SOL IN625 samples exhibited oxide layer with some holes, located under 

the oxide layer, as pointed out by thick dashed green arrows in Fig.9a, 9b, and 9c, as well as between the oxide 

and the matrix, as highlighted by the thin grey arrows in Fig.9a, 9c, and 11. It is interesting to notice the presence 

of some internal oxidation near to the alloy/oxide layer interface (thick dashed green arrows in Fig.9a, 9b, 9c). 

The microstructure lost the columnar grain structure after solutionizing treatment, and, in this case, large bright 

precipitates are present only at the GBs (thick red arrows, Fig.9b) and at the oxide layer/alloy interface (thin 

dashed yellow arrows, Fig.9b, 9c). 



 

Figure 9: High contrast (a) and low contrast (b) BS SEM image of the cross-section, high magnification image of the cross-section (c) of 
SOL IN625 oxidized for 8 h 

Compared with the AB state subjected to the same thermal exposure, the XRD pattern (Fig.10) revealed that the 

oxide is composed of Cr2O3. On the other hand, TiO2 peaks were absent, even if Ti can be found from the EDS 

map (Fig.11). In fact, the concentration of TiO2 could be under the threshold of the XRD analysis. The reason for 

this lower Ti content in the oxide layer can be explained with the differences in the elemental distribution inside 

the matrix between AB and SOL alloy. The segregations present in the AB state are enriched by Nb, Mo, and Ti, 

and, as a result, the mobility of those elements is modified [47].  

Also for the SOL IN625 oxidized for 8 h, it is possible to find Cr depletion coupled with Nb enrichment in the 

alloy/oxide interface by means of EDS analysis (Fig.11). 

 

Figure 10: XRD of the oxidized surface of SOL IN625 oxidized for 8 h 



 

Figure 11: EDS maps of the cross-section of SOL IN625 oxidized for 8 h 

Compared to the AB condition, the SOL state present equiaxed grains, with evident twinning GBs [7,30,31]. Figure 

9b displayed the formation of δ-phases (Fig.9b, thick red arrows), sized around 0.5-3 µm, as observed by the XRD 

(Fig.10). Also, for this condition, some Nb-rich precipitates are present right under the oxide layer (Fig.9a and 9c, 

thin dashed yellow arrows). 

3.3.3 AB LPBF IN625 oxidized for 96 h 

For the AB IN625 after 96 h of thermal exposures, the sample shows a compact and continuous layer (Fig.12a, 

12c), without large defects. Additionally, it is also possible to observe intergranular oxidation (thick dashed green 

arrows in Fig. 12a, 12b, 12c, 14), covering the GBs for an extension up to around 20 μm.  

 

Figure 12: High contrast (a) and low contrast (b) BS SEM image of the cross-section, high magnification image of the cross-section (c) of 
AB IN625 oxidized for 96 h 

XRD pattern (Fig.13) reports the peaks of Cr2O3 and TiO2, indicating the same oxide composition of the AB 

samples heat-treated for 8 h. 



 

Figure 13: XRD of the oxidized surface of AB IN625 oxidized for 96 h 

EDS maps (Fig.14) revealed the presence of Ti and Al in those internal oxides, in accordance with the literature 

[34,44]. The internal oxides are formed by chemical elements with high oxygen affinity in the cavities formed 

after the Cr migration in the external oxide layer [34]. According to the Ellingham diagram, the Al is the element 

that creates the most stable oxide, but the concentration of Al is very low (<0.4 % wt.). The Al tends to be trapped 

in the cavities formed by the Cr migration, leading to reduced availability of the Al in the external oxide (mainly 

composed by Cr2O3, since the alloy Cr content is around 23 %  wt.). 

Additionally, Nb is also detected in those locations due to the presence of precipitates at the GBs. It is interesting 

to notice that there is a presence of thick precipitates at the interface between alloy and oxide (thin yellow 

arrows in Fig. 12b, 12c), as pointed out by the Nb in the EDS map (Fig.14), and there is a lack of precipitates in 

the underling 10 μm (Fig.12b). 

 

Figure 14:  EDS maps of the cross-section of AB IN625 oxidized for 96 h 

https://byjus.com/chemistry/ellingham-diagram-thermodynamic/


After thermal exposure for 96 h, the microstructure (Fig.12b) still present columnar grains with δ-phases 

exhibiting the largest precipitates along the GBs (Fig.12b and 12c, thick red arrows) and smaller inside the grains 

(Fig.12b, red circled). These intergranular revealed the same length compared to the AB condition heat-treated 

for 8 h. However, for this condition, the quantity of δ-phase is higher compared to the AB samples heat-treated 

for 8 h. 

3.3.4 SOL LPBF IN625 oxidized for 96 h 

After oxidation treatment for 96 h, the SOL state exhibited cracks within its oxide layer and at the interface 

between the oxide and the alloy (Fig.15a, 15c, and Fig.17, thin grey arrows), reducing the passivation effect of 

the oxide layer. The intergranular oxidation penetrated inside the alloy up to around 25 μm following the GBs 

path (thick dashed green arrows in Fig.15a, 15b, 15c, and Fig.17).  

 

Figure 15: High contrast (a) and low contrast (b) BS SEM image of the cross-section, high magnification image of the cross-section (c) of 
SOL IN625 oxidized for 96 h 

From the XRD pattern (Fig.16), it was possible to determine the presence of Cr2O3, and Nb2O5 and NiCr2O4.   TiO2 

was not detected by XRD analysis (even if Ti was found in the oxide from the EDS map), because it may be lower 

the minimum amount detectable.  



 

Figure 16: XRD of the oxidized surface of SOL IN625 oxidized for 96 h 

In the EDS maps (Fig.17) it can be observed the site of the specimen where the oxide is detached. The detached 

oxide layer is rich in Cr, O, and Ti in the alloy underlying a new thin oxide layer starts to form, visible in the EDS 

maps (thick dashed green arrow in the SEM image in Fig.17).  

The oxide, characteristic for internal oxidation, in this case, is rich in Ti and Al, similarly to what was observed for 

the AB samples that underwent 96 h of thermal exposure. Al is also present in the lower part of the detached 

oxide (Fig. 17), probably incorporated by the oxide when it reached the internal holes (thick dashed green arrows 

in Fig.15b) near to the oxide. 

 

Figure 17: EDS maps of the cross-section of SOL IN625 oxidized for 96 h 

Fig.18a shows that in the oxide layer, where it is still well adherent to the alloy, bright clusters surrounded by 

Cr2O3 oxide (red circled) can be found. The EDS maps (Fig.18b) revealed the presence of Ni and Nb in those 

clusters, confirming the peaks of Nb2O5 and NiCr2O4 revealed by XRD. Those mixed oxides were not uniformly 



distributed in the oxide layer, but they could be found only in some locations. It is important to note that no 

cracks or ruptures are found in the oxide layer close to these mixed oxides, suggesting that they were not related 

to the poor adhesion or homogeneity of the oxide layer in the SOL state in comparison to the AB state. The shape 

of those clusters indicates that they are originated from the alloy oxidation, surrounded by an oxide layer.  

 

 

Figure 18: (a) SEM image and (b) EDS map  of the mixed oxides in the oxide layer of the 96 h oxidized SOL IN625 

A mechanism of such mixed oxide formation is displayed in Fig.19. In Fig.19a, the proposed mechanism of the 

first oxidation step is presented, where a thin layer of oxide is developed on the alloy surface, with some defects 

such as spalling and cracks. In the second step, the thermal exposure causes the growth of the oxide layer, which 

penetrates inside the alloy, including GBs and developing internal oxidation resulting in pores (Fig.19b). Further 

development of internal oxidation eventually causes the enclosure of some alloy fraction, due to the surrounding 

GB oxidation. The growing surface oxide layer is further spalled, and the cracks are evolving into spalled oxide 

rupture (Fig.19c). The volume of the alloy enclosed by oxide possesses lower Cr concentration since it was 

consumed for the oxide layer formation and hence is enriched in Nb. From this point, the oxidation goes on, 

developing Nb2O5 and NiCr2O4 oxides, surrounded by the main oxide layer formed by Cr2O3 (Fig 19d). 

According to the model, the formation of Nb2O5 and NiCr2O4 is caused by the presence of defects in the SOL oxide 

layer. The defects in the oxide layer locally break the passivation effect, accelerating the oxidation that in some 



locations is able to separate part of the alloy from the bulk material. These portions of alloys result separate from 

the matrix, and therefore the Cr migrations from the matrix cannot reach these areas, involving the formation 

of Nb2O5 and NiCr2O4 oxides.   

After 96 h of thermal exposures, the microstructure of the SOL sample (Fig.15b) shows evident differences 

compared to the SOL state heat-treated for 8 h (Fig 9b). There was a remarkable δ-phases presence inside the 

grains, reaching length up to around 25 μm (Fig.15b, red circled), as well as in the GB locations (Fig.15b and 15c, 

red arrows). The growth of the δ-phase can be associated with the higher volume concentration of the necessary 

chemical elements, especially Nb,  generated by the dissolution of segregation and interdendritic areas due to 

the solution annealing treatments. On the other hand, the AB state presents a large concentration of Nb within 

the interdendritic and GB areas, limiting the availability of Nb, and therefore, drastically reducing the growth of 

the δ-phase. As seen previously in AB 96 h sample (Fig. 12b and 12c), Nb-rich precipitates are formed also in the 

SOL state at the alloy/oxide interface (thin yellow arrows) and there is a lack of precipitates in the underling 10 

μm (Fig.15b). Also, Chyrkin et al. [44] observed Cr2O3 layer formation during high-temperature oxidation of 

IN625, associated with the precipitation of δ-phase at the alloy/layer interface and the formation of a precipitate 

depleted zone in the sub-surface layer.  

 

 



 

 

Figure 19: Proposed  matrix incorporation mechanism: initial oxidation (a), intergranular and internal oxidation starts (b), alloy 
surrounded by intergranular oxidation (c) and mixed oxides formation (d) 

3.3.5 Summary of phases formation for the different conditions 

Table 2 summarizes the phases and oxides formed under the thermal exposures at 900 °C for the AB and SOL 

conditions.  

According to the time-temperature-transformation (TTT) diagram of the conventional IN625 alloy, the formation 

of δ-phase is coherent with a temperature of 900 °C. However, δ-phases generation after only 8 h of thermal 

exposure indicates faster formation due to the presence of Nb-rich segregations  [7,48,49]. Moreover, after 

thermal exposures of 8 h, it is interesting to note that the SOL state presents only intergranular δ-phases in 

contrast to the inter/intragranular δ formation in the AB state. This indicates that the solution annealing was 

effective in eliminating the segregation of the AB material within the grains. After thermal exposure for 96 h, 

also the SOL state exhibits both intergranular and intragranular δ-phases. Note that for all the conditions, a minor 

presence of carbides could be formed under this temperature. However, their presence is neglectable with 

respect to the δ-phases due to the very low level of carbon [7,31].   

Cr2O3 and TiO2 are reported for all the conditions, while the SOL 96 h also revealed Nb2O5 and NiCr2O4 oxides. 

Table 2: Detected phases for the heat-treated AB and SOL conditions 

 Intergranular δ-phase Intragranular δ-phase Cr2O3 TiO2 Nb2O5 and NiCr2O4 

AB 8 h X X X X  

AB 96 h X X X X  

SOL 8 h X  X X  

SOL 96 h X X X X X 

 

 

 



3.4 XRD analysis 

The evolution of the lattice parameter of the austenitic matrix (γ-phase) of the alloy under thermal exposures is 

provided in Figure 20. The SOL state is characterized by a larger lattice parameter compared to AB state in the 

initial state, due to the chemical homogenization involved in the solution annealing, followed by the quenching 

that freezes the formation of secondary phases and maintains the elements solutionized in the matrix [30,31]. 

Subsequently, for both the conditions, the lattice parameter value decreased under thermal exposure, but more 

significantly for the SOL state. The compression stresses on the surface induced by the quenching after the 

solution treatment have been removed during the polishing of the SOL samples before the oxidation treatment. 

In fact, the chemical homogenization generated by the solution annealing leads to the formation of larger 

precipitates in the SOL state when subjected to heat treatment, producing a more remarkable chemical element 

depletion from the γ-phase, thus reducing more intensely the lattice parameters of γ-phase compared to the AB 

state. 

It should be noted that the residual stresses generated during the fabrication process, as well as during the 

solution treatment followed by water quenching, can affect the value of lattice parameters. However, the high 

oxidation thermal exposure at 900 °C act as stress-relieving, since the thermal exposure is superior to the typical 

stress-relieving employed for this alloy (870 °C).  

Therefore, the initial residual stresses are progressively mitigated during the thermal exposures at 900 °C. After 

thermal exposures for 96 h, the impact of the residual stresses induced by the AB condition and solutionizing 

(plus water quenching) can be considered negligible. At this stage, after 96 h, the SOL state still presents a lower 

lattice parameter than the AB one, analogous as the conditions under 8 h of thermal exposures. This indicates a 

more pronounced depletion of elements from the matrix and, therefore, more marked precipitation of phases 

than in the AB state. Hence, it is possible to infer that the high precipitation provoked internal stresses triggering 

the spalling of the oxides in the SOL state. The presence of local stresses due to the phases precipitation is 

reported in literature [50]. 

 

Figure 20: lattice constant evolution during oxidation treatment at 900 °C for the AB and SOL states 

 

 



3.5 Scratch test analysis  

Fig.21 summarizes the results of the scratch tests for the investigated conditions, reporting the lateral force value 

needed for the indenter lateral movement vs the normal force applied by the indenter for one parallel and one 

perpendicular scratch tests. In the graphs in Fig.21, it is possible to see that the later force value increases with 

the increment of the normal force, at first with a nearly linear behavior, then increasing in a more markedly way. 

The point where the linear behavior stops represent the first contact between the indenter and the alloy below 

the oxide layer. The normal force needed to reach the alloy has been evaluated for each scratch, and the results 

are reported in Table 3.  

The AB condition after 8 h of oxidation shows just a minimal difference between the parallel and perpendicular 

tests, reaching lower normal force values for the latter. This can be correlated to the anisotropy of the grain 

characteristic for the AB samples. The SOL condition after 8 h of oxidation does not show any differences 

between the scratch test orientations because of the more equiaxed and isotropic grains structure [7,30,31].   

After 96 h of oxidation, the sample in the AB condition does not show any significant differences between the 

two test orientations due to the increased thickness of the oxide layer. Furthermore, also the normal force 

required to reach the alloy raises because the oxide layer thickness is increased compared to the 8 h condition, 

reaching values of around 200 mN for both test orientations. However, the anisotropy of the grains is still visible 

(see in the SEM images in Fig.22e and Fig.22f). The SOL condition after 96 h of oxidation does not show any 

differences between the scratch test orientations because of the grains isotropy.  Moreover, the oxide possesses 

a slightly lower resistance compared to the AB condition oxidized for 96 h, with normal force values below 190 

mN. These slightly lower values may be caused by the presence of the mixed oxides or by the oxide defects. 

However, the force needed to reach the alloy is not so different between the AB and the SOL state, because, in 

both cases, the oxide layer is mainly composed of Cr2O3. The GBs are covered by the oxide also for this condition 

(Fig.22g and Fig.22h), showing the bigger grain size and isotropy of the SOL state in comparison to the AB state.  

As it can be noticed in Fig.22, no cracks or big oxide removals are present after the scratch test, indicating that 

the general adhesion of the oxide is similar for all conditions. This similar mechanical behavior for the two 

conditions indicates that the defects formation in the SOL samples is not related to a different mechanical 

resistance between the two oxides. Therefore, the reason for the defect formation can be related to the coarser 

microstructure coupled with the local stress generated by more pronounced precipitation than the AB case, as 

determined by XRD analysis.  



 

Figure 21: Lateral force versus normal force reported from scratch tests of AB 8 h (a), AB 96 h (b), SOL 8 h (c) and SOL 96 h (d) 

Table 3: Normal force needed to reach the alloy 

Average Normal AB 8 h SOL 8 h AB 96 h SOL 96 h 

Force of scratch: Normal force (mN) Normal force (mN) Normal force (mN) Normal force (mN) 

Parallel  122±3 127±4 201±10 185±6 

Perpendicular  115±2 125±5 202±14 188±10 

 



 

Figure 22: SEM images of scratch tests perpendicular to the BD of the AB 8 h (a), AB 96 h (e), SOL 8 h (c), SOL 96 h (g) and parallel to the 
BD of AB 8 h (b), AB 96 h (f), SOL 8 h (d) and SOL 96 h (h) 

4.0 Conclusions 

The paper summarizes the oxidation behavior of IN625 alloy fabricated by LPBF in the AB and solution annealed 

at 1150 °C for 2 h states under thermal exposures at 900 °C in air up to 96 h. The main conclusions are:  

1. For both conditions, the oxide layer was mainly composed of Cr2O3. The oxide also showed the presence 

of TiO2 after thermal exposures. For the SOL conditions, after thermal exposures at 900 °C for 96 h, also 

other oxides, such as NiCr2O4 and Nb2O5, were detected in the form of clusters located inside the Cr2O3 

oxide layer; 

2. AB possesses higher oxidation resistance compared to the SOL state, slowly reducing its oxidation rate 

during the time thanks to the formation of a compact oxide layer; 

3. Local spalling in SOL samples caused reduced oxidation resistance, which can be attributed to the 

presence of coarser phases coupled with the local stress generated by more pronounced precipitation 

than the AB case, as determined by XRD analyses; 

4. Scratch tests revealed that the mechanical resistance of the oxide was almost identical for both 

conditions. Cracks and spalling in SOL samples were localized on the outer oxide layer, revealing that the 

mixed oxides observed did not reduce the oxide layer properties. 
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