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Summary

In the aeronautics industry, the propulsion systems stand among the most advanced and
critical components. Over the last 50 years, gas turbine aeroengines were subjected to
intensive research to increase efficiency and reduce weight, noise and harmful emissions.
Together with design optimization, breakthrough in materials science for structural
applications triggered the development of the most advanced gas turbine engines. For low
temperatures, basically ahead of the combustion section, lightweight Ti alloys are preferred
for their good mechanical properties. For high temperatures instead, Ni-based superalloys
exhibit outstanding properties up to very high temperatures despite a rather high material’s
density.

Research have focused on enhancing to the maximum the potential of materials in gas turbine
engines. According to the application, the components experience various mechanical and
environmental constraints. Special designs, manufacturing process, material compositions
and protective coatings have been developed to push the limits of advanced materials.
Nowadays, the attention is focused on innovative materials to replace the existing Ti and Ni
based alloys leading to substantial benefits. Light weight composite materials in particular
were found very attractive to replace some components’ Ti alloys. At higher temperatures, it
is of great interest to replace Ni-based superalloys by materials with lower density and/or
higher temperatures applications, which in turn would lead to substantial weight reduction
and increase efficiency.

At the highest temperatures range, in particular in the combustion chamber and high pressure
turbine sections, ceramic based materials offer promising balance of properties. Research are
dedicated to overcome the drawbacks of ceramics for such structural applications, and in
particular their brittle fracture behavior, by addition of reinforcing fibers. At lower
temperatures range, TiAl based intermetallics emerged as very promising materials at half
the density of Ni-based superalloys. Significant weight reduction could be achieved by the
introduction of TiAl based alloys for rotating components of the compressor and low pressure
turbine. 2™ generation y-TiAl alloys were lately introduced in GE’s GEnx and CFM’s LEAP
engines.

The present work concerns the fabrication by the additive manufacturing technique Electron
Beam Melting of 3 generation y-TiAl alloys for high temperatures application in gas turbine
aeroengines. EBM, building parts layer by layer according to CAD, offers many advantages
compared to other manufacturing processes like casting and forging. Reported by Avio, 2™
generation y-TiAl alloys have been successfully fabricated by EBM. To increase the
material’s potential, the production of 3" generation y-TiAl alloys Ti-(45-46)Al-2Cr-8Nb
was therefore studied. The optimization of the EBM parameters led to high homogeneity and
very low post-processing residual porosity < 1%. The fine equiaxed microstructure after
EBM could be tailored towards the desired mechanical properties by simple heat treatment,
from equiaxed to duplex to fully lamellar. In particular, a duplex microstructure composed by
about 80 % lamellar grains pinned at grain boundaries by fine equiaxed grains was obtained
after heat treatment slightly over the o transus temperature.

The study showed that addition of a higher amount of Nb significantly increased the
oxidation resistance of the material, thus increasing the application temperature range of
these y-TiAl alloys.
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PART I
Materials science innovations for gas turbine
application in the aeronautics field

GEnx,
General Electric Aircraft Engines




Innovative materials for high temperature structural applications: 3rd Generation y-TiAl
fabricated by Electron Beam Melting

I. Materials development

1. Materials science for evolution

For the occasion of the TMS 2007 Annual
Meeting & Exhibition in Orlando, the journal
- Ay i JOM announced in September 2006 the
GREATEST =3 - world’s greatest moments in materials

science and  engineering history.
Professionals in the materials field as well as
the general public voted for their top ten
moments from a list of 100 nominees. The
results are displayed on the timeline below in

figure 1 .21
1668 - Anton van 1864 - Dmitri Mendeleev
Lecuwenhoek develops _ devises the Periodic Table
i iqui tical micr of Elements
discover that liquid copper op scopy
can be extracted from capable of magnifications 2 ,

malachite and anurite and of 200 times and greater
that the molten metal can 22008¢ - The peoples of
be cast mto different T northwestern Iran invent

glass

1755 - John Smeaton
invents modern concrete

35008C - Egyptians smelt
iron(pahaps&ai:y'—
product of copper refining)
tiny amounts mostly for
omamental or ceremonial
purposes

1856 - Henry Bessemer 1948 - John Bardeen,
patents a bottom-blown
acid process for melting
low-carbon iron

Figure 1: Timeline of the JOM top 10 greatest moments in materials science and
engineering history
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These are only the top events chosen by the voters, among a very long list of key moments. It
can also be cited the discovery of radioactivity in 1896 by Pierre and Marie Curie, which
marks the beginning of modern-era studies on spontaneous radiation and applications of
radioactivity for civilian and military applications. Or the publication by Niels Bohr in 1913
of his model of atomic structure, which introduces the theory that electrons travel in discrete
orbits around the atom's nucleus, with the chemical properties of the element being largely
determined by the number of electrons in each of the outer orbits.

Materials are everywhere, so is materials science. Everything or most is selected, designed,
produced, optimized to answer our needs. The progress and development of our kind over the
time is related to breakthrough in science and technology. Advances in materials science
nowadays push our limits to what seemed impossible in the past. And to what will be
possible in the future !

2. Materials science today

Today, tons of people or goods can be flown or shipped from one side of the planet to
another. Millions of data can be carried on a device smaller than a nut. Hundreds of people
can live in buildings over 200 meters high. We can drive over 300 km.h™'. Space is filled with
orbital telescopes and transmission satellites.

Aeronautics, Automobile, Marine, Civil, Space, Informatics, Energy

Materials must be developed to perform their duty in the best way possible. The
manufacturing processes are optimized, the reduction of weight and dimensions is sought, the
overall costs tend to be lowered, the harmful emissions reduced. Depending on the
application, the materials properties required vary drastically. Any function comes with a set
of properties required for the part (mechanical properties, cost, resistance to environment,

).




Basically, materials can be divided into 5 categories:

Metals and Alloys
Ceramics

Plastics
Semiconductors
Composites

In the aeronautic industry, since the machines are intended to fly, the lighter the better. A lot
of research thus aimed to reduce the overall weight of the flying objects, without impacting
the security and comfort. In civil aviation for example, metallic cutlery was replaced by
plastic. The weight of the seats were reduced by half. Large parts of the structure were
replaced by light weight composite materials. Of course, it must be assured the integrity of
the mechanical properties and environmental resistance to overcome the stress in operation. It
must also be economically viable regarding materials, production and maintenance costs.
Therefore, materials development intend to find the best compromise between performance
and cost.

This thesis focuses on materials for aeroengines high temperature structural applications.
Therefore, candidate materials are: metals and alloys for their wide set of properties and
manufacturing convenience, ceramics and ceramic based composites for their outstanding
high temperature properties and potential lightness.

3. Prospective for HT structural materials in the aeronautics

In aeronautics, the high temperature field basically means the engines. In 1993, J.P. Angus
for Rolls Royce ! identified the important criteria to judge the suitability of the engines:

Safety

Thrust

Weight

Fuel burn

Life cycle cost (LCC)
Environmental

Among these criteria, which relative importance depends on application, the key performance
is surely the thrust to weight ratio. In other words, the forward force applied to the aircraft
(net thrust) by an engine divided by its weight. Regarding materials’ science, increasing the
thrust to weight ratio can be done in two ways [*:

e Increase thrust : it suggests higher material operating temperatures. Increasing the
operating temperature leads to better cycle efficiency. Consequently, it allows to
whether reduce fuel consumption or increase thrust.

e Reduce weight : it corresponds to materials with higher specific strength and stiffness.




So far, research focused on metallic materials such as Ni based superalloys. Today, the best
Ni based superalloys exhibit acceptable temperature resistances up to 1150 °C (even 1200 °C
for short time) which is about 90 % of melting temperatures. Cast alloys have been optimized
from equiaxed multi-grained to directionally solidified microstructures and even single
crystals. Complex designs have been set up to allow air cooling of the blades through inner
channels. Thermal and environmental coatings have been developed.

Nowadays though, progress seems to have reached the limit of Ni-based superalloys and
alternative materials are studied. As just mentioned, there are two approaches: the current
materials in use could be replaced by either materials with lower density and/or higher
temperature capability, and of course exhibiting the same properties. Some of the most
promising candidates are reviewed later in section III.

II. Principle, performance and materials of aeroengine
gas turbines

1. Gas turbines in the aeronautic industry

An aircraft is subjected to 4 forces
during flight represented the opposite
figure 3. These forces are actually 2
pairs of opposite forces (figure 3).

Weight is the downward force
resulting from earth’s gravity. Lift is
the opposite upward force that keeps
Thrust the vehicle in the air. The weight must
be overcome by the lift in order to fly.
_ Drag is the force resulting from air
Weight resistance. Finally, the thrust is the

Figure 3: Forces applied to an aircraft in flight  driving force opposed to drag.

Thrust is thus a propulsion force created by a power source: the engine. There are two ways
to create a propulsion force.
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The first way is rocket propulsion = . This EQUILIBRIUM ACTION REACTION

is based on Newton’s third law of motion
commonly translated: “To every action
there is always an equal and opposite
reaction: or the forces of two bodies on
each other are always equal and are

directed in opposite directions.” Figure 4: Schematic representation of rocket
propulsion

Propellants are combined in a combustion
chamber where they chemically react to
form hot gases which are then accelerated
and ejected at high velocity through a
nozzle, thereby imparting momentum to the
engine (figure 4). The thrust force of a
rocket motor is the reaction experienced by
the motor structure due to ejection of the
high velocity matter.

[ TE— : KL

Figure 5: Example of rocket propulsion.
Ariane launch on 26" November 2010 (left)
and a missile (right).

The second way is air-breathing propulsion "' The principle is to seize mass from the
surroundings and set the mass in motion backwards, using the reaction force to propel the
vehicle. The basic 4-steps principle is:

Intake of air

Compression of the air

Combustion, where the fuel is injected and burnt to convert the stored energy
Expansion and exhaust, where the converted energy is put to use

Many different types of aero engine could be listed or grouped, and only a few general
examples will be presented. Two categories can be distinguished. Often referred as “jet
engine”, a turbojet and a ramjet create thrust from the action of a fluid jet leaving the engine.
On the other hand, a turbofan and a turboprop create most of the thrust through the use of a
fan and a propeller respectively. These engines are basically divided into 2 sections:

e The core of the engine produces power to drive the propulsion section
e The propulsion section generates the thrust




p = pressure

entropy
Figure 6: T-s diagramﬂof the Brayton cycle

Except for the ramjet engine, the core of the
engine is the gas generator to supply high
temperature and pressure gas. It is composed
by a compressor, a combustor and a turbine.
The principle is based on the Brayton
thermodynamic cycle which is used in all
gas turbine engines (figure 6) [ ' 1411 Ay
is sucked into the engine (0-2) and
compressed (2-3). This increases the
pressure and reduces the volume which
leads to an increase in temperature. High
pressured air is mixed with fuel and burn to
convert chemical to thermal energy (3-4).
The temperature and volume increase while
the pressure remains stable. It then expands
through the turbine to drive the compressor
(4-5). Temperature and pressure decrease
which leads the volume to increase.

A schematic model of the gas generator is displayed figure 7 ™ '®. The purpose of any gas
generator is to supply high pressure and temperature gas. The different section identified in
figure 6 were represented in figure 7 by red numbers.

Gas generatur4>|

Compressor

Figure 7: Schematic drawing of the gas generator, core of any gas turbine engine

D
Cﬁ..

Combustor

rn::»--c"'-:cH

[7]

As air passes through a gas turbine engine, aerodynamic and energy requirements demand
changes in the air’s velocity and pressure. During compression, a rise in the air pressure is
required, but not an increase in its velocity. After compression and combustion have heated
the air, an increase in the velocity of gases is necessary in order for the turbine rotors to
develop power. The size and shape of the ducts through which the air flows affect these
various changes. Where a conversion from velocity to pressure is required, the passages are
divergent. Conversely, if a conversion from pressure to velocity is needed, a convergent duct

1s used.




The propulsion section that generates the thrust can be of two types [ ® 13- 14 17191 1 g jet

engine (left in figure 8), a last stage nozzle coverts the thermal energy from the hot pressured
gas into kinetic energy and momentum. Else, the hot and pressured gas expand in a second
turbine which extracts work and drives a shaft connected to a fan or a propeller (center and
right in figure 8).

Figure 8: Schematic drawings of the different gas turbine engines. Turbojet (left),
Turboprop (center) and Turbofan (right).
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TurboFan

TurbolJet TurboProp Developped in the 1950°s,

only a portion of the
incoming air goes into the
combustion chamber. The
main thrust is given by the
fan powered by the turbine.
The objective of this sort of
bypass system is to increase
thrust without increasing fuel
consumption.

Co-invented by Dr. Hans von | Invented by the Hungarian
Ohain and Sir Frank Whittle Gyorgy Jendrassik in the
in the 1930’s, the net thrust early 1940’s, the expansion
delivered by the engine is the | of gas through the turbine
result of converting internal | supplies the energy required
energy to kinetic energy to turn the propeller which
through the nozzle. gives the thrust.

The suitable type of engine is determined according to its application and engines are
classified by performance parameters [* 7> '* 1 " For example, the thermal efficiency of an
engine. Thermal efficiency is defined as the net rate of organized energy (shaft power for
turbofans or turboprops, kinetic energy for turbojets) out of the engine divided by the rate of
thermal energy available from the fuel in the engine:

— Wout [7]
Qin

nr

Where W,,,; is the net power out of the engine and Q;,, the rate of thermal energy released.




Another parameter is the propulsive efficiency, which is the measure of how effectively the
engine power is used to power the aircraft. In other words, the ratio of the aircraft power
(thrust times velocity) to the power out of the engine. For a jet engine with a single inlet and
single exhaust, an exit pressure equal to the ambient pressure, a mass flow of fuel way lower
than that of air and very small installation losses, the propulsive efficiency is:

TV, 2 (7]
nP = " =
Wout Ve/VO +1

Where T is the thrust of the propulsive system, Vyand V, are the velocities at inlet (velocity of
the aircraft) and exit respectively.

Turbojet engines have high values of the velocity ratio V,/V, with corresponding low
propulsive efficiency, whereas for turbofan engines it is the opposite. The thermal and
propulsive efficiency can be combined to give the overall efficiency of a propulsion system.
Multiplying the parameters, we get the ratio of the aircraft power to the rate of thermal
energy released in the engine:

TV, (7]

No = Nplr —a

The general trends of efficiency are plot figure 9 for typical aircraft engines. The poor
efficiency of turbojet engines makes it the less attractive economically. To this day, progress
have been made to increase the engines’ overall efficiency

Overall efficiency n, = thrust x aircrafl velocity

heat added
07 - ol 02 0.3 Yiear 3000 +
06~ igh am
C}Pml;ﬁn
osf ::;““
R
Pmpu'wr

04

LN o

Care thermal efficiency fy = %

oL Subsonic flight
o0 | 1 1 1 1 | 1 1 1 J
] 0.1 02 03 04 05 06 07 08 09 1.0
Propulsive efficiency M= st w gireraft velocity

core power
Figure 9: Efficiency characteristics of typical aircraft engines 171




One of the most important performance
parameter is the thrust of the engine. The
general trend of specific thrust versus
aircraft speed is displayed figure 10 for the
typical engines. It is the amount of output
power or thrust per unit of mass flow
entering the engine. For example, a modern
civil turbofan with a high by-pass ratio has a
low specific thrust to keep the jet noise at an
acceptable level and to achieve low fuel
consumption. In this case, the engine must
be relatively large in diameter for the net
thrust it produces.

On the other hand, a modern military aircraft
has a high specific thrust which usually
reduces the dimension of the engine for
aerodynamic issues.
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Figure 11: Thrust specific fuel
consumption characteristics of typical
aircraft engines 7
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Figure 10: Specific thrust characteristics of
typical aircraft engines 7]

Finally, another important performance parameter is
the specific fuel consumption. This is the rate of
fuel used by the propulsion system per unit of thrust
produced. It is important to minimize the specific
fuel consumption for applications where the weight
and cost of the fuel is an issue. In other words, civil
aviation. The general trends for the typical aircraft
engines are displayed figure 11.




2. Turbofan engines
Turbofan engines are commonly used nowadays in the aeronautic industry [ 7 & 13- 1417 201
For a certain realm of flight, a turbofan is more economical and efficient than a turbojet and
has a better aerodynamic performance than turboprops at high subsonic speed. The turbofan
engines market is dominated by 3 giants: General Electric, Rolls Royce and Pratt & Whitney.
Many other companies also contribute: Honeywell, MTU, SNECMA, Avio, etc. Different
joint-venture between the leading companies were created. To name a few: CFM
International between General Electric and SNECMA formed to build and support the
CFM56 series, Engine Alliance between General Electric and Pratt & Whitney to create
engines for high-capacity and long range aircraft.

Every model of engine is different. Depending on the family of aircraft and the flight
conditions, requirements vary widely. The configuration, fuel consumption, technology,
certification are proper to the engine type. However, from a materials point of view, all kind
of turbofan are similar. The temperature and pressure range for the different sections are
similar. The design is similar in that the manufacturing process of the components are similar.
The materials science approach to increase efficiency (or reduce weight) is the same. The
general purpose for any engine manufacturer is to increase the temperature in the hot sections
in order to increase efficiency. Also, increasing the specific properties (divided by materials
density) is sought in order to reduce the overall weight of the engine. Of course, doing both is
the ultimate goal.

As an example in figures 12 and 13, the
CFMS56-7 engine was chosen to detail the
different sections of a turbofan engine [* '+ *!-
1 This engine is produced by CFM
International (GE and SNECMA) for the
Boeing 737 family. In service since 1994
(engine certification in October 1996), this
popular engine fleet evolved over the years.
The Tech Insertion configuration emerged in
2007, and since mid-2011 all delivery are in .
CFMS56-7BE configuration with even better Figure 12: Schematic cutaway

. representation of CFM56-7B developed by
performance and cost efficiency. CEM International
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Figure 13: Schematic technological drawing of the CFM56-7B engine displaying the
different components (23

The CFM56-7 is a dual rotor, variable stator, high bypass ratio turbofan power plant designed
for subsonic service. The engine incorporates a single-stage High Pressure Turbine (HPT: 11
in figure 13) which drives a 9-stage High Pressure Compressor (HPC: 5 in figure 13). The
integrated fan and Low Pressure Compressor (LPC: 1 in figure 13) are driven by a 4-stage
Low Pressure Turbine (LPT: 13 in figure 13). The annular designed combustion chamber (9
in figure 13) increases the HPC discharge air velocity to drive the high and low pressure
turbines. The design and configuration of the engine is based on obtaining long life, high
reliability, and easy access for line maintenance. The engine is composed of major sub-
assemblies or modules, which permits the changing of a major assembly without completely
disassembling the engine. The different sections of the engine will be further describe in the
following.
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Figure 14: Temperature and pressure profiles of air in a . .
gas turbine [2°] gas turbine engine are

presented in further details.




The head of the engine is composed by the fan and the
booster or low pressure compressor. The primary
function of the fan is to produce most of the thrust. In
/ the case of the high bypass ratio turbofan CFM56-7
Figure 15: Exploded view of the  family, 80% of the air flow by-pass the core of the

fan major module of the CFM56-7  engine (secondary air flow).
engines 126]

On the other hand, 20% of the air flow is directed towards the core of the engine. The aim is
to provide a clean and unrestricted airflow to the engine. Clean and undisturbed inlet airflow
extends engine life by preventing erosion, corrosion and foreign object damage.

The core of the engine is the gas generator
mentioned earlier in section IL.1. It is basically
composed by the high pressure compressor (HPC),
the combustor and the high pressure turbine (HPT).

Figure 16: Exploded view of the core
major module of the CFM56-7
engines [26

The role of the compressor is to supply all the air the turbine needs, at high static pressure.
Each stage incrementally boosts the pressure from the previous stage. A single stage of
compression consists in a set of rotor blades attached to a rotating disk, followed by a stator
vanes attached to a stationary ring. At the compressor inlet, the air is approximately at 15 °C
and 100 kPa. The overall pressure ratio is 32.8:1 for the 9-stage compressor of CFM56-7
engines. The temperature of the air at the compressor outlet can reach 700 °C for the most
advanced engines. In general terms, the compressor rotor blades convert mechanical energy
into gaseous energy.

The air in such state enters the combustion section or combustor, where it is mixed with fuel
and burnt. This task is accomplished with a minimum pressure loss and a maximum heat
release. The temperature of the flame in the combustion section can be as high as 1930 °C,
which is higher than the metals in the engine can endure. Therefore, air from the secondary
airflow is admitted in a controlled manner to direct the flame pattern, cool the liner walls and
reduce the temperature. The maximum outlet temperature of the combustor depends on the
HPT materials and can be as high as 1200 °C.

The CFM56-7 engines have a single-stage high pressure turbine (HPT). The turbine converts
the gaseous energy of the mixture (air + burnt fuel) out of the combustor into mechanical
energy in order to drive the compressor. This is done by expanding the hot and high-pressure
gases to a lower temperature and pressure.




The low pressure turbine is the element that
drives the fan, which produces most of the thrust.
The turbine converts the gaseous energy into
mechanical energy by expanding the hot and
high-pressure gases. Each stage of the turbine
consists of a row of stationary vanes followed by

Figure 17: Exploded view of the LPT - .
major module of the CFM56-7 engines  a row of rotating blades, in the reverse order of

the compressor.

In the compressor, energy is added to the gas by the rotor blades, then converted to static
pressure by the stator vanes. On the contrary in the turbine, the stator vanes increase gas
velocity and the rotor blades extract energy. The temperature and pressure of the gases
decrease gradually through the turbine, but temperature at the turbine outlet could be as high
as 700 °C.

After the gas has passed through the turbine, it is discharged through the exhaust. A
significant amount of energy remains in the exhaust gas that has not been converted by the
turbine into mechanical energy to drive the compressor and the fan. Through the convergent
duct or exhaust nozzle, the gas is accelerated and used to produce jet thrust.

3. Advanced materials for the main components

Progresses in gas turbine engines technology, with higher power ratings and efficiency levels,
were largely due to advancements made in the field of materials. The development of
materials with higher performance levels, together with design optimization, have been a
critical breakthrough over the years. As suggested previously, this have been realized by
increasing the temperature capability of materials and/or specific properties (to reduce
weight).

An aircraft gas turbine in composed by thousands of structural components having different
functions, experiencing different constraints, evolving in different environments. These
components must have the proper tensile strength, stress rupture life, creep properties, fatigue
etc. For materials operating at high temperatures, oxidation and hot corrosion resistance are
crucial and coating technologies are often required. The main components previously
described in section II.2 are critical to the performance of the engine. Advanced materials
with high performance are used. Manufacture of these materials usually involves advanced
processing methods.




The opposite pie chart shows the ratio of
materials with respect to the total weight of
the engine (figure 18) ' 7 Steels,
Nickel and Titanium alloys represent the
major part of modern Turbofan engines.
However, the attention is focused on lighter
composite  materials, advanced high
temperature Ni-based superalloys and
thermal  barrier  coatings, upcoming
intermetallics and ceramics. The scope is
always to reduce the overall weight of the Figure 18: Material composition in Turbofan
engine and increase the temperatures in engines by total weight

order to raise fuel efficiency and reduce

noise, carbon and nitrogen oxides

emissions.

m Nickel and alloys

m Titanium and alloys
m Steels

= Composites

m AlFAI-Li

= Others

Titanium " 3% is a material with high strength to weight ratio. When high mechanical

properties are necessary at medium range temperature and oxidation is not much an issue,
titanium alloys fit perfectly.

Titanium content has increased from 3 % in the 1950s to about 33 % today of the aeroengine
weight. Most structural parts of the high pressure compressor are made of titanium. Material
selection is focused around light weight, high integrity and balanced solution for the designs.
The now famous Ti-6Al1-4V is used for static and rotating components. Castings are used to
manufacture the more complex static parts while forging is typically preferred for the rotating
components. This alloy is used in particular for fan disc, low pressure compressor discs and
blades and for the first compressor stages up to 315 °C of the PW4084 engine.

Many Ti-based alloys have been further developed, along with optimized processing routes to
set the desirable microstructure, in order to increase creep, fatigue strength and enhance
temperature capabilities. For example, Ti6242 (see table 1) is an attractive high temperature
alloy commercially available used for rotating components at temperatures up to 540 °C. It is
used in high pressure compressors at temperature too high for Ti64 for structural applications.

Maximum service

Grade designation Chemical composition temperature (°C)

Ti64 Ti-6Al1-4V 315

Ti811 Ti-8Al-1Mo-1V 400

Alloy 685 Ti-6Al-5Zr-0.5Mo-0.25S1 520

Alloy 829 Ti-5.5A1-3.5Sn-3Zr-1Nb-0.25Mo0-0.3Si 550

Alloy 834 Ti-5.8 A1-4Sn-3.5Zr-0.7Nb-0.5M0-0.35S1-0.06C 600

Ti1100 Ti-6Al-2.8Sn-4Zr-0.4Mo-0.4Si1 600
Ti6242 Ti-6Al-2Sn-4Zr-2Mo

Ti6242S Ti-6Al-2Sn-4Zr-2Mo-0.2Si 540

Table 1: Titanium alloys used for compressor parts in aircraft engines “°!




However, the maximum temperature limit of advanced titanium alloys is about 600 °C. The
hottest parts of the last stages of the high pressure compressor may exceed this temperature.
They are typically made of Ni-based alloys, at nearly twice the weight. Furthermore, different
thermal expansion and bonding techniques create problems. Efforts focus on producing a
compressor entirely made of titanium alloys, which means the development of titanium alloys
that can be used at temperatures over 600 °C.

Superalloys ' % 2831321 are typically Ni-based or Co-based alloys, probably the most

advanced and investigated materials for high temperature applications in gas turbine engine.

The parts of the combustor in a gas turbine experience very high temperatures. The
increasing firing temperatures and the need to better emission control require the use of
advanced structural materials. Ni-based superalloys are presently the best option for their
high creep and oxidation/corrosion resistance. For the combustor parts, they are usually
processed from sheets. The composition of the alloys 617, 230 and Nimonic 263 are detailed
in table 2. A Co-based superalloy with higher creep strength has been used lately to meet
even higher firing temperatures.

Grade Chemical composition
Nimonic 263  Ni-20Cr-20Co-0.4Fe-6Mo-2.1Ti-0.4A1-0.06C
HA188 C022Cr22Nil1.5Fe14W0.05C0.01B
617 54Ni122Cr12.5Co08.5Mol.2Al
230 55Ni122Cr5Co03Fe14W2Mo00.35A10.10C0.015B

Table 2: Sheets superalloys for combustor parts in aeroengine gas turbine engines (28]

Powder metallurgy (PM) routes for producing superalloys found a great success, although
forging and casting are accepted techniques to produce disks and blades respectively.
Originally, conventional ingot metallurgy routes were adopted to manufacture turbine disks.
For example the alloys A286 and 718. For high strength superalloys though, for example
IN100 and Rene95, they are sometimes difficult to forge by conventional methods. PM
processing offered many advantages. First of all, it allowed the production of alternative
alloys that ingot metallurgy route struggled to produce. The properties of PM parts are
enhanced thanks to a better control of the microstructure: finer grain size can be obtained,
better homogeneity and alloys development flexibility. In addition, PM routes are near-net-
shape process which advantageously reduce material wastes and post processing operations.
It also allows more freedom in design. The following table 3 lists some superalloys, mostly
Ni-based, used for the manufacture of turbine discs in aircraft gas turbine engine.




Grade Chemical composition

A286 Fe-15Cr-25Ni-1.2Mo-2Ti-0.3A1-0.25V-0.08C-0.006B
718 Ni-19Cr-18.5Fe-3Mo0-0.9Ti-0.5A1-5.1Cb-0.03C
IN 100 60Ni-10Cr-15Co-3Mo0-4.7Ti-5.5A1-0.15C-0.015B-0.06Zr1.0V
Rene 95 61Ni-14Cr-8Co-3.5Mo-3.5W-3.5Nb-2.5Ti-3.5A1-0.16C-0.01B-0.05Zr
LC Astroloy 56.5Ni-15Cr-15Co0-5.25Mo-3.5Ti-4.4A1-0.06-C-0.03B-0.06Zr
MERL-76 54.4Ni-12.4Cr-18.6Co-3.3Mo-1 .3121)2—21.3T1—5. 1A1-0.02C-0.03B-0.35Hf-
Rene88 DT 56.4Ni-16Cr-13Co-4Mo0-4W-0.7Nb-3.7Ti-2.1A1-0.03C-0.015B-0.03Zr
Udimet 720 55Ni-18Cr-14.8Co-3Mo-1.25W-5Ti-2.5A1-0.035C-0.033B-0.03Zr

Table 3: Ingot metallurgy (A286 and 718) and PM superalloys for turbine discs in
aeroengine gas turbine engines [28]

The turbine vanes and blades are critical components requiring the most advanced high
temperature materials. The temperature is very high due to the hot gases after burning.
Pressures are high as well and the high speed rotating elements are subjected to centrifugal
forces. Creep strength is thus a primary requirement for turbine vanes and blades materials.
The forgeability problems of superalloys which require hot workability constrained the
composition range possibilities. Cast superalloys were therefore developed. The composition
of alloys could thus be tailored for high temperature strength.

In gas turbine engines, the most severe conditions belong to the first stage turbine blades or
buckets (rotating airfoils). They must withstand severe combination of temperature (hot gas),
stress (centrifugal force) and environment (air and combustion products). On the other hand,
vanes or nozzles (stationary airfoils) are subjected to lower mechanical stresses since they are
fixed. However, they must be able to withstand high temperatures and thus require excellent
high temperature oxidation and corrosion resistance.

Conventional equiaxed investment casting was originally used to produce turbine parts in the
most demanding gas turbine engines. The rather coarse equiaxed microstructure of casting
assured good mechanical properties in all directions at high temperature. For example,
rotating turbine blades made of alloy IN713 were early produced. In order to enhance
materials capabilities, the chemical composition and post process treatment were optimized.
To increase the creep strength, y’ volume fraction increased (IN100, Renel00). Higher
amount of refractory solid solution strengtheners, like W and Mo, were added to increase
temperature capabilities (MAR-M200, MAR-M246, IN792, M22). Small amount of Hf, up to
2 wt.%, improved ductility. Higher Cr content increased corrosion resistance at the cost of
some high temperature strength (Rene4l, Rene77, Rene80, IN738C, Udimet700,
Udimet710).




The major failure mechanism for gas turbine airfoils involved nucleation and growth of
cavities along transverse grain boundaries. Therefore, effort was made to eliminate such
defects and directional solidification (DS) was developed. The creep resistance and rupture
strength could be increased through DS by eliminating transverse grain boundaries and the
turbine blade metal temperature capability could be increased by about 14 °C with respect to
conventionally cast superalloys. Single crystal (SC) blade technologies were subsequently
developed increasing of about 30 °C the metal temperature capability of turbine blades. In SC
castings, all grain boundaries are eliminated from the microstructure and a single crystal with
a controlled orientation is produced in an airfoil shape. Since there is no grain boundary in
such material, grain boundary strengtheners such as C, B, Zr and Hf are no longer necessary
which helped increasing the melting temperature of the metals and consequently the high
temperature strength. The following figure 19 shows turbine blades fabricated by
conventional, directional solidification and single crystal castings.

Figure 19: Conventionally cast, directionally solidified (DS) and single crystal (SC) blade
technologies

III. Innovative high temperature materials for the
aeronautics

For the past 50 years, research have focus on materials that are stronger, lighter and at higher
temperature. So far, research focused on metallic materials such as Ni based superalloys.
Today, the best Ni based superalloys exhibit acceptable temperature resistances up to 1150
°C (even 1200 °C for short time) which is about 90 % of melting temperatures. Cast alloys
have been optimized from equiaxed multi-grained to directionally solidified microstructures
and even single crystals. Complex designs have been set up to allow air cooling of the blades
through inner channels. Thermal and environmental coatings were developed. However, it
seems that today’s materials have been pushed up to their limits. This is why attention is now
focused on new light and resistant materials for high temperature.




1. Ceramics for very high temperature structural applications

Ceramic materials have the highest potential to provide the above characteristics ). Ceramics
come in many forms, in respect to their chemical composition and their structure. Mainly,
ceramics can be divided into two categories :
composites. As shown figure 20, ceramics have the potential to provide better specific
strength that any other type of material.

Figure 20: Specific strength com
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Monolithic ceramics are essentially
homogeneous but brittle. They can be
toughened into ceramic composites
which offer a wide range of possibilities.
There are three key elements of these
materials :

e Fibers

e Matrix

e Fiber/matrix interface layer
In addition, there is a wide range of
possible fiber architectures.
Thus, a promising scope of material can
be obtained based on different
combination of fibers (type and
architecture), matrix and interfarce.

The important difference between monolithic ceramics and ceramic composites is their
failure mode, presented in figure 21. In the case of monolithic ceramics, the stress/strain
behavior is linearly elastic up to the point of failure. The failure is thus sudden and complete
even though good ultimate tensile strengths can be achieved. The number and size of defects,
which are proportional to the volume of the components, influence the occurrence of failure.
Consequently, monolithic ceramics are more suitable for small components.

Stress

Figure 21: Comparison of monolithic ceramics a[ral]d ceramic composites stress vs.
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In comparison, ceramic composites behave differently. First, they have a linear elastic
behavior up to a point where microcracks start developing in the matrix. From this point on,
the behavior is non-linear and irreversible. The failure is thus much more controlled which
makes life prediction more realistic and these materials more attractive for aero engine use. In
addition in the case of ceramic composites, the failure process is different than that of
classical composite behavior. For example, in carbon fiber reinforced plastics the main load
is carried by the fibers when the less stiff matrix allows load transfer between fibers.
However in ceramic composites, the fibers act as crack deflectors, increasing the energy
needed to grow a crack.

There is also another family of ceramic materials called hybrid composites. It consists in a
matrix of ceramic/intermetallic composite, that can be or not reinforced by fibers. Basically,
it exhibits better mechanical properties but at lower temperature compared to ceramics and
CMC’s. Finally, eutectic ceramics which consists in a two phase ceramic densified from
melted compounds at eutectic point are also under research.

An alternate approach to monolithic ceramics was pursued starting in the 1970s when high-
strength SiC-based fibers became available ®*. SEP in France developed a composite
consisting of SiC-based fibers (Nicalon fibers from Japan) in a chemical vapor infiltration
matrix. The composite had a higher strain to failure than monolithic ceramics and thus did not
fracture in a catastrophic brittle mode. This general category of composite became known as
CVI SiC/SiC. Later General Electric Company developed a melt-infiltrated reaction-sintered
composite material (MI-SiC/SiC) and Dow Corning developed a polymer infiltrated and
pyrolyzed (PIP-SiC/SiC) composite. It is determined that the SiC/SiC ceramic matrix
composites were susceptible to degradation due to interaction with the application
environment (especially oxygen and water vapor) at high temperature.

J-Y. Guedou * mentions the development of composites with long SiC fibers and ceramic
matrix (C or SiC) for aerospace structures. For example, such materials have been used for
nozzle flaps in aero-engines (SiC-SiC nozzle flap). As suggested before, CMC are not brittle
unlike bulk ceramics thank to the carbon interphase between fibers and matrix. However, this
interphase is suggest to oxidation. Other structural parts such as combustors, airfoils, turbine
blades and vanes are suggested. In 1999, Ohnabe et al. **! presented potential applications of
CMCs to aero-engine components. Extensive developments on interface layers, fiber
improvements, matrix modification and surface coatings were conducted during the 1990s
and are continuing. Parallel effort have focused on oxide/oxide ceramic matrix composites
that are inherently more stable in an oxidizing environment.

Materials usually used for both fibers and matrix are carbon (C), Silicon carbide (SiC),
Alumina (AL,O3) and mullite (Al,05-SiO,). In 2006, J.A. DiCarlo and M. van Roode %
reviewed the development of ceramic materials for hot section applications in gas turbine.
The key performance requirement for hot-section ceramic material is the ability to display 3-
dimensional strength properties that sufficiently exceed the stresses than can arise in a given
component under its anticipated service conditions over a period of time generally equivalent
to the component inspection cycle.




e The first structural requirement for the ceramic material is that in its as-produced
condition it should display sufficient strength properties to exceed maximum 3D
stresses that will be experienced by the part.

e The second requirement is that the ceramic material should maintain this strength
advantage under the maximum temperatures and hot-time conditions within the
component inspection cycle.

e The third structural requirement for ceramic material is that it should display a
sufficient capability to withstand the less predictable degrading effects that can arise
from external factors during component service : foreign object impact (high fracture
toughness), erosion/corrosion at high temperature.

Basically, CMCs are preferred to monolithic ceramics because of their inherent high fracture
toughness. When the crack propagation in a monolithic ceramic typically results in
catastrophic failure at very low strain, for a CMC component the reinforcing fibers will
bridge the cracks providing the material with significantly more strain capability.

Table 4 lists vendors, constituents, average room temperature thermostructural properties for
some advanced Ox/Ox and SiC/SiC systems of current interest within the US for hot section
turbine components.
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Table 4: Nominal constituent and room temperature thermostructural properties for some
advanced CMC systems of current interest for hot section engine components (361




The as-produced systems in table 4 (but 1 and 2) should provide sufficient strength capability
for combustor liners, turbine shrouds and turbine vanes that might experience in-plane
direction stresses up to 100 MPa. However, they currently do not have enough strength
capability for turbine blades that might experience in-plane stresses as high as 300 MPa. In
addition, for turbine vanes and blades, most of the systems would not provide the additional
strength requirements of about 30 MPa for the Z-direction or thru-thickness tensile strength.

To be consider as potential hot section component material, the CMC systems have to display
the capability to retain a sufficient portion of their as-produced strengths under the projected
service conditions for the component. Table 5 below shows some limited 500 hours rupture
strength data of the CMC systems in table 4.

suem [ ASTON | s | Comp | s | NS | NASS | ash
500-hour Rupture Strength in X-direction, MPa

1100°C 150 145

1200°C =30 135 130

1315°C 110 -=100 100 =150 =150

1450°C <10 =70 =70
Refs [17] [18] [19.25] [20] [21] [22] [23]

Approximate Upper Use Temperature (UUT) for 500 Hot Hours and X-UTS > 100 MPa
1150°C 1320°C 1300°C 1300°C 1400°C 1400°C

Table 5: 500-hour rupture strength in X-direction[3a6r]|d upper use temperatures for the CMC
in Table 4

The upper use temperatures (UUT) range from ~ 1150 °C for the Ox/Ox CMC to ~ 1400 °C
for the Si-free NASA SiC/SiC MC systems. Thus all of these CMC systems are very
competitive with the best metallic superalloys that have densities about 3 times greater than
the CMC and can only provide 100 MPa for 500 hours at ~ 1100 °C. Because CMC rupture
behavior is typically controlled by thermally-activated creep mechanisms, UUT for longer or
shorter service lives can be crudely estimated by assuming an increase or decrease in table 5
UUT values of ~ 60 °C for every order of magnitude change in time from 500 hours. Thus,
UTT for the NASA N24A system could be expected to decrease to ~ 1240 °C for 5000-hour
hot-time component and to increase to ~ 1360 °C for 50-hour hot-time component.

Attempts to implement CMC systems in gas turbine engine applications have been on-going
for more than 20 years. Initial CMC systems were limited in performance due to thermally
unstable fibers (Nicalon and Nextel 610), interfacial coatings with poor environmental
resistance (carbon), and high porosity SiC matrices produced by CVI. However much
progress technologies included the availability of the Nextel 720 fiber, the Hi-Nicalon and
Hi-Nical Type S fibers, the Sylramic and Sylramic-iBN fibers, BN-based interfacial coatings,
low porosity Si-based matrices by melt infiltration, and silicon-free stoichiometric SiC
matrices. Nevertheless, other issues related to component producibility, design and
affordability still continue to limit the implementation of CMC in turbine engine applications.




The major problems of structural ceramics is their intrinsic brittleness. However, new
systems associating different ceramics have been studied and show some “plasticity” ¥,
Eutectic ceramics consist in a combination of 2 or 3 oxides : alumina or zirconia and complex
oxides such as perovskite ReAlO; and garnet Re3;AlsO;,, where Re is a rare earth element
(Re: Gd, Eu and Re: Y, Yb, Er, Dy respectively) P’ In the case of ternary systems, cubic
zirconia is added to improve fracture toughness. They exhibit a low density and have a
microstructure which consists in tortuous shape phases overlapping each other. The
mechanical properties of two phase eutectic ceramics are better than that of either constituent
alone, because of the strong constraining effects provided by the interlocking microstructure
381 In the domain of structural materials for very high temperature applications, the use of
directionally solidified eutectic oxides is envisaged for vanes, hollow non-cooled nozzles,
turbine blades and liner panels in the combustion chamber.

In 1998, Y. Waku ) mentions MGC (melt growth composite) material. It is a innovative
ceramic composite made by melting and unidirectional solidification of raw material oxides
using an eutectic reaction to precisely control the crystal growth. Unlike conventional powder
sintering method, which leads to impurity and amorphous phases forming at grain
boundaries, these microstructural factors are eliminated by precise control of the stable high
temperature microstructure.

Al,03/GdAIO; system MGC (figure 22) is composed by a <214> single-crystal Al,O3 with a
hexagonal structure and a <I111> single-crystal GdAlIOs phase with a perovskite structure,
thus referred to as GAP (gadolinium aluminium perovskite). In figure 22B, it can be seen the
configuration of the GAP phase alone (the Al,O3 phase has been removed by maintaining the
sample at 1650 °C in graphite powder for 2 h). The single crystal GAP has a continuously
connected porous structure of irregular shape °. M. Parlier and al. " specified that the
phases are perfectly similar in shape and size in sections parallel or perpendicular to the
growth direction, thus revealing the three-dimensional configuration of the microstructure.
The two phases interpenetrate without grain boundaries, pores or colonies. Similarly,
ALO3/Er;AlsO;; and AlO3/Y3AlsOjp, are composed by a single-crystal Al,Os; with a
hexagonal structure and a single-crystal Er;AlsO;, and Y3;AlsO;, respectively with a garnet
structure, thus referred to as EAG and YAG respectively. Ternary composites can be realized
by addition of zirconia ZrO; to increase fracture toughness. The cubic zirconia phase grows
essentially at the interface between the oxides and in the alumina phase.




Figure 22: SEM images showing the microstructure of a cross section perpendicular to
the solidification direction of the AI203/GAP system MGC material (a), and the
configuration of single crystal GAP (b) (391
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The thermal stability of microstructure and residual strength characteristics have been
evaluated for binary eutectic composites [*. After exposure for 500 h at 1700 °C,
ALLO3/YAG and Al,O3/GAP eutectic composites didn’t exhibit any microstructural change or
reduction in the residual flexural strength. Also, these MGC components show excellent mid-
term oxidation resistance and there’s no change in weight, shape and dimensions of
components after exposure in air at 1700 °C. Hot corrosion resistance has also been studied at
1700 °C in a 30 % moisture environment. No weight loss and no strength reduction were
observed, even after being exposed 10 h.




Fracture toughness is a critical technical issue for a practical application of eutectic
composites (*. First, there is a remarkable orientation dependency and a large scatter in
fracture toughness of AlLO3/YAG eutectic composites for every plane consider.
Fundamentally, the fracture toughness is lower for the YAG phase than for the Al,O; phase.
Fine interfaces have little influence on fracture toughness. The low fracture toughness is
predominantly controlled by the YAG phase in the microstructures. However, the mean value
of fracture toughness was approximately 1.3 times higher for the ternary eutectic when
compared to the binary eutectic. The room temperature fracture toughness of Al,O3/YAG
binary eutectic composite was found to range from 2.5 to 4 MPa.m"? and is quasi constant up
to 1700 °C. The temperature dependency of the fracture toughness of both single phases
offset each other which leads to a quasi-constant fracture toughness for the binary
Al O3/YAG eutectic composite up to 1700 °C.

The relationship between fatigue crack growth rate da/dN (a is the crack length and N the

fatigue cycle) and maximum stress intensity factor Kpyax is shown figure 24 for ALO3/YAG

eutectic composite %/,
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On the other hand, the relationship can’t be followed by Paris law in the L-C direction, and
da/dN is almost constant regardless of K,,x. In this case, fatigue crack growth is stopped at
the interface and then restarted after numerous fatigue cycle: fatigue crack growth is
discontinuous.




SiAIONs are ceramic alloys based on the elements silicon (Si), aluminum (Al), oxygen (O)
and nitrogen (N) !, They were developed in the 70s to solve the problem of silicon nitride
(Si3Ny4) being difficult to fabricate. In SiAION, there is substitution of Si by Al with
corresponding atomic replacement of N by O, to satistfy the valence requirements. The
resulting “solution” exhibit superior properties than the original pure solvent. The
fundamental structural unit of SizN, is SiNy tetrahedron, which is analogous to the SiO4
structural units in silicates. The Si-N bonds are short and very strong. This strong, rigid,
compact structure is responsible for many of the important properties of SizNy.

B-SiAION is based upon atomic arrangement existing in B-Si3N4. Up to 2/3 of the silicon in
B-Si3Ns can be replaced by Al without causing a change in structure. The chemical
replacement is one of changing Si-N bonds for Al-O bonds. The bond lengths are about the
same but Al-O bond strength is significantly higher than that of Si-N. In SiAION, the Al is
coordinated as AlO4 and not as AlOg as in alumina (Al,O3). Therefore, in f-SiAION the bond
strength is 50 % higher than in Al,O;. Thus SiAIONs intrinsically have better properties than
both SizN4 and Al,Os.

B-SiAION has the general formula Sis,Al,O,Ng, where z < 4.2 and requires a sintering
additive such as Yttria (Y,03), Magnesia (MgO) or a rare earth oxide to densify. As a solid
solution, the vapour pressure of f-SiAION is lower than that of Si3N4, which leads to a better
densification using normal sintering techniques and reduces decomposition at high
temperatures. Pressureless, gas pressuring (GPS), hot pressing (HP), hot isostatic pressing
(HIP) and spark plasma sintering (SPS) are the common sintering techniques used in the
production of SiAION ceramics.

For example, when sintered above 1700 °C with Yttria as sintering aid, elongated hexagonal
shaped B-SiAION grains are precipitated and grow in the oxynitride liquid phase formed from
the sintering additive. Subsequently, the liquid phase forms a refractory intergranular glass
during cooling. This material, with elongated B grains, is characterized by high strength and
toughness. Interestingly, it is possible through controlled processing to convert this
intergranular glass to Yttrium aluminum garnet (YAG) which is a refractory crystalline
phase. This gives to the material better high temperature properties and the material can
retain its strength at temperatures up to 1350 °C.

The B-SiAION composition Sisz-Al>-O,2-Ng (z = 2) was prepared from a mixture of Si3Ny,
AIN, AL,O3 and Y,03 doped with different amounts of Y,03 (respectively 5 and 3.5 wt.%).
Table 6 gives the mechanical properties (hardness and fracture toughness) of densified
samples sintered by various techniques.

Sintenng e hmigqus Somple Sintenng iempermine (O Pensity (% Frcture woughness (dMPam! 2) Hardness {HY 11

GPs Y5 1825 0.4 G404 142 =ik
yis 172% T 44403 165 L ih 1

Pressureless ¥4 18308 G £7+00 126 +0k16
V1§ 1775 i) 4 582007 1560

L1 Y5 1550% 100 574005 15807
Y35 1550 100 4B 005 6.7 £ (k5

Table 6: Density and mechanical properties of samples sintered by various sintering
techniques at different temperatures




In order to enhance the reliability of the material, the fracture resistance was increased by
fiber reinforcement. In 1996, Inoue et al. 1 incorporated unidirectionally oriented highly
heat resistive SiTiCO fibers (Lox-M type Tyranno fibre™) into P-SiAION ceramics. p-
SiAION properties strongly depends on the composition, that is the substitution ratio z
introduced earlier. Basically, the strength decreases and the oxidation resistance and
sinterability increase with increasing z value. A value of z =4 was selected here (Si;Al4O4Ny4)
as the sinterability is relatively high. However, a sintering temperature of 1700-1800 °C is
required, which is too high for the fibers that allow a maximum processing temperature of
1600 °C. Therefore, a sintering additive (3 wt.% Y,03) is used. The composite was fabricated
by the filament winding method, followed by hot-pressing.

The bulk density and open porosity measured by water immersion method are shown table 7.
In addition, the relative density of the composite, defined as the ratio of its bulk density to the
pore free density is calculated.

Bulk density Open porosity Relative dansity
(Mg fm?) (%) (%)
Manolithic SiAION 3.28 016
SIMCO fibre/SIAION 2.64 534 91.0

Table 7: Bulk density, open porosity and relative densit¥ of monolithic SiAION and SiTiCO
fibre/SiAION composite 42!

The very small amount of open porosity in the monolithic ceramic suggests a quasi-full
sintering. On the other hand, the open porosity of the composite is 9.34 %. It seems that the
fibers incorporation hindered the matrix sintering. Microstructural observation allowed to
described porosity. Pores exist in the places where the fibers gather closely, but the matrix
seems to be well densified and a single filament is sufficiently surrounded by the matrix.
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The fracture toughness and typical load-deflection curves of monolithic SiAION and the
SiTiCO(y composite are shown in figure 26.
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Figure 26: Fracture toughness and Load-deflection curves of monolithic SiAION and
SiTiCO(f)/SiAION composite measured by SENB method *%

Before the load reaches the maximum load point, the curve for the composite indicates a
deviation from the linear relationship. This departure from the elastic response means that the
crack has already propagated from the notch tip. Direct observation of the tests specimen
reveals that the delamination fracture starts from the notch tip, running parallel to the fiber
orientation direction. This delamination at the notch tip greatly reduces stress intensification.
At the maximum load point, the tensile fracture takes place but is arrested immediately by the
next fiber layer. In the later stage after this point, quite a lot of delamination and partial
tensile fracture occur simultaneously up to the final fracture.

Remarkable strength improvement from ambient temperature up to 1473 K is achieved by the
fiber reinforcement. The fracture behavior of the composite is non-brittle with quite a large
amount of energy consumption. Fracture toughness and fracture resistance are both improved
by the fiber incorporation. The composite is a tough and very damage tolerable material. It
also shows toughness against impact fracture %],

Demir et. al " *¥ studied the effect of heat treatment of Nicalon SiC short fibers to reinforce
B-SiAION (z = 1) ceramics. SiC-based fibers have a better resistance to oxidation than other
ceramic fibers. However, the tensile strength of Nicalon SiC fibers decreases dramatically
with significant weight loss as the temperature is raised beyond 1200 °C. Heat treatment in a
CO atmosphere offers an attractive route for obtaining carbon coatings on the fibers. Demir et
al. revealed that heat treated fibers within the -SiAION (z = 1) matrix eased the densification
by hot pressing and increased composite strength compared with as received continuous fiber
reinforcement. Combined with the oxide additive 2 % MgO, 7 % Y,03 and 8 % Sm;03, the
densification was the highest at low temperature (1550 °C) and strength and fracture
toughness values were the best (620 MPa, 13 MPa.m'? respectively) when compared to other
tested continuous fiber reinforced specimens.




Continuous fiber reinforcement provides higher strength along the fiber direction but across
the fiber direction gives poor mechanical properties. In order to avoid this and reduce costs,
short fiber reinforcement was needed to provide isotropic mechanical properties. 5, 10 and 15
vol.% of heat treated short fibers were added to the B-SiAION starting powders. The heat
treated fibers were chopped and mixed with B-SiAION (z = 1) starting powders and alcohol
and subsequently pressed to form green bodies. The short fiber containing green bodies were
uniaxially hot pressed within a graphite die at temperatures between 1550 and 1700 °C.

10 % CO heat-treated short fiber reinforced f3-
SiAION composite hot pressed at 1650 °C
exhibit a uniform fiber distribution and dense
matrix (figure 27). It is the most desirable
structure for CMCs as weak interface layer is
present to prevent catastrophic fracture like
monolithic ceramics. All desired properties
(maximum densification, uniform distribution,
weak interface and non-degraded fibers) have
been obtained at this temperature. When a load
is applied, a crack initiates and propagates up

B8 AN = ., to fiber/matrix interface. The crack is deflected
Figure 27: 10 % short fiber reinforced - at the weak interface and the load transfer to

SIAION compos'tfé ﬂ?]t pressed at 1650 gyq strong fiber : toughening effect is achieved.

Micro Vickers indentation hardness test and associated fracture toughness test were carried
out for both monolithic -SiAION and short fiber reinforced composites (figure 28).
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Figure 28: Micro-Hardness (A) and fracture toughness (B) of F-SiAION composites as a
consequence of short fibers rate [43

In general, fiber addition causes slight decrease in density but dramatic decrease in hardness
and moderate increase in fracture toughness. As a result of high pressure CO heat-treatment,
isotropic mechanical property improvements were provided for B-SiAION matrix composites
with the short fiber reinforcement. These isotropic CMC materials can be used as structural
parts for high temperature applications [*** 4.




In 1999, M.G. Hebsur *! pointed out the potential of MoSi, for high temperature
applications. Based on high temperature oxidation behavior, MoSi, is one of the few
intermetallics to have potential for further development for high temperature applications.
Since MoSi; is a silica former, it can withstand at least 200 °C higher temperatures (up to
1500 °C) than alumina formers (like NiAl).

However, MoSi, present critical drawbacks : brittle at low temperatures (figure 31),
inadequate creep resistance at high temperature (figure 30), subject to accelerated oxidation
at temperature between 450 and 550 °C (figure 35) and relatively high coefficient of thermal
expansion (CTE) when compared to that of potential reinforcing fibers such as SiCy, (figure
29) which would lead to serious cracking in the matrix during thermal cycling of such a
composite. Many research work have been conducted but an acceptable compromise between
material properties was hard to find.
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Si3Ny4 ceramics on their side show good thermo-mechanical properties at high temperature, an
acceptable oxidation resistance, low density of about 3.2 and a low expansion coefficient of
2.5.10° °C™". However, their toughness is insufficient and environmental barrier coatings are
neede%4}\/[08iz additions enable to improve those two points, as seen in the following tables 8
and 9 .

F l"x“::ll ;trmﬂ'h SiN, Si; ”::: ][[:I‘SI_ Fracture SEN SisN N oSis | SN MoSi:
.“' .5”:'3. 0 =0 toughness e 50050 3070
L Ld L ' VPam™
ar 1400°C | 730 720 { W 20°C . 3 % 5
at 20°C "“;”ré ! 260 509 at 1000 °C 6 7 10
10000 h at 1500°C | at 1200°C f g i2

Table 8: Mechanical properties

improvement on Si{ssf‘j]‘; by MoSi; addition Table 9: Toughness improvement on SisNg4

by MoSi, addition **




M.G. Hebsur ™ showed in previous work
that nitride  additions  substantially
increased compressive strength behavior at
all temperature. In figure 30, the results of
constant load compression creep tests at
1200 °C for MoSi-50Si3Ns  were
compared to that of monolithic MoSiy,
MoSi,-40SiC and a single crystal Ni base
superalloy.

MoSi,-50Si3Ns is almost 5 order of
magnitude stronger than binary MoSi, and
comparable to MoSi,-40SiC (figure 30).
The derived stress exponent (n = 5.3) and
the activation energy (Q = 520 kJ.mol™)
imply a diffusion controlled dislocation
mechanism.
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The fracture toughness of MoSi, and
MoSi,-SisNs  base  materials  were
measured on chevron notched four point
bend specimen. Figure 31 shows the
results for MoSi1,-Si3zNs base materials
depending on temperature and for SiC and
SisNgy  for comparison. At  room
temperature, fracture toughness was 5.2
MPa.v/m for both MoSi,-30Si3N, and
MoSi,-50S13N4 which is about twice the
value for monolithic MoSi,. Further
improvement of room temperature fracture
toughness can be achieved by either
microalloying MoSi, with elements like
Nb, Al and Mg or by growing randomly
oriented long whisker type B-SizN4 grains
(by proper choice of consolidation and
heat treatments). The latter proved to
increase room temperature  fracture
toughness by a factor 3.




To further increase the materials properties of MoSi,-Si3N4 base materials, SiC fibers were
used for reinforcement ). A mixture of commercially available MoSi2 and 30-50 vol.% of
Si3N4 powders were mechanically alloyed by attrition milling. Composite plates of various
thickness consisting of 6, 12 or 56 plies of 30 vol.% SCS-6 fibers having 0, 0/90 and 90
orientations in a MoSi,-Si3Ns matrix were prepared by powder cloth technique and
consolidated by vacuum hot pressing followed by hot isostatic pressing (HIP) to achieve full
density.

Figure 32 shows the load versus time plot for SCS-6/Mo0Si,-Si3N4 composite from chevron
notched four point bend specimens. It is also shown the behavior of the single matrix MoSi,-
Si3N4 for information. The room temperature tensile nominal stress-strain curve for SCS-
6/MoSi,-Si3Ny is shown figure 33. In figure 32, the composite specimen did not break even
after 2 hours. The apparent critical stress intensity factor K, calculated from the maximum
load data was greater than 35 MPa.v/m, which is 7 times tougher than the monolithic
material. The toughness of the hybrid composite also increased with temperature reaching as
high as 65 MPa.+/m at 1400 °C in argon atmosphere. The stress-strain curve in figure 33
indicates a composite-like behavior with three distinct regions. First, an initial linear region is
observed. Then, a non-linear region due to cracking in the matrix normal to the loading
direction. Finally, a second linear region controlled by fiber bundle strength.
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High temperature tensile tests were
performed in air at temperature up to 1400
°C. This is believed to be an advantage
over CMC’s which exhibit matrix
cracking at all temperatures. Figure 34
shows the temperature dependence of
ultimate tensile strength of SCS-6/MoSi,-
50Si3Nys  compared to  competitive
materials (single crystal PWA1480 and
reaction bonded silicon nitride SCS-
6/RBSN). PWA 1480 exhibits higher
tensile strength than both MoSi, base and
RBSN base composites between room
temperature and 1000 °C. However, the
density of PWA 1480 is almost three
times higher than that of both composites,
and hence is at a disadvantage on a
specific strength basis. Not shown in
figure 34, typical two-dimensional woven
SiC/SiC composites exhibit much lower
strengths (= 200 MPa) between room
temperature and 1200°C. However,
SiC/SiC composites retain their strengths
beyond 1200°C.
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Cyclic oxidation tests of 55 min heating + 5 min cooling were conducted in air at 500 °C, the
critical temperature for maximum accelerated oxidation of MoSi,. Figure 35 shows the
specific weight gain versus the number of cycles at 500 °C. Cyclic oxidation tests at a higher
temperature of 1250 °C were also conducted and the results are presented figure 36.
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Figure 35: Oxidation behavior of MoSiz-base
materials cyclically c?z(si]dized at 500 °C in air
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At 500 °C, the beneficial effect of SizN4 addition is obvious and both MoSi,-30Si3N4 and
MoSi,-50Si3N4 exhibit a very little weight gain indicating the absence of accelerated
oxidation (figure 35). Similar conditions were used to study the behavior of hybrid
composites. Results on SCS-6/MoSi, and SCS-6/MoSi,-Si3N4 composites were outstanding.
SCS-6/MoSi, specimen, which had matrix cracks, was completely disintegrated into powder
within 24 cycles, while SCS-6/MoSi,-Si3Ny4 specimen was intact even after 200 cycles.

At 1250 °C, MoSi,-50Si3Ny4 exhibited superior oxidation resistance than MoSi, alone (figure
36). The specific weight gain of MoSi,-50SisN4 was less than 1 mg.cm™ in 1000 h, almost
comparable to CVD SiC (considered the best SiO, former). The composite initially lost
weight due to oxidation of carbon on SCS-6 fibers (figure 36). This was followed by steady
weight gain, less than 2 mg.cm™ in 1000 h. X-ray diffraction on the surface of MoSi,-50Si;Ny
and SCS-6/MoSi,-50Si3N4 indicated strong peaks of a-cristobalite, which is a crystalline
form of SiO; and a protective oxide (451,

2. TiAl alloys for high temperature structural applications

TiAl-based alloys have been studied for about half a century as an alternative material to
brittle ceramics and heavy Ni-based superalloys for high temperature applications. In
particular, it would be of a great benefit to reduce the weight of rotating parts that work at
rather high temperatures [*¢¢% .

T. Tetsui in 1999 wrote °*): “The high-temperature properties of TiAl are not as good as for
ceramics or Ni-based superalloys, while toughness, cost and manufacturing capability (e.g.
for large castings) are substantially inferior to those of heat-resistant steels and Ni-based
superalloys. Thus, lightness is the only merit of TiAl compared with ordinary metallic
materials. This suggests that the most suitable applications for TiAl are small components
where weight reduction is accompanied by obvious advantages in terms of the equipment
being considered, and/or TiAl is preferable to ceramics for some particular reason. In
addition, the applicable temperature range is the same or lower than for Ni-based
conventional cast superalloys, but at temperatures below 500 °C, where light weight Ti alloys
could be used, there is no particular merit associated with the use of TiAlL "~

It is therefore suggested that TiAl-based alloys most suitable applications are reciprocating or
rotating high-temperature structural components %% 3457 3% 6368 “The primary property
required for materials for rotating structural parts is endurance against centrifugal stress
generated during rotation. Since the centrifugal stress is proportional to specific gravity,
specific strength is an appropriate measure. And TiAl alloys with an appropriate composition
and microstructure have shown outstanding specific strength when compared to current
superalloys in the temperature range considered (figure 37). Therefore, a significant weight
reduction could be achieved by replacing rotating parts traditionally in superalloys by TiAl-
based intermetallics. Furthermore, also the supporting disks could be lightened since the
applied stress would be lower.
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summarized the properties that make TiAl alloys of interest, displayed in figure 38:

TiAl-based slloy

- Alloy Steel

Ni-based superulioy

Temperature. “C

Figure 38: Specific properties that make TiAl-based alloys of interest when compared to
alloy steel, Ti alloys and Ni-based superalloys (571




From figure 38, the specific 1000h rupture strength, the specific modulus and the specific
strength are higher for TiAl-based alloys than Ni-based superalloys. However, the room
temperature ductility is poor and is typically about 1 % for TiAl-based alloys. This low
ductility is critical for application of TiAl-based alloys as structural components. The
minimum value of 1 % ductility is often required ** °% >*°") Thereby, a good compromise
between room temperature ductility and other mechanical properties is, as usual, to find.

Finally, a good oxidation resistance is fundamental. TiAl-based alloys suffer from severe
oxidation above 800 °C [% 33 35.36.67.70-77]

The mechanical properties of TiAl alloys are very sensitive to microstructural morphology.
The microstructure of TiAl-based alloys is determined by the process (castings, hot-worked,
PM), the temperature (heat treatment, HIP) and the chemical composition. Basically, the
microstructure of the dual-phase titanium aluminides can be broadly classified into four types
: near-gamma (NG), duplex, nearly-lamellar (NL) and fully-lamellar (FL). Figure 39 displays
the effect of microstructural morphology on mechanical properties of y-TiAl alloys. A
schematic drawing of the different microstructure types was inserted in figure 39. The duplex
microstructure exhibits good room temperature ductility and strength, but for high
temperature properties such as creep and fatigue resistance, a fully lamellar microstructure is
desirable [*% 2% 335775 7882] ‘The Jow room temperature ductility and strength of fully lamellar
microstructure is mainly due to its coarse grains. By decreasing the grain size in lamellar
structures, the ductility and strength are expected to increase.
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Figure 39: Dependence of mechanical properties such as fracture toughness, strength,
elongation, impact resistance (IR), creep resistance (CR), and grain size on the
microstructure type (Near Gamma, Duplex, Fully Lamellar) *"




Many different processing routes were developed over the years to produce TiAl parts.
Investment casting, ingot metallurgy and powder metallurgy are popular techniques used to
produce TiAl parts. One of the major drawbacks of TiAl compared to Ni-based superalloys is
its production costs, largely due to the difficulty of processing materials with fairly low

duCtlhty [48, 50, 55, 57,77, 83].

Ingot metallurgy and casting involve the production of TiAl ingots and castings by skull
melting. The resulting materials often suffers of chemical inhomogeneity and segregation and
exhibit large columnar grains. However, improvements in chemical homogeneity and
microstructure refinement can be achieved. Furthermore, such TiAl parts often need costly
post-processing to satisfy the required properties % >* 33333 For example, extrusion, forge,
Hot Isostatic Pressing (HIP), ageing treatments etc. Finally, such processing routes often
requires the formation of the B-phase which allows a certain workability although preferably

avoided for the benefit of creep strength [**-°>°777],

Powder metallurgy offers the potential of minimizing many of the problems associated to the
production of TiAl parts [*”**. A gas-atomized pre-alloyed powder is usually used. However,
during atomization the liquid metal interacts with the inert gas environment (argon Ar or
helium He) leading to entrapment of gas within the particles creating spherical pores 3% ¢
7> 84861 - Anyway, powder metallurgy routes offer interesting insights. In particular, the
production of near-net-shape parts with good properties at good productivity and waste
reduction.

Over the years, many research have tend to optimize the chemistry of TiAl-based alloys [**.
The chemical composition has a strong influence on material properties. First generations of
alloys containing (45-50) at.% of Al were developed to give birth to the so-called y-TiAl. The
aluminum content have a significant effect on ductility. The graphs in figure 40 show the
influence of aluminum content on room temperature ductility and yield strength in the case of
Ti-xAl-2Cr-2Nb alloys *”). The highest levels of ductility are reached for an aluminum
content around 47-48 at.%. Figure 40 should be seen as a trend since the addition of alloying
elements (in particular Cr) and the microstructure play an important role on strength and
ductility values. First generation alloys for engineering purpose with a composition Ti-48Al-
1V-(0.1-0.3)C were developed on the base of ductility and creep resistance. However, they
exhibited poor properties with regards to the requirements of gas turbines structural parts.
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Figure 40: Influence of the Al content on strengt?wa}nd ductility in the case of Ti-xAl-2Cr-
2Nb alloys




A second generation of y-TiAl alloys contained a substantial amount of alloying elements.
Alloying with chromium up to 2 at% was found to increase significantly the ductility of the
material, while refractory elements addition like niobium or molybdenum was beneficial for
high temperature properties such as creep and oxidation resistance. In particular, a Ti-48Al-
2Cr-2Nb alloy was developed by General Electric Company and demonstrated a relatively
good balance of properties up to 750 °C 2848 61.75.86]

Finally, alloying with higher amounts of refractory elements such as Nb, Ta or Mo up to 10
at.% led to the development of high temperature 31 generation y-TiAl 2 48 0. 57 6. 88] 1y
general, the total amount of alloying elements should be < 10 at.% otherwise the material’s
density becomes substantially higher. Wu 7 suggested that all alloys are limited by low
ductility and that a base composition of Ti-(45-46)Al-(4-8)Nb with minor additions offers the
best properties.

Wereley et al. % in 2012 described the state of the art of y-TiAl with outstanding high
temperature mechanical properties. The four alloys identified are listed in table 10 with their
composition and major strengths, as described in the article.

Alloy name Composition (at.%) Alloy strengths
General Electric, USA. Ti-48 Al-2Cr-2Nb Ductlhty,. fragture tgughness
48-2-2 and oxidation resistance
. High temperature strength,
Plasee, Austria. Ti-45A1-(5-10)Nb creep, fatigue and oxidation
v-MET -
resistance
High temperature strength,
LG TGS ILE GLES LBV Ti-(45-47)Al-10Nb creep and oxidation
TNB Alloy -
resistance
Martin Marietta Laboratories, Ductility, high temperature
USA. Ti-45A1-2Mn-2Nb-0.8B  strength, stiffness, creep and
XD™ TiAl oxidation resistance

Table 10: TiAl state-of-the-art alloys "

In 2007, the General Electric’s cast Ti-48 Al-2Cr-2Nb alloy passed the FAR33 certification
for GEnx engines for medium-capacity, long-range aircrafts (Boeing 787 and 747-8). TiAl
turbine blades were introduced in the last two stages of the low pressure turbine of the GEnx
engine. This is the greatest breakthrough in the TiAl industry regarding aerospace so far. As
of June 2013, there are 274 GEnx engines in service !'* %% 811

As successor to the CFM56 family, the LEAP engine is being developed by GE and
SNECMA. It was also introduced TiAl alloys for the last stage of the low pressure turbine
blades as a breakthrough in materials technology '*""***-°2 The engine will begin flight tests
in 2014, leading to engine certification in 2015 and entry into commercial service in 2016.
The LEAP family was chosen to power the A320neo, B737MAX and the Chinese
COMAC919.
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Basically, alloying elements have two
general effects. The first is to shift the phase
boundaries in the phase diagram 7). Figure
41 shows the effect of some alloying
elements on phase transition boundaries.
The arrows indicate the sense of movement
of the phase boundaries for ternary alloying
additions with the length of the arrow
indicating the potency of each element. The
revisited phase diagram of TiAI-8Nb is
displayed later in figure 90 in the section
I111.2.B of Part II.

w 4 P » 3 “ On the other hand, alloying elements modify
Figure 41: Section of t’I’;I:IT.iAI phase diagram the microstructure and properties of TiAl-

showing the effect of alloying elements on based alloys.
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The effects of alloying elements on TiAl-based alloys properties have been widely reported
and are presented in table 11 below [#8 30-3% 5457, 63-67. 74, 75, 77, 83, 86, 88, 93-95] " it is not

exhaustive, but represent a valuable screening for chemical composition statements.

Element Optimal content (at.%) Effects
Aluminum (Al) 46 - 48 Insures the highest room temperature ductility
Improves room temperature ductility and
Chromium (Cr) 1.2-2 corrosion resistance

(B-stabilizer)
Improves oxidation resistance, creep resistance,

Niobium (Nb) 6-8 high-temperature strength and erosion resistance
(B-stabilizer)
Silicon (Si) 0304 Improves creep st.rength and oxidation
resistance
Increases internal friction and improves
Nickel (Ni) 0.5_12 resonance resistance

Improves oxidation resistance
(B-stabilizer)
Increase oxidation resistance

Yttrium (Y) 0.1-0.3 QGrain size reduction
Reduces ductility
Tungsten (W) 05 Increase oxidation and creep resistance

Grain size reduction
Improves high temperatures tensile strength and
ductility
Vanadium (V) 0.5-1.1 Improves castability
Grain size reduction
(B-stabilizer)
Grain size reduction
ENTOIL (8 ol Increases room temperature ductility




Increase oxidation resistance
(B-stabilizer)
Increase oxidation resistance
(B-stabilizer)
Improves creep and oxidation resistance
Tantalium (Ta) Tendency for hot cracking
(B-stabilizer)

Improves creep and oxidation resistance
Improves high temperature strength
Grain size reduction
(B-stabilizer)

Improves creep resistance
Iron (Fe) 04-0.8 Grain size reduction

(B-stabilizer)

Zirconium (Zr) 0.2

Hafnium (Hf) 0.2

Molybdenum (Mo) 04-0.8

0.05-0.12

Carbon (C) (WE.%)

Increase creep and oxidation resistance

Grain size reduction
Manganese (Mn) 02-4 Improves ductility
(B-stabilizer)

Increase Creep resistance
Lrnlien, Lo (B-stabilizer)

Table 11: Effect of alloying element addition to y-TiAl alloys

The chemical composition must be set according to the requisites of the parts. In the case of
gas turbine components, efforts focus on integrity, ductility, optimized oxidation resistance,
high temperature strength and creep. In addition, the EBM process does not particularly
require specific additions. For example, addition of boron is often preferred to reduce the
grain size of cast materials. B-stabilizer elements addition is usually necessary for wrought
alloys to improve hot workability. The EBM process allowed to optimize the chemical
composition towards the best set of material’s properties with no regards to the
processability.

In this study, the chemical composition was set in the scope of producing high temperature
3" generation y-TiAl by EBM for low pressure turbine blades in gas turbine engines. The
alloys should thus possess a minimum ductility of 1%, a minimum fracture toughness of
about 15 MPa.v/m, comparable specific strength and creep resistance than typical Ni-based
superalloys for such applications, enhanced properties with respect to 2" generation y-TiAl
alloys, and good reliability. The following composition was therefore suggested:

e Aluminum (Al): 46 to 48 at.% to insure good oxidation resistance and room
temperature ductility.

e Chromium (Cr): 1.5 to 2 at.% to insure good room temperature ductility and
corrosion resistance at medium temperature.

e Niobium (Nb): 7 to 8 at.% to insure good creep, high temperature strength, oxidation
resistance and erosion resistance.

e Balance of titanium (Ti) and inevitable impurities.




Generally, the common properties of 1% and 2™ generation y-TiAl alloys are summarized in
table 12 [*% 796971 The variations depend on alloy composition, alloying elements nature
and content, microstructure and manufacturing process.

Structure L1¢/D04o
Density 3.7-4.0 g/cm’
Young’s modulus at Room Temperature 160-180 GPa
Yield strength at Room Temperature 400-650 MPa
Tensile strength at Room Temperature 450-800 MPa
Temperature limit due to creep 900-1000 °C
Temperature limit due to oxidation 900 °C
Tensile strain to fracture at room
1-4 %
temperature
Tensile strain to fracture at high 10-60 %
temperature
Fracture toughness Kj, at room 10-20 MPayim
temperature
Thermal conductivity 22 W.m' K

Table 12: General properties of 1st and 2nd generation y-TiAl alloys

The mechanical properties of y-TiAl alloys are strongly sensitive to both alloy composition
and microstructure. It is therefore difficult to accurately review the mechanical properties of
such material from the literature. The core of the present thesis is the production by EBM, the
characterization of the massive materials and the microstructural set-up through heat
treatment of 3™ generation Y-TiAl alloys. The effect of the microstructure was thus
highlighted.

a. Tensile properties

The tensile properties of different TiAl-based alloys at room temperature have been studied.
The tensile strength of a cast 8.5Nb-TiAl-based alloy (Ti-45A1-8.5Nb-0.3W-0.3B-0.05Y,
named as TAWBY) are displayed in table 13 ™. On the one hand, a fully lamellar
microstructure was set by annealing treatment in the a single-phase field at 1310°C for 30
min. On the other hand, a duplex microstructure was set by annealing in the (o+y) phase field
at 1250°C for 1h. The UTS of the alloy with a duplex microstructure was about 250 MPa
higher compared to the FL alloy, which emphasized the important role of microstructure
(table 13).




Alloy and microstructure Temperature and properties

RT

UTS. YIS, 0. %

MPa MPa
Ti—46A1-5Nb-1W FL 518 476 0.35
Ti1—48A1-8WNb-1B FL 699 569 0.61
Ti—44Al-4Nb—-47r—-1B FL 665 650 0.2
TAWBY FL 532 -- 0.5

DP 789 — 0.8

Table 13: Tensile strength of TAWBY (Ti-45A1-8.5Nb-0.3W-0.3B-0.05Y) alloys at room
temperature compared to other fully lamellar high Nb containing TiAl alloys (82)

The tensile properties of other high Nb containing alloys at room temperature are also
displayed in table 13 for comparison. One can note the low ductility at room temperature of
all of the alloys. Alloys containing high amount boron, used for grain size refinement (table
11), exhibited rather high tensile strength but ductility was still very low.

TiAl alloys usually exhibit a low ductility at room temperature. Alloying elements addition
and in particular chromium improves ductility 143 >% 607598991 ‘Figyre 42 shows the evolution
of tensile ductility as a function of Cr content for Ti-48Al based alloys, where the maximum
was found for addition of 2 at.%.
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Figure 42: Tensile ductility at room temperature as a function of Cr content in Ti-48Al-xCr
alloys




The microstructure and in particular the grain size of y-TiAl alloys has a great influence on
their ductility. The finer grain size of duplex microstructures is preferred for ductility.
Basically, the ductility of gamma alloys decreases when the grain size increases. The ductility
at room temperature of two-phase TiAl alloys (Ti-(46-48)Al-3(Cr,Mn,V)-(2-3)Nb-(0-
1)(W,Hf,Mo)) with different microstructures is plot figure 43 as a function of grain size .
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Figure 43: : The total strain to fracture values are plotted against grain size for both
duplex and lamellar TiAl alloys (Ti-(46-48)Al-3(Cr,Mn,V)-(2-3)Nb-(0-1)(W,Hf,Mo)) 2%

The strength levels at room temperature in
the rolling direction of an annealed sheet
material Ti-46A1-9Nb showing an equiaxed
near-gamma microstructure (NG) was
found even higher **!. The tested material
showed a yield strength of 754 MPa and an
ultimate tensile strength of 881 MPa. The
stress-strain curve is displayed in the
opposite figure 44.
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The effect of microstructure on tensile properties at ambient temperature of six alloys with a
lower content of Nb was investigated ["®. The processing routes and chemical compositions
were significantly different. The results of the tensile tests are displayed in table 14. The
lowest strength levels were found for the forged MD Ti-47A1-2Nb-2Cr-0.2B with a highly
equiaxed microstructure. On the other hand, the fine fully lamellar microstructure of Ti-47Al-
2Cr-2Nb prepared by PM techniques led to outstanding strength levels and 1 % ductility.
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Table 14: Microstructural features and tensile properties at room temperature of some y-
TiAl alloys %%

The effect of the microstructural features in table 14 is more confused. Despite very different
microstructures, the cast G7 Ti-47.3A1-2.3Nb-1.5Cr-0.4V alloys exhibited similar strength,
although the quasi-equiaxed microstructure showed higher UTS and ductility as expected.
However, the forged MD Ti-47A1-2Nb-2Cr-0.2B alloys exhibited the opposite behavior. It
emphasized the important role of the processing route and the chemical composition on the
tensile properties of y-TiAl alloys. The lowest ductility was found for the Cr-free XD Ti-
47.7A1-2Nb-0.8Mn alloy.

The tensile properties of the alloys in table 13 were investigated at higher temperatures *%.
Table 15 shows the properties at 700, 760, 800 and 870 °C of the TAWBY alloys and other
high Nb containing TiAl alloys. From table 15, it appears that lamellar microstructures
retained strength levels up to higher temperatures when compared to duplex microstructures.

Alloy and microstructure Temperature and properties
700 °C 760 °C 800°C 870°C

UTS. YTS. 6 % UTS. YTS. 8% TUTS. YTS. 6. % UTS. YTS., 6. %
MPa MPa MPa MPa MPa MPa MPa MPa

Ti—46A1-5Nb—-1W FL 471 416 0.49

Ti—48A1-8Nb-1B FL. 641 506 10.80

Ti—44A1-4Nb—-47Zr—1B FL 627 563 0.44

K5 FL 502 375 33 485 362 12
DP 468 345 400

Ti—47Al-2Nb-2Cr—4Ta DP 495 363 233 403 334 146

TAWBY FL 535 435 3.0 590 460 31 480 335 22
Dp 520 410 38 540 410 8.6 405 285 46

Table 15: Tensile strength of TAWBY (Ti-45A1-8.5Nb-0.3W-0.3B-0.05Y) alloys at high
temperatures compared to other y-TiAl alloys %2




The tensile stress vs. strain curves at different temperatures of the equiaxed NG Ti-46A1-9Nb
sheet material are plotted in figure 45. The numerical values of yield and ultimate tensile
strengths are displayed table 16 "),
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Figure 45 : Tensile flow behavior of Ti-
46AI1-9Nb sheet material which shows a

Table 16: Mechanical properties of Ti-46Al-
9Nb sheet material as obtained from tensile
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Figure 46: Tensile strength (circles) and yield strength (triangles) as a function of
temperature, obtained from primary annealed Ti-46Al-9Nb sheets with NG microstructure
in the rolling direction (open symbols) and transverse to the rolling direction (closed
symbols) (851

The equiaxed microstructure of the Ti-46Al-9Nb alloys showed high levels of strength up to
about 750 °C. At higher temperatures though, the strength decreased drastically. In figure 46,
the dependence of strength over temperature was highlighted . Without symbols, the yield
strength for a conventional y-TiAl alloy sheet is shown.




Finally, the tensile properties of an isothermally forged Ti-50Al-7.5Nb sample with a near-
gamma (NG) structure is shown figure 47 '], The strength levels were significantly lower
than that of the previous materials.
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Figure 47: Tensile strengths of isothermally forged Ti-50Al-7.5Nb showing a near-gamma
(NG) microstructure at various temperature [102]
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The microstructure morphology (DP or FL) has a great influence on tensile properties but
substantial variations are also attributed to actual grains morphology such as grains size and
lamellar spacing. The effect of the microstructural features was studied for a wrought TiAl
alloy (Ti-(46-48)Al-3(Cr,Mn,V)-(2-3)Nb-(0-1)(W,Hf,Mo)) *). Different duplex and lamellar
structures were produced through specific annealing treatments and processing routes. The
results of tensile tests for duplex and lamellar microstructures with different grain size are
shown figure 48. Figure 49 shows the effects of grain size and lamellar spacing on yield
strength.
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Logically, the strength increases when the mean grain size decreases for both microstructural
forms. The relationship between the yield strength and the grains size was found to satisfy the
Hall-Petch relationship:

oy = 0o+ kyd—1/2 [80]

Where op and k, are material’s constants and d is the mean grain size.

The effect of lamellar spacing on yield strength was also substantial (figure 49). Both the
Hall-Petch constant and the intrinsic strength (op) increase when the lamellar spacing
decreases.

b. Creep properties

A good creep resistance is very important for high temperature structural applications. The
specific creep resistance of y-TiAl alloys should be at least similar to that of Ni-based
superalloys in current use. Most of TiAl alloys do not satisfy these conditions at temperatures
over 700 °C. Niobium addition enhances significantly the creep properties of y-TiAl alloys
[48. 9. 60. 75, 79, 81, 96-98. 103] 1t is found to increase the activation energy and, thus, slows down
diffusion. Thus, the stress required to initiate dislocation glide and twinning is higher.

As for the tensile properties, creep properties are also very sensitive to microstructure. In
general, the small grain size of NG and DP alloys is detrimental to creep resistance because
of grain boundary sliding *°’.
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Figure 50 : A comparison of the creep curves of
the three typical microstructures in y-based
alloys [97

50 compares the creep curves of the
three typical microstructures in y-based
alloys 7).




The effect of the microstructural form on the creep response of a TNB sheet material (Ti-
46A1-9ND alloys) at 700°C under 225 MPa is shown in figures 51 and 52 "%,

oooR —7"MmM
225MPa ! T00°C
- Near Gamma (NG) -
£ 0004
&
0002
' i B
E=1-l20 10 75
0.0o0
(1] 20 4 L] B0 100

Time [m]
Figure 51 : Creep property of TNB (Ti-
46AI1-9Nb) sheets with NG
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Figure 52 : Creep behavior of TNB (Ti-46Al-9Nb)
sheet materials with a fine-FL microstructure.
The mean lamellar spacing is 110 nm % 27 for (1)

and 170 nm % 43 for (2) "

The lamellar material shows a better creep behavior than the fine-grained near-gamma (NG)
material. The creep rate of the fine-FL (the mean lamellar spacing was ~ 110nm for (1) and ~
170nm for (2)) was about 10 times smaller than that of the NG microstructure. The effect of
the lamellar grain feature such as lamellar spacing is highlighted in figure 52. The smaller the
lamellar spacing, the smaller the creep rate.

Fully lamellar TNB (Ti-46AI-9NDb) sheets with different lamellar spacing were prepared by
heat treatment with different cooling rate "”). The higher the cooling rate, the smaller the
lamellar spacing. In figure 53, the short-time creep curves for FL specimens with a mean
lamellar spacing of 470nm, 170nm and 110nm are shown. Tests have been realized at
150MPa / 800°C (open symbols) or 225MPa / 700°C (full symbols). Figure 54 shows the
creep tests results for long-time exposure at 150MPa / 800°C of the three fully lamellar

materials.
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Figure 53 : Creep behavior of fully lamellar

Figure 54 : Section of the long-term creep
experiment behavior of Ti-46AI-9Nb sheet

Ti—46Al-9Nb sheet material with different
lamellar spacing: FL110 (1,3); FL170 (2,4);
FL470 (5) in nanometer ["°!

material with different lamellar spacing at
800°C after second stress change (125-150
MPa) [’




The creep behavior was found quite sensitive to the lamellar spacing of the lamellar grains: a
reduction of the average lamellar spacing decreases both the primary and secondary creep
rates.

The creep resistance of a high Nb containing nearly lamellar
material (Ti-45A1-10Nb) was studied %!, Ti-45A1-10Nb had been
annealed at 1300 °C for 15 minutes followed by controlled
furnace cooling after thermo-mechanical processing. This led to a
lamellar volume fraction of about 80% and a fine lamellar colony
mean size of about 40um. The presence of equiaxed y grains
along lamellar colony boundaries generally decreases the creep
resistance of TiAl-base alloys. Nevertheless, the minimum creep
rates of Ti-45A1-10Nb and other y-TiAl alloys were compared

I
(table 17). The alloy B (with a very fine lamellar spacing) and C  Figure 55: Back-scattered
are highly creep-resistant TiAl-base alloys, wrought and cast electron micrograph of the

microstructure of Ti-45Al-

respectlvely. 10Nb prior“tocglcreep test
Allov Stress (MPa) Microstructure Minimum creep rate (1 s~ ')
A Ti-45A1-10Nb 207 L+ 20% (y+w) 6x 107
B Ti-47AL-2Nb-2Cr 207 Fully-lamellar 4x10-"°
C Ti-48A1-2W-0.55i 225 Nearly-lamellar 46107
D Ti-47AL-2Nb-2Cr 207 L+ 20% v I4x10°®

Table 17: Comparison of the minimum creep rates of TiAl-base alloys at 760°C "%

The minimum creep rate of the 10Nb alloy (A) was comparable to that of alloys B and C
even though it showed a relatively large amount of equiaxed y grains. It was attributed to the
addition of Nb that greatly improved creep resistance. Compared to the alloy D with a similar
nearly-lamellar microstructure, the minimum creep rate of Ti—45A1-10Nb was much lower.
Studies suggested that the rate-limiting process for creep deformation of TiAl-base alloys
varied from climb/recovery controlled process at low stresses to viscous glide controlled
process at high stress regime. The transition stress between recovery-controlled regime to
glide-controlled regime depends on the internal stress required to initiate dislocation glide.
High Nb alloying in y phase was found to increase the critical resolved shear stress (CRSS)
for dislocation glide. Furthermore, the dislocation climb rate may also be reduced due to the
low diffusivity of Nb solute and the lower stacking fault energy in high Nb containing alloys.
It explains the good creep properties of the nearly lamellar Ti-45A1-10Nb despite the fine
grain size and substantial amount of equiaxed grains.




c. Toughness and crack growth resistance

The fatigue crack growth behavior of y-TiAl alloys is critical for structural applications in gas
turbine engines. The fatigue crack growth y-TiAl alloys having different microstructures were
studied early in 1996 ", The fatigue crack growth rate decreased when the amount of
lamellar phase increased. Equiaxed microstructures exhibited the highest crack growth while
fully lamellar materials the lowest. In fact, the presence of hard a, together with soft y phases
in the lamellar grains result in a high resistance to crack propagation. It was observed that the
crack growth occurred by microcrack nucleation, growth and coalescence, similar to ceramic

materials. Figure 56 shows the schematic model of the fatigue crack growth process as
concluded from the study.
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Figure 56: Schematic model of the fatigue crack growth process [’

Increase in number of
loading cycles

Microcracks nucleated near the crack tip and coalesced during cyclic loading. At the same
time, new microcracks initiate ahead of the crack. During the repetition of this process,
unbroken and bridging elements were formed in the crack wake, which induced a stress
shielding effect. Contacts between crack surfaces due to crack path deflection (especially
micro-tortuous crack path) induced crack closure. The study concluded that the lamellar
microstructure exhibited high crack growth resistance compared with the duplex and
equiaxed microstructures. However, the crack growth behavior of the lamellar microstructure
materials was found to depend on the orientation of the lamellar lath to the crack plane /'Y,
When the crack tip encountered grains containing lamellar laths at an angle to the crack
plane, a high resistance to the crack growth was offered. Though, when the crack tip

encountered lamellar grains containing laths parallel to the crack plane, the crack propagated
along the weak interfaces.




The fracture toughness at room temperature of the TAWBY alloys (Ti-45A1-8.5Nb-0.3W-
0.3B-0.05Y) were studied . Table 18 shows the value of fracture toughness for the lamellar
and the duplex microstructures. The fracture toughness of the alloy with a fully lamellar
microstructure was greater than that of the DP alloy.

Microstructures
FL DP
K. MPa-m'~ 16 10

Table 18: Fracture toughness of TAWBY alloy at room temperature for fully lamellar (FL)
and duplex (DP) microstructures (82

The fracture toughness of the six alloys of table 14 was studied at room temperature ['** 1%,

The values of toughness are displayed in table 19, on which the microstructural features were
again detailed. A range in the fracture toughness values indicated R-curve behavior. The first
value corresponds to the crack-initiation toughness, K;. The second value corresponds to the
steady-state toughness or maximum measured crack-growth resistance, K.
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MDD duplex/ O 7
TidTAI-2Nb-2Cr-0.2B et L
% el
'1':l.'.:rfri.1.]|d.:mr:;1l1|:j:.[-, <5 pet 63 pm -1 pm e
G7 course lamellar 8§ ar ) !
Ti-d47.3A1-2 3Nb-1,5Cr-0.4V <5 pot | 10 2 mm 10 to 40 gem 18 to 39
G7 duplex/ 90 1o 95 pet : 15 to 30 pm il

Ti-47.3A01-2.3Nb- 1. 5Cr-0. 4V
Table 19: Fracture toughness at room temperature and microstructural features of some
y-TiAl alloys %
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Regarding the fracture toughness of y-TiAl
alloys, coarse lamellar microstructures are
generally superior to duplex and equiaxed
microstructures. Figure 57 displays the
Kgr(Aa) resistance R-curves for the
different materials of table 19. It
characterizes the fracture toughness

< PM Lamellar

CRACH-GROWTH RESISTANCE, Kz (MPavm)
=

@ *
behavior in terms of monotonic crack- W ‘\“x; N&a:l T T
growth resistance (Kz) as a function of L 5 g ! i3
crack extension (Aa) using fatigue g o =]
precracked compact-tension specimens. i Single-phass 1 ~
Clearly from table 19 and figure 54, the B =]
fracture toughness behavior of the lamellar e
materials was better. Furthermore, the CRACK EXTENSION, Aa (mm)
coarser the grain size, the higher the crack Figure 57: Monotonic fracture toughness
growth resistance [100, 105]' behavior in thecf::\t;r;:f K?(Aa) resistance

The initiation toughness in lamellar structures is improved compared to that in duplex and
single phase vy structures thanks to the presence of uncracked ligament bridging in the crack
wake, which acts to shield the crack tip from the far-field loading. The presence of equiaxed y
grains is found to be detrimental for toughness and particularly for bridge formation. In
general, the presence of the equiaxed y phase lowers both the initiation and R-curve
toughness. This can be clearly seen in figure 58, where the crack-initiation toughness (K;) and
the maximum crack-growth toughness (K) display an inverse relationship with the volume
fraction of equiaxed y phase. The same observation has been previously reported for fracture
toughness (K;.) and R-curve crack initiation toughness. It is believed that the equiaxed phase
degrades crack growth resistance by inhibiting the action of uncracked ligament bridging and
crack closure (in the case of fatigue). Figure 59 represents the fatigue crack growth threshold
as a function of the volume fraction of equiaxed y phase. A deleterious correlation between
fatigue crack growth resistance and the equiaxed y phase is also observed.
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Figure 58: Relationships between Figure 59: Fatigue crack growth threshold,

toughness (Ki and Kss) and volume fraction AK;, as a function of the volume fraction of
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The lamellar grains morphology also has an influence on thoughness of y-TiAl alloys. The
smaller the grain size, the lower the toughness. However, the effect of grain size was rather
limited. From figure 57 and table 19, the fracture toughness of the forged MD fully lamellar
alloy was only slightly lower than that of the casted G7 coarse lamellar material. Despite a
very different average lamellar grain size, the values of toughness were similar. On the other
hand, the fracture toughness of the casted XD nearly lamellar alloy was significantly lower
than that of the forged MD fully lamellar alloy that exhibited similar average lamellar grain
size. Thus, the fracture resistance is assumed to be more dependent on the presence of the
equiaxed y phase rather than the lamellar colony size. Finally, for sufficiently small lamellar
spacing (A < ~1 um), K; and K, are independent of the lamellar spacing. On the other hand,
for A > ~1 pum, both K; and K, vary inversely with A, in a manner similar to the Hall-Petch
relation.

Defect sensitivity testing were carried out on wrought TNB (Ti-45A1-8Nb-0.2C) alloys to
establish and validate a series of fatigue failure limit diagrams, commonly known as Kitigawa
plots "% Figure 60 shows a schematic representation of Kitigawa plots that show fatigue
strength as a function of defect or crack size.
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Figure 60: Schematic representation of the Kitagawa diagram to model fatigue failures in
pristine and damaged materials [106

Notch sensitivity is normally influenced by microstructure or grain size and ductility of the
material. The critical crack length for a material under static stress can be described by :

K Where o is the fracture stress, K. is the
Ic

fracture toughness and a is the critical crack
Va length %,

O'f=




However, Voice et al. [106]
the case of fatigue of TNB alloys.

Figure 61 is a combination of the
best fit lines through Kitagawa type
data (fatigue strength vs defect size)
for duplex and fully lamellar
microstructures of TNB. As first
consideration, the difference in
fatigue strength between 20 and 700
°C was evident in duplex material
but negligible in fully lamellar
microstructure. The actual critical
defect size under fatigue is about 40
pum for the duplex microstructure
and 15um for the lamellar
microstructure.

d. Hardness

showed that the effect of cracks is significantly underestimated in
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Figure 61: Summary of fatigue strength vs defect
size of duplex and fully I{a;grg]ellar TNB microstructure

The effects of Niobium content and microstructure on hardness were investigated . The
materials used for hardness investigation were 20-30 g samples fabricated by means of an arc
melting process and heat treated for homogenization at 1000 °C for 100 hours. Figure 62
shows the Vickers hardness values for a wide range of Ti-Al-Nb compositions. The hardness
values for composition in the range of (45-50)Al and (0-10)Nb were circled. In this range of
composition, the microstructure consisted on a y and o, grains at 45Al and single y grains at
50Al. The typical back scattered image of the Ti-45AI-5Nb material was inserted in figure

62.
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Figure 62: Vickers hardness of ternary Ti-A[‘1I0-zr\fb alloys fabricated by arc melting process




From figure 62, it was concluded that the hardness increased together with the Nb content. It
was suggested that Niobium strengthens the y phase by solution hardening. However,
ductility decreased with Nb addition. Nb substitutes for Ti in y-TiAl alloys, which involves
lattice parameter c/a change increasing with the Nb content. The lattice distortion was
believed to be responsible for the strengthening and embrittlement of the y phase.

Kim et al. "7 also concluded that Nb strengthen the gamma phase, thus increasing the
intrinsic strength. However, Nb addition significantly reduces the volume fraction of the a;
phase which is about three times stronger than the y phase.

Interestingly, data have been collected from measurements made on various y-TiAl in order
to find a relationship between hardness and yield strength '°). A relationship was found
between Rockwell C hardness (RcH), Vickers hardness (Hv) and tensile yield strength (YS).
Figures 63 shows the relationship between RcH and Hv found for an alloy 03G (Ti-45Al-
1Cr-6Nb-0.2W-0.2B-0.4C-02Si) forged and treated in different ways. Figure 64 on the other
hand shows the relationship found between RcH and YS. By combination, YS and Hv were
found related according to the following equation:

Log (YS) = 0.00239 (Hv) + 1.969 [107]
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Thin sheets Ti-45A1-5Nb materials produced by pack rolling process were evaluated for
microstructure variation and evolution taking place during aging and annealing treatments
(197 Figure 65 shows the Vickers hardness of the as-received and aged sheet materials at
different temperatures for different time. The corresponding estimated yield strength values
according to the previous equation were added on the Y-axis.
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Figure 65: The effect of isothermal aging

variation

at dlfﬁerﬁnt temperatures on Vickers hardness

It was concluded from figure 65 that as the aging temperature increased, the strength level
was lowered progressively faster with aging time and reached a quasi-steady-state value that
apparently was specific to each aging temperature. The microstructure of the as-produced
Gamma Met PX sheet materials was unstable above 840 °C, which was responsible of the
strengthening. Annealing treatments in the range of 800-1000 °C therefore stabilized the

microstructure.

Clemens et al. "% made similar

observations. The coarse fully lamellar
microstructure of a PM Ti-46AI-9Nb alloy
was refined by the massive transformation
a—Yym. The low c/a ratio and high hardness
was attributed to high internal stresses and
partially wrong site occupation of the atoms
in the yy lattice. Annealing for 1 h above 800
°C led to a significant decrease in hardness
due to annealing of defects and reduction of
antiphase boundaries and internal stresses
(Figure 66).
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Figure 66: Vickers hardness (HV2) of massively
transformed Ti-46Al-9Nb after 1 h annealing
treatments. (m): Hardness of the starting fully
lamellar microstructure '’

These hardness and strength considerations highlighted the role of the processing route to
fabricate the alloy and the conditions of possible heat treatments to set the microstructure.




Finally, the influence of the microstructural parameters of the lamellar structure on hardness
was also studied '), A nanometer-scaled lamellar microstructure, with extremely fine y
laths, was developed in a PM Ti-45A1-7.5Nb alloy by means of a two-step heat treatment. It
was found that the hardness was strongly dependent on the width of the constituting lamellae
and their phase volume fractions. The studied samples had extremely fine y laths (3.5-7.6
nm). Since dislocations could hardly glide or even be nucleated in the nano-scaled y lamellae,
the hardness of lamellar colonies only depended on a; laths. Hardness increased when the a;
laths width decreased (figure 67). The dependency could be explained by the interaction
between interfaces and the movement of dislocations.
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Figure 67: Influence of a2 laths width on hardness in a nanometer-scaled lamellar Ti-
45A1-7.5Nb 1'°°!




e. Oxidation

The poor oxidation resistance beyond
700 °C of TiAl-based materials is due to
the fact they do not generally form long-
lasting protective alumina scale, despite
their high aluminum content. Niobium
addition has been proved to enhance
significantly the oxidation resistance **
29:60. 70,75 99. 101 'Njjobium, which solely
occupies the Ti sublattice, enhance the
formation of the protective oxide layer
alumina. Early in 1992, Chen et. al. !'"]
showed the influence of Nb on the
weight gain of TiAl alloys (figure 68).

Weight gain for 100hrs (mg/cm?)
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Figure 68: Effect of niobium content on the
oxidation resistance of alloys (the AI content
was constant: 36.5 wt.%) (111

The influence of the alloy microstructure has been little studied. Nevertheless, Stroosnijder et
al. "% studied the isothermal and cyclic oxidation behavior at 800 °C of two y-TiAl alloys.
Ti-48A1-2Cr was obtained by vacuum melting and subsequent hot forging while Ti-48Al-
2Cr-2Nb was obtained by HIPing of pre-alloyed gas atomized powder and subsequent hot
forging. Different microstructures were obtained through heat treatments and the influence of
microstructure on the oxidation behavior was highlighted.

Figure 69 shows the mass change of Ti-48Al-2Cr alloys with different microstructures during
oxidation at 800 °C for 150 hours in air. Oxidation of the Ti-48Al1-2Cr-2Nb alloy is also
displayed to emphasize the beneficial effect of Nb addition. After an initial transient
oxidation period, in which the oxidation kinetics are rather similar for both materials, the
oxidation rate of Ti-48Al-2Cr increased significantly. The microstructure appeared to have a
little effect. Only a slightly lower oxidation rate was measured in the case of the fully
lamellar microstructure.
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Figure 69: Mass change versus time for Ti-48Al-2Cr with dlfferent microstructures and
near gamma Ti-48Al-2Cr-2Nb in air at 800° c ma




The effect of microstructure during cyclic oxidation between room temperature and 800 °C is
shown figure 70. Each cycle consisted of a period of 1 h at 800°C and 12 min at ambient
temperature. The specimens were inserted into and removed from the hot zone of the furnace
within a few seconds to guarantee a rapid heating and cooling.
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Figure 70: Mass change versus number of cycles for Ti-48Al-2Cr and Ti-48Al-2Cr-2Nb with
different microstructures during cyclic oxida[t1i1c[>)]n in air between room temperature and
800°C

After a certain number of cycles, spallation of the oxide scale occurred. Again, when
compared to Nb-free materials, Ti-48Al-2Cr-2Nb showed a better resistance to spallation.
Spallation was observed only locally near sample edges over relatively large individual areas.
The duplex and lamellar microstructures appeared slightly better regarding spallation than the
equiaxed alloys. The study concluded that the investigated microstructures do not have an
effect on the composition, structure and morphology of the corrosion scales as well as the

growth rate.




The production of 3rd generation y-TiAl alloys by
Electron Beam Melting: fabrication,
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In this part, the development of 31 generation y-TiAl produced by the additive manufacturing
process Electron Beam Melting is described. TiAl alloys are serious candidates to replace Ni-
based superalloys in some structural parts of an aircraft gas turbine engine. At about half the
density of superalloys and with similar specific properties, titanium aluminides are
particularly attractive for low pressure turbine blades and vanes, and the last stages of the
high pressure compressor. In the automotive industry, these light weight TiAl alloys showing
good properties at high temperatures are particularly interesting to produce turbocharger
turbines and vanes.

Always with the aim to increase the temperature capabilities and reduce the weight of critical
components, TiAl alloys were intensively studied over the last 30 years [#% >0 33-5>- 38-60. 65-68.70-
74.76.77. 88, 110. 11181 '\ fany research spotted the potential of these intermetallics and overcame
the major drawbacks to applications. Attention was paid to increase the low ductility of these
alloys and enhance the application possibilities to higher temperatures increasing creep and
oxidation resistance. Also, the processing difficulties of such a material were dealt with.

Additive manufacturing, or building a part layer by layer, and in particular Electron Beam
Melting emerged for about a decade as an outstanding manufacturing process L*¢: 47 63 6675 84,
86. 19131 "1t offers many advantages for certain applications such as near net shape process
which reduces material waste and post processing operations. It also allows the production of
parts with a very complicated geometry.

I. The additive manufacturing process Electron Beam
Melting (EBM)

The idea of building parts layer by layer according to a computer assisted design (CAD)
arose in the 1980’s. It offered in particular the possibility to produce parts of almost any
shape. For example, engineers could reconsider the designs to reduce weight or increase
performances. It is particularly of interest in the aerospace and automotive industries. In
addition, additive manufacturing processes often reduce time, cost and consequently the
product development cycle. There are many different approaches to the production of parts
through additive manufacturing .




The following figure 71 shows some of the most relevant and promising techniques.
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Figure 71: Additive Manufacturing processes

In figure 71, the different processes are classified according to the nature of the base material.
The powder based techniques are very promising. The usually pre-alloyed powder can be
either sprayed and melted by a gun or layer deposited and selectively melted according to
CAD (figure 1). These techniques include notably Laminated Engineered Net Shaping
(LENS), Selective Laser Sintering or Melting (SLS or SLM) and Electron Beam Melting
(EBM).

Electron Beam Melting (EBM) has been developed by Arcam AB in Sweden and is
commercially available since 2002. It was intended for building metal parts and in particular
Ti-based alloys. It already proved to be a promising technlque for the production of 2™
generation y-TiAl alloys: Ti—(47-48)Al-2Cr—2Nb. Cormier et al. [*" were the first to describe
some preliminary EBM fabrication of Ti—47A1-2Cr—2Nb followed by Murr et al. [84.122] (who
showed the viability of the technique for the production of the same alloy. Biamino et al. (*!
also published their results on Ti-48A1-2Cr—-2Nb fabricated by EBM. The production of 2™
generation y-TiAl alloys by Electron Beam Melting was the subject of the doctoral thesis of
Andrea Penna realized between Politecnico di Torino (DISAT) and AvioProp, concluded in
February 2013 !,

Electron Beam Melting presents many advantages, listed below. Figure 72 shows the Arcam
A2 machine, of which a schematic drawing and the data sheet are displayed figure 73 and
table 20 respectively.




e Near-net-shape

e Complex design

e Good productivity

e Waste reduction

e Produce a fully dense material
Vacuum melt process: low impurities

e Unique microstructure
o Low level of internal defects
e Freedom in chemical composition from pre-alloyed powder
Figure 72: Arcam A2
machine ['"?!
3 Build tank volume 250x250x400 mm
oo (WxDxH) 350x350x250 mm
AN Maximum build size 200x200x350 mm
(WxDxH) 2300x200mm
Model-to-Part accuracy + 020 mm
long range (100 mm)
Neanatsn Model-to-Part accuracy +0.13 mm
|ans short range (10 mm)
Surface finish
Focus |ens (vertical/horizontal) Raz5/Ra3s
Deflection lens — Typical powder size (332 B é(8)0n;112r81h)
i Beam power 50-3500 W
- Beam spot size 0.2 mm - 1.0 mm
chamber | f;‘;;:: EB scan speed 8000 m.s™'
Election Layer thickness 0.05-0.2 mm
s Build rate 55/80 cm”.h
(Ti6A14V)
N° of beam spots 1 -100
Vacuum base pressure <107 Pa
Size and weight 1850x900x2200 mm
(WxDxH) 1420 kg

. . . . Table 20: Technical data for the Arcam A2 machine
Figure 73: Schematic drawing of an E— [119]

Electron Beam Melting machine [120]

A complete description along with videos of the process are available online on Arcam AB’s
website "), Basically, the principle is very similar to that of a scanning electron microscope
[65.66. 75861 "On top of the machine, a heated tungsten filament emits electrons which are
collimated and accelerated to a kinetic energy of about 60 keV. The electron beam is
controlled by magnetic coils. The first one is a magnetic lens which focuses the beam to the
desired diameter, and the second one deflects the focused beam to the desired point on the
building table. The electron beam gun itself is fixed; thus there are no moving mechanical
parts involved in the beam deflection.




The beam current is controlled in the range 1-50mA and the beam diameter can be focused
down to about 0.Imm. In order to increase the process productivity a new generation of
multibeams apparatus have been recently developed thus allowing contemporary melting in
different points of the chamber. In the chamber in the lower part of the machine, metal
powder layers are formed by a raking mechanism. The powder is gravity fed from the
hoppers and raked onto the building table. The typical layer thickness is in the range 0.05—
0.2mm. Spherical or near-spherical powders with distributed particle sizes are more
optimized for efficient flow, layer packing and melt uniformity.

The computer-controlled electron beam scans over the powder layer in a predefined pattern
and consolidates the desired areas into solid and dense metal. The building platform is
lowered, a new layer is created on top and the melting process is repeated. In this manner, the
parts are built up layer-by-layer. The beam is initially scanning at high rate (~ 10* mm.s™)
and medium beam current (~ 30 mA, or up to 50 mA to reduce time) in multiple passes to
preheat the powder up to 80 % of the actual melting temperature. For the actual melt, the
beam scan rate and current are reduced (~ 10 mm.s™ and 5 — 21 mA).

The whole process takes place under high vacuum. The typical pressure of residual gases in
an Arcam EBM machine are ~ 10 Pa in the vacuum chamber and 10™ Pa in the electron gun.
During the melting process, a small pressure of inert helium gas (107 Pa) is added to the
vacuum chamber to avoid build-up of electrical charge in the powder, enhance heat
conduction and component cooling. When all layers have been melted, the built parts are
allowed to cool inside the process chamber filled up with helium gas to speed up the cooling.

When the parts are taken out from the EBM
machine, they are surrounded by a shell of
softly agglomerated metal powder. Figure
74 shows an example of as-built specimens
in the EBM chamber, where the un-sintered
powder around the specimens can be seen.
The specimens are then taken out of the
powder bed and the powder can easily be
disintegrated, sieved, and inserted again in
the EBM machine to be reused in the next
build. All powder that is not melted by the
electron beam is recycled thanks to very
Figure 74: As-built specimens in the EBM low oxygen pick-up per build. Therefore,
chamber surrounded{ebs}l un-sintered powder material waste is kept to minimum.

Avio prop, where the fabrication of 31 generation TiAl alloys by EBM under investigation in
this work was realized, owns both the A2 and A2X machines. The A2X machine is an
alternative configuration that is more suitable for processing high temperature materials. In
the following, the optimization of the process parameters are describe for the machine in the
A2X configuration.




II. Characterization of the base material: High Nb
containing pre-alloyed powders

The base powder is an important factor to account in order to obtain a finished product of
good quality. Following the successful production of ond generation y-TiAl alloy by Electron
Beam Melting "> %), the supplier was again ATI Metals Powder.

1. Chemical composition

The starting materials were gas atomized rapidly solidified y-TiAl pre-alloyed powders. The
target composition of the processed materials should have an aluminum content of 45-46
at.%, chromium content of 2 at.% and a high niobium content of 8 at.%. Due to the high
temperature of the process and the vacuum environment, an evaporation of light weight
elements was observed during the EBM [#7- ¢ 66 75861 'This jssue is detailed later when the
actual fabrication of Ti-(45-46)Al-2Cr-8Nb by EBM is described (section II.2.A.a).
However, it is worth noticing here that the aluminum loss is constant for identical processes,
and for high niobium containing alloys was equal to 2 wt.%. The same behavior was noticed
by Biamino et al. for EBM of Ti-48Al-2Cr-2Nb where a constant loss of 1 wt.% of Al was
observed [+,

Therefore, the chemical composition of the base powder might be adjusted to overcome the
aluminum loss during the process. Two different powders have been used with a nominal
composition of Ti-47A1-2Cr-8Nb and Ti-48Al-2Cr-8Nb (in at.%). The following table 21
and table 22 show the actual composition of the powder as-received. The composition was
evaluated by Inductively Coupled Plasma (ICP) for aluminum, chromium and niobium, while
oxygen was measured with a LECO instrument. Measures were realized by the certified
organization Incotest. The at.% was calculated from wt.% and neglecting oxygen.

Al Cr Nb 0) Ti
Chemical composition in wt%
Powder as-received 30.0 23 : 172 TR 0.08 Bal
Chemical composition in at%
| 471 1.9 7.7 Bal. |

Table 21: Actual chemical composition of Ti-47Al1-2Cr-8Nb as-received powder measured
by ICP and LECO instrument

Al Cr Nb 0) Ti
Chemical composition in wt%
. 31.3 2.2 17.2 0.04 Bal.
Powder as-received : P
Chemical composition in at%
| 48.0 1.7 7.7 Bal. |

Table 22: Actual chemical composition of Ti-48AI-2Cr-8Nb as-received powder measured
by ICP and LECO instrument

The actual compositions measured by ICP and LECO of the as-received powder were very
similar the theoretical compositions. In addition, the impurities pick-up during the gas
atomization process was very low (£ 0.1 wt.% for oxygen, which is a significant source of
defects for TiAl alloys %57 126}),




2. Particle size distribution

A proper particle size distribution gives a higher packing density. Table 23 gives the particle
size distributions of the Ti-(47-48)Al1-2Cr-8Nb powders. The particle size distribution of the
Ti-48A1-2Cr-2Nb powder used for the production of the 2™ generation y-TiAl alloy by EBM
is also displayed "> *. Measurements were realized according to the ASTM standard B214-
07. A minimum of three measurements were realized for each powder.

Ti-48AL2CT-2Nb | 0 47A12Cr-8Nb | Ti-48A1-2Cr-8Nb
45 3 43 44
53 103 8.3 9
63 135 14.4 16.5
75 30.7 33 325
106 35 384 354
150 0.8 0.8 13

50
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Table 23: Particle size distribution of Ti-48Al1-2Cr-2Nb, Ti-47A1-2Cr-8Nb and Ti-48Al-2Cr-
8Nb powders

The powders had a nominal particle size distribution between 45 and 150 um (-100/+325
mesh). One can note the rather wide range of mesh size of the base powders. Almost 40 % of
the powder has an average diameter > 106 um. It corresponds to a rather coarse grain size for
powder metallurgy based process.

Both high Nb containing powders exhibit a particle size distribution very similar to that of Ti-
48A1-2Cr-2Nb which led to the successful production of massive materials by EBM [ %],
The overall particle size of high Nb containing powders were slightly higher than that of Ti-
48A1-2Cr-2Nb though. It reduced even more the restrictions on the base material.




3. Morphology

The aspect of Ti-(47-48)Al-2Cr-8Nb powders was observed by scanning electron microscopy
(SEM). The SEM micrographs at magnifications x200 and x1000 are shown figure 75.

Ti-47A1-2Cr-8Nb

\
1 L —
Figure 75: SEM micrographs of powders Ti-47Al-2Cr-8Nb and Ti-48Al-2Cr-8Nb as-received

The powders show some irregularities. A number of elongated particles or with an irregular
shape could be seen (red arrows in figure 75). Also small particles agglomerated to bigger
ones (green arrows in figure 75). However, most of the particles are spherical and regular
(yellow arrows in figure 75) and the irregularities observed in the powders were not a
problem for the EBM process. Ti-48Al-2Cr-2Nb powder presented a similar morphology

with some non-spherical and agglomerated particles !> %/,




4. Flowablity

The flowability of both high Nb containing powders have been measured according to ASTM
B213-03. Table 24 shows the actual values of flowability measured in DISAT along with that
of the Ti-48Al-2Cr-2Nb powder.

Powder as-received Flow(z;;) ility

Ti-48A1-2Cr-2Nb ™! 26+ 1s
Ti-47A1-2Cr-8Nb 29+ 1s
Ti-48A1-2Cr-8Nb 27+1s

Table 24: Flowability of Ti-48AIl-2Cr-2Nb, Ti-47AI1-2Cr-8Nb and Ti-48AIl-2Cr-8Nb according
to standard ASTM B213-03

The flowability of the Ti-(47-48)Al-2Cr-8Nb powders was similar to that of Ti-48Al-2Cr-
2Nb used for the production of the 2™ generation y-TiAl alloy by EBM "), The flowability is
critical to insure a good layer deposition by the raking system.

5. Apparent density
The apparent density of Ti-(47-48)A1-2Cr-8Nb powders were measured according to ASTM

B212-99. Table 25 shows the actual values of apparent density along with that of the Ti-
48 AlI-2Cr-2Nb powder.

Powder as-received Apparent %e“s'ty
(g.cm™)
Ti-48A1-2Cr-2Nb " 2.25+0.15
Ti-47A1-2Cr-8Nb 2.31+0.23
Ti-48A1-2Cr-8Nb 231+0.21

Table 25: Apparent density of Ti-48Al-2Cr-2Nb, Ti-47AIl-2Cr-8Nb and Ti-48AI1-2Cr-8Nb
according to standard ASTM B212-99

The apparent density of the high Nb containing powders was similar to that of Ti-48Al1-2Cr-
2Nb powder used for the production of the 2™ generation y-TiAl alloy by EBM 7!,




Powder metallurgy processes such as SLM or EBM involve a controlled and accurate layer
deposition, and a selective melting of the powder. Zhu et al. ! reported the influence of
powder apparent density on the actual density of the parts in direct laser sintering (DLS). It
was concluded that the higher the powder apparent density, the higher the density in the part.
The apparent density of the powder system is determined by the powder particles shape, size
and distribution.

Zhu et al. "7 stated that generally packing of spheres leads to a higher density than other
shapes, and added that the greater the surface roughness or the more irregular the particle
shape, the lower the packing density. Ideally, the powder particles should be perfectly
spherical with a low surface roughness. Also, a higher relative density can especially be
achieved by mixing different sizes of powder. In the case of spherical powder particles, the
idea is to fill up interstitial voids between big particles by smaller ones. The following figure
76 shows the principle.
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Figure 76: Schematic drawing of the effect of powder particles size on the apparent
density: Monosized (A), Bimodal (B) and Trimodal (C) [127]

Both Ti-47A1-2Cr-8Nb and Ti-48 Al-2Cr-8Nb powders were therefore found suitable for the
production of dense parts by Electron Beam Melting.

III. Fabrication of Ti-(45-46)Al-2Cr-8Nb samples by
EBM

The successful production of the 2™ generation Ti-48Al-2Cr-2Nb alloy by EBM led to
optimism > % but 3 generation y-TiAl alloys contain a significantly higher amount of
refractory elements (here 8 at.% of niobium). The feasibility of the production of 31
generation y-TiAl by electron beam melting was therefore initially investigated. An optimal
set of parameters have to be found to produce a material that is dense, homogeneous and
reliable. The optimization of EBM parameters was realized with Ti-47Al1-2Cr-8Nb powder.
The melting strategy used for the successful production of the ond generation Ti-48Al-2Cr-
2Nb was the starting point. Cylindrical shape samples (= = 15 mm and h = 150 mm) were
initially produced (see figure 78A).

Several sets of parameters have been tested in order to obtain a suitable material after EBM.
As many as 20 parameters could be varied to lead to a valid building. The external roughness
was checked by direct observation right after the fabrication of the samples, so were the open
porosity, the design to part accuracy and the homogeneity inside the chamber.




A number of parameters of a typical EBM run control sheet are listed below:

e Layer thickness (um) e Inner Contour number of spots
e Average current (mA) e Inner Contour offset (mm)
e Surface temperature (°C) e Inner Contour current (mA)

Number of Contours

Contour order

Wafer current (mA)

Wafer speed (mm.s™)

Wafer spot time (ms)

Outer Contour number of spots
Outer Contour spot time (s)

Inner Contour spot time (s)
Hatch offset to Contour (mm)
Hatch max current (mA)
Hatch focus offset (mA)
Hatch speed function

Hatch line offset (mm)

Hatch depth (mm)

Among all the process parameters, the above list is not exhaustive, some were particularly
effective. First of all, the building path strategy was very important and was one of the critical
parameters. Four different approaches were studied (figure 77).

g o,

F e,

==\
L I'.I" s "I.-'I-'l
=
Contour melting to Contour melting to ' ' External contour and
center (out-in) edge (in-out) Linear melting core linear melting

Figure 77: Building path strategies for the electron beam melting of 3" generation y-TiAl

The average current beam was also crucial since it determined the actual powder melting
temperature. Its value was typically varied from 20 to 30 mA. The layer deposition thickness
was also critical. Obviously, the thicker the layer deposition the shorter the processing time.
However, a layer thickness too high impeded a consistent melting. The layer thickness was
varied from 200 down to 90 um. Finally, the scanning speed was another critical parameter.

The actual EBM conditions could not be detailed in this paper. The core of the present thesis
consisted in the evaluation of residual defects of the as-EBM massive materials and the
subsequent microstructure set up by heat treatment. In the following, the main steps of
optimization of the EBM parameters are described. The optimization was divided into five
major trials. Each trial or attempt was defined by a significant modification of one or more of
the main parameters described earlier. Minor modifications of other parameters were also
done. In fact, many tests with minor modifications of parameters were realized among the
trials, based on the state of the as-built parts.




1. The measure of residual porosity to optimize the EBM
process

The strategy to optimize the EBM parameters was the minimization of residual porosity, i.e.
the porosity of the massive sample as-EBM. A residual porosity lower than 1 % is
recommended but the scope was to produce a material as dense as possible.

Porosity was quantified according to the ASTM E2109-01 A
standard. Small samples of 10 mm height were cut from |

an as-built bar. These small specimens were subsequently

cut along the cross section in order to observe the internal
structure from the core to the edge of the cylindrical
sample. The cuts were represented schematically in the

right lower part of figure 78. The cross section allowed |

. . o L Building
the analysis of the porosity along the building direction Directi
(the sample bars are built from bottom to top, white arrow frection

in figure 78A). In figure 78C, the red arrow points the
face observed for porosity analysis. In order to have a
clean flat surface allowing the observation by optical
microscopy, the specimens were ground with abrasive
papers gradually from grit 600 to 4000. In addition, to
ensure a scratch free surface, additional polishing with
cloths and abrasive diamond pastes of 6 and 3 um was
dpne. This allowgd to obtain a high@y reﬂectivg MIITOr- “Figure 78: Photography of a bar
like surface, which thus appear uniformly white from as-built by EBM (A), a cylindrical
optical microscopy. Samples were big enough to be sample of about 10 mm height (B)
. . . . . and a sample for microscopic
polished ‘w1th0ut being cold mounted into epoxy resin observation and porosity
although it was often preferred. investigation (C)
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The diameter of the as-built bars were approximately 15 mm so that the surface area for
porosity analysis was about 15x10 mm”. A total of 12 optical micrographs, equally
distributed to cover the all surface, were systematically taken at magnification x50. The
sample surface on a single image appeared completely white (reflecting the white light of the
optical microscope) and pores were easily identified as black zones (the light was not
reflected, since it was a “hole” on the surface). The image processing software Image Pro®
Plus was used to quantify the porosity, simply counting the ratio of black on white thus
giving the proportion of pores in the single image. For statistical purpose, the total residual
porosity of a sample was obtained averaging the “local” porosity of each one of the 12
images. Finally, samples were taken in different locations of a single as-built bar, and from
bars in different locations in the building chamber. It ensured a fair statistical measure of the
porosity and homogeneity throughout the massive specimens. The optimization of the EBM
process was published in Steel Research Int [,




The first attempt was simply adapted from the successful production of ond generation y-TiAl
alloys by Biamino et al. > ¥, Minor modifications of the process parameters were done
based on the macroscopic observation of the as-built parts by the operator. The following
table details the actual building path strategy, the layer thickness and the principal component
of the trial.

Comment on the 1* Trial Layer thickness Building path strategy

Based on EBM production of

Ti-48A1-2Cr-2Nb L

Linear

The porosity was measured and was about 2.68 + 1.05 %. A representative optical
micrograph is displayed figure 79. The actual porosity in figure 79 is 3.63 %.
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Figure 79: Optical micrograph showing the porosity of TiAl-2Cr-8Nb after the first EBM
trial

Two types of pores could be identified. First big elongated pores were observed, highlighted
by red arrows in figure 79. This porosity was a result of the EBM processing. On the one
hand, a number of these pores had a size, or rather a length, greater than 200 um. Therefore,
such pores could not result from the powder itself, since the maximum particle size was 180
um. On the other hand, these pores were almost always aligned along the layer deposition
direction, and separated by about 180 um (figure 79) which was the actual layer thickness.
Thus, this led to conclusion that these big elongated pores resulted from either a poor local
melting of the powder or defects from the powder deposition by the raking system. These
pores were found randomly over the whole volume of the as-built bar. A poor local melting
would be expected more regularly which drives to lean towards a problem in the layer
deposition.




Finally, the shape itself of these pores told

it all. They were elongated along the layer

deposition direction, most likely at layers interface, and seemed consistent to the underlying
layer. It is believe that the powder was not uniformly deposited onto the previously melted

layer.

The second type of pores were round
shaped, pointed by green arrows in figure
79. This kind of pores resulted from residual
porosity in the powder itself 4% 20 63 7. 84-86]
During the gas atomization process, argon
was trapped and created argon bubbles
imprisoned inside a number of particles. It
explains the spherical shape. Furthermore
no round shaped pores bigger than 180 pm,
the maximum particle size, was ever found.
Figure 20 shows cavities inside a number of
particles of  Ti-48Al-2Cr-2Nb [73]
highlighted by red arrows.

Figure 81: SEM mcrograph showing residual
porosity and a residual Ar bubble section at
arrow %4

Figure 80: Micrograph showing cavities
inside particles from argon bubbles trapped
during the atomization process 1751

Murr et al. ®¥ characterized 2™ generation
v-TiAl components fabricated by electron
beam melting. The same kind of dual
porosity was found. The round pore pointed
by the arrow in figure 81 was attributed to
argon gas content. On the other hand, the
unconsolidated and unmetled regions were
the result of non-optimized building
conditions.

In the second trial, the scanning speed was decreased and the layer thickness was reduced
compared to the previous tests. The modification of these parameters was believed to lead to
a better melting and reduced or cancel process porosity. In this configuration, the other
process parameters listed previously were slightly modified and a number of runs were

needed.

Comment on the 2™ Trial

Layer thickness

Building path strategy

Melting scanning speed reduced

150 pm

Linear




The porosity was measured and was about 1.1 £ 0.5 %. A representative optical micrograph
is displayed figure 82. The actual porosity in figure 82 is 2.06 %.
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Figure 82: Optical micrograph showing the dual porosity of an as-built sample after the
first optimization

The residual porosity was reduced in this second attempt, although higher than 1 %. It was
still observed both powder and process porosity. The bigger defects had a size > 200 um.
Examples of porosity from powder defects are pointed by green arrows in figure 82. At layers
interface, the elongated pores were still present with the same semicircular shape (red arrows
in figure 82).

In the third attempt, the layer thickness was further reduced and minor modifications were
made. Also, the building path strategy was changed to 4 circular contour melting and linear
core melting. The reason for changing the strategy was to reduce external porosity and
substantial roughness. Contour melting produced bars more regular and the macroscopic
aspect was better. However, higher aluminum loss was found at the edge where the melting
was circular. This point will be discussed in more details later (section I.2.A.b). The
chemical composition and consequently the microstructure after heat treatment were very
different between the core and the edge of the sample. However, the external part of the as-
built material was anyway destined to be removed post processing to reduce the external
roughness and insure material’s homogeneity.

Comment on the 3" Trial Layer thickness Building path strategy

e,
Building path strategy Ihr.%\;]‘\
modified =

120 Um ~.~g_-:-3-:-:.§_,

4 circular contours and

Layer thickness reduced .
linear core




Innovative materials for high temperature structural applications: 3rd Generation y-TiAl
fabricated by Electron Beam Melting

The residual porosity in these conditions was very low: 0.1 = 0.1 %. A representative optical
micrograph is displayed figure 83. The actual porosity in figure 83 is 0.03 %. Pores from the
powder was the only source of porosity in the material. The densification was complete by
the EBM process and this set of parameters were, regarding the residual porosity, optimal.
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Figure 83: Optical micrograph showing only the porosity resulting from powder defects of
an as-built sample after the 3" trial
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A number of pores were quite big. Figure
84 shows the bigger defects observed in the
sample set. Such pores could be a source of
cracks. However, the spherical shape limits
substantially the effect compared to notch
defects. In addition, defects smaller than
100 pm are considered acceptable for y-

TiAl, although the smaller the better [}, :
Figure 84: Optical micrograph showing the
biggest pores in the as-built sample
resulting from powder defects

Mathieu Terner 79



In the fourth attempt, the building path strategy was changed. As mentioned previously, the
external contour presented a substantial difference in term of chemical composition with
regards to the core of the sample. In this building, the contour melting was thus reduced to
only one. It was expected a consistent material with a reduced external porosity and
roughness and having very low residual porosity.

Comment on the 4™ Trial Layer thickness Building path strategy
———

Contour melting reduced 120 pm —
1 circular contour and
linear core

The residual porosity in these conditions was very low again: 0.08 = 0.09 %. The micrograph
figure 85 shows the biggest pores observed in the sample set. The actual porosity in figure 85
is 1 %. Again, porosity from the powder was the only source of cavities in the material. In
figure 85 though, the biggest pore has a diameter about 130 pm which is rather big. Given the
particle size distribution of the powder, the probability of finding such pores is very low.
Plus, from the EBM point of view, nothing can be done about that.
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Figure 85: Optical micrograph showing the biggest pores resulting from powder defects
of after the 4'" trial

However, these conditions were not selected. With respect to the previous trial, the
productivity was lower. Plus, Thermo Mechanical Analysis (TMA) exhibited what was
concluded an inhomogeneous behavior in the microstructure. This question will be discussed
later (section II.2.D.d). TMA was used in this study to determine the phase transition
temperatures and to assess the homogeneity of the microstructure.




The set of EBM parameters were chosen from the optimization described previously and the
fifth trial turned out optimal. The EBM fabrication of bar samples was realized from both
starting powders Ti-47A1-2Cr-8Nb and Ti-48 Al-2Cr-8Nb in the same conditions. The layer
thickness was further decreased down to 90 um and the building path strategy comprised only
3 circular contour melting.

Comment on the 5" Trial Layer thickness  Building path strategy
Building path strategy modified 'J”E-'J“;
90 um =

Layer thickness reduced 3 circular contour and

linear core
Residual porosity after EBM <1 %

Basically, the residual porosity came from the powder porosity only, as defined previously.
No sign of unmelted or unconsolidated zones was ever observed, which suggested the
complete densification by EBM. Therefore, it can safely be concluded that no pore bigger
than 150 um can be found in the sample. Furthermore, given the particle size distribution and
the improbability of finding a pore almost as big as the particle itself, most of the residual
porosity was smaller than 120 pm.

The residual porosity in the as-built samples from the Ti-47AI1-2Cr-8Nb powder by EBM in
these conditions was very low: 0.08 £+ 0.13. The starting powder Ti-48 Al-2Cr-8Nb appeared
more porous than the Ti-47Al1-2Cr-8Nb powder. The average residual porosity after EBM of
Ti-48A1-2Cr-8Nb powder was 0.28 + 0.32 %. Actually, samples presenting the highest
porosity were found at the bottom of the selected bars, and one sample even exhibited 0.99 +
0.5 % residual porosity. It was unexpected and the actual reason could only be assessed. This
could result from a higher powder porosity itself, but it did not explain why samples at the
bottom of the as-built bars were more porous. This porosity could really be process porosity
at the beginning of the process, but the same phenomenon was not observed with Ti-47Al-
2Cr-8Nb powder. It is possible that at a certain point, the powder porosity was reduced by the
EBM process itself during melting. Finally, the higher content of Al in Ti-48Al-2Cr-8Nb
powder could be responsible. However, the aluminum evaporation that will be discussed in
the next section was constant (2 wt.%) regardless the starting powder (section III.2.A.a).

In any case, the residual porosity measured in different points of different bars was below the
acceptable value of 1 %, and except the particular situation described previously, porosity
was well below this limit value. In addition, the biggest defect ever found had a diameter of
130 um (figure 85) which could be detrimental as a cracking source. Nevertheless, such pores
are very rare and spherical (no notch effect).




The micrograph in figure 86 exhibits the typical porosity of as-built samples from the starting
powder Ti-48Al1-2Cr-8Nb taken at least a centimeter away from the bottom of the bar. The
actual porosity in figure 86 is 0.13 %. On the other hand, figure 87 shows the higher porosity
of a sample from the same powder at the bottom of a bar. The micrograph was selected to
highlight the high porosity and not all samples looked that bad. The actual porosity in figure
87 is 0.86 %
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Figure 86: Micrograph showing the typical Figure 87: Micrograph showinghthe high
porosity in as-built sample from powder Ti- porosity at the bottom of bars in as-built
48AIl1-2Cr-8Nb sample from powder Ti-48Al1-2Cr-8Nb

From the porosity point of view, the EBM process was very valuable leading to massive
samples with very low residual porosity < 1 %, maximum defects size of 130 um anyway
very rare, and consistent geometry very close to the original design.

2. Characterization of the massive samples

In order to validate the process, the chemical composition was analyzed in different points of

a single as-built bar (green arrows in figure 88), in different bars from the same building (red
[65]

arrows in figure 88) and from different building sessions

The chemical composition was
evaluated by Inductively Coupled
Plasma (ICP) for aluminum,
chromium and niobium, while
oxygen was measured with a
LECO instrument. For Al, Cr and
Nb, 5g samples (10x10x14 mm?)
were taken from the core of the as-
built bars. For oxygen instead, 2-3g
samples  (9x9x9 mm’)  were
prepared. The measures were

performed by IncoTest. Figure 88: Schematic representation of as-built bars
and samples for chemical analysis




The actual composition of the as-built materials by EBM is described later (section I11.2.A).
The results were very homogeneous and the difference in composition from one sample to
another was below the experimental error given for the analysis: + 0.3 wt.% for aluminum, +
0.1 wt.% for chromium, £ 0.15 wt.% for niobium and + 0.01 wt.% for oxygen. This
suggested an acceptable homogeneity regarding the chemical composition.

In addition, thermo mechanical analysis (TMA) were realized on samples selected in the
same way, in different points of different bars (figure 88). TMA measurements were
primarily used for determining the phase transition temperatures '®*. This point will be
discussed later (section II1.2.D). However, such analysis could give interesting information
on chemical composition and microstructure evolution. TMA basically measured the micro
displacement during constant heating between room temperature and 1400 °C. As described
in more details later, TMA allowed to determine the temperature at which microstructural
changes occur during phase transition. Since in particular the a-Transus temperature depend
on the chemical composition, homogeneity in the composition could be assessed comparing
the TMA curves of different test samples.

4x4x9 mm® samples were prepared from the core of as-built bars and TMA measurements
were realized in argon flow from room temperature to 1400 °C (heating rate: 10 °C.min™).
The results, although slightly different, confirmed that as-built materials were homogeneous
all along the bars and no substantial difference was observe regarding the position of the bars
in the building chamber. However, substantial difference was observe when compared the
result for sample taken from the core of the bars (linear core melting) and the edge (circular
contour melting) (figure 107). Anyway, the external part of the as-built sample is meant to be
removed and therefore should not be considered.

It could thus be concluded the feasibility of the fabrication of 31 generation y-TiAl alloys by
electron beam melting:

e The residual porosity was below the maximum tolerance of 1 %.

e The EBM parameters were optimized to completely densify the bars.

e The residual porosity came only from powder porosity as a result of the gas
atomization process.

e The chemical composition and TMA results were similar everywhere but in the
external contour.




a. Core of the samples

The target composition of the massive materials fabricated by EBM was: Ti-(45-46)Al1-2Cr-
8Nb. As suggested before (section II.1), in order to overcome evaporation of lightweight
elements during the EBM process [*7 ¢ 667 %1 " the chemical composition of the powders
were tailored. Two pre-alloyed powders were used as base materials: Ti-47A1-2Cr-8Nb and
Ti-48A1-2Cr-8Nb powders.

The following table 26 displays the actual chemical composition of the powders, and the
subsequent massive materials after EBM. The results in table 26 are given both in wt.% and
at.%. The aluminum, chromium and niobium contents were determined by ICP while the
oxygen content was determined by a LECO instrument.

Al Cr Nb (0) Ti
Starting powder Chemical composition in wt.%
. Powder as-received 306 23 172 0.08 Bal
Ti-47A2Cr-8Nb 1 erialas-EBM 287 2.2 174 011 Bal,
Powder as received 31.3 2.2 17.2 0.04 Bal.
Material as-EBM 293 22 173 0.07 Bal
Chemical composition in at.%

Ti-48A1-2Cr-8Nb

. Powder as-received  47.1 1.9 7.7 Bal.
THATAR2Ce-8ND ™ rialas- EBM 448 1.8 7.9 Bal. |
. Powder as received 48.0 1.7 7.7 Bal.
Ti-48A1-2Cr-8ND | Material as-EBM 456 1.8 7.8 Bal. |

Table 26: Chemical composition of the powder as-received (Ti-47Al-2Cr-8Nb and Ti-48Al-
2Cr-8Nb) and the corresponding materials as-EBM

First of all, oxygen impurities are found to dramatically reduce the room temperature ductility
of y-TiAl based alloys ** *” 11 Dyring the EBM process, the oxygen pickup is very low
thanks to the vacuum environment (from 0.08 wt.% in the powder to 0.11 wt.% in the
massive sample starting from Ti-47Al1-2Cr-8Nb powder, and from 0.04 wt.% in the powder
to 0.07 wt.% in the massive sample starting from Ti-48A1-2Cr-8Nb powder).

However, this high vacuum process leads to the evaporation of lightweight elements such as
aluminum. For example, Cormier et al. 1" experienced in 2007 a loss of about 6.1 wt% of
aluminum after the EBM process of their Ti-47Al-2Cr-2Nb powder based material. This
drastic loss reduced the aluminum content from 46.20 at.% in the powder to 38.83 at.% in the
final part. The loss was reduced to about 1 wt.% after EBM of the Ti-48 Al-2Cr-2Nb material
by Biamino et al "> * In the case of the 3" generation alloys under study, a difference of 2
wt.% of aluminum is observed between the powder and the as-EBM material, as seen table
26.

It was nevertheless a rather limited loss and more importantly it was repeatable when keeping
the same process parameters. Indeed, with the same EBM parameters, both Ti-47A1-2Cr-8Nb
and Ti-48Al1-2Cr-8Nb powder based alloys exhibited a 2 wt.% loss of Al, thus allowing to
control the final composition of the massive sample from the composition of the base
powder. Therefore, after the EBM process, the massive material fabricated from the Ti-47Al-
2Cr-8Nb powder had the following composition: Ti-45A1-2Cr-8Nb. On the other hand, the
massive material fabricated from the Ti-48Al-2Cr-8Nb powder had the following
composition: Ti-46Al-2Cr-8Nb.




b. Core-edge composition difference

The difference between the chemical composition at the core of the samples (linear core
melting) and in the edge (circular contour melting) has been mentioned previously (section
III.1.C). The actual chemical composition could not be assessed by ICP since it was not
possible to easily extract as much as 5g of material from the thin edge of the sample.
However atomic absorption, which required much less material, was used to determinate the
aluminum content in both positions. Atomic absorption is an analytical technique that
measures the concentrations of elements. The technique makes use of the wavelengths of
light specifically absorbed by an element, here aluminum. They correspond to the energies
needed to promote electrons from one energy level to another. Basically, the amount of light
absorbed is proportional to the number of aluminum atoms. A calibration curve was
constructed by running several samples of known Al concentration under the same conditions
as the unknown.

About 300 mg of material was taken at the core of an as-built sample, and in the edge (figure
21). It was then dissolve in a 5 ml acid solution composed by 3HF+1HNOs (in part per
volume) and subsequently brought to 500 mL with distilled water. The measures were all
doubled, and a set of 3 samples from each region was used for statistical purpose. These test
were realized by the author in Politecnico while ICP was done by the professional testing
expert IncoTest. Nevertheless, the results obtained were qualitatively trustworthy and a
systematic correlation with results from ICP was done for verification.

Figure 89 shows the end side of an as-built bar. It can be seen the
two different building path strategies. This study was realized on
massive Ti-45A1-2Cr-8Nb built by EBM according to the 3™ trial
described in the previous section III.1.C. Atomic absorption
measurements were also done on Ti-48 AI-2Cr-2Nb and compared
to ICP results (table 27).

Aluminum content

(at.%)
AA ICP
Sample (Politecnico) (IncoTest)
1¥run 2" run
Fi 89: Vi f th

Ti-48A1-2Cr-2Nb | 492  48.1 473 b otom Surface of an ne.
Ti-45A1-2Cr-8Nb built bar (3" Trial) where

(Core) 46.5 45.2 44.8 the circular contour and

- linear core melting can

Ti-45A1-2Cr-8Nb 45 .4 440 B be identified

(Edge)

Table 27: Measurements of the aluminum content of different
materials and positions by atomic absorption




The aluminum contents given by the atomic absorption measurements (AA in table 27) were
substantially different than those given by ICP. In addition, from one run to the other, the
values differed by more than 1 at.%. This could result from the effect of other elements
present in the solution (Ti, Nb, Cr, etc.). Also, for the first run, the calibration curve was
doubtful. The machine had not been used for long time and did not work as new for a number
of reasons. Therefore, atomic absorption measurements could not be trusted and only the
values given by ICP realized by the professional organization IncoTest were considered as a
quantitative measure of the chemical composition.

However, qualitatively, the results confirm a lower amount of Al in the edge of the sample.
For both run, the aluminum content measured by AA in the edge was 1 at.% lower than in the
core of the specimens. Although it could not be concluded that the actual Al content in the
edge was 1 at.% lower than in the core, which would bring the Al content to 43.8 at.%, the
actual value was probably in that neighborhood. Other clues such as TMA measurements and
microstructure analysis after heat treatment will confirm later that aluminum depletion in the
edge (Section I11.2.D.d).

In the range of composition considered, ~

(45-46) at.% of Al, TiAl alloys are mainly 1700 ettt b
composed by the phases y-TiAl and o/a,- L ! : [
Ti3Al. However the addition of Nb has a 1800 7. -
significant  effect on  the  phase ] E
transformations of TiAl alloys. In 1999, G 12997 3
Chen et al. "' studied high-Nb containing = ] g
: . . @ 1400 ~ .
TiAl-based alloys and in particular 5 ] -
reassessed the binary phase diagram for E 1300 - 2
alloys containing Nb. Figure 90 shows in E -
solid lines the partial phase diagram for Ti- + 12004 -
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to Chen et al. "' For comparison, the 1100 - -
binary Ti-Al phase diagram was presented ; @ sl phaes |
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. binary Ti-Al phase diagram is drawn in
Therefore such phase was also expected in dotted lines for reference 112!

Ti-45A1-2Cr-8Nb and Ti-46Al1-2Cr-8Nb.




X-ray diffraction analysis (Philips PW1710 Cug, radiation) were performed on as-EBM
samples of Ti-45A1-2Cr-8Nb, Ti-46Al1-2Cr-8Nb and Ti-48Al-2Cr-2Nb alloys. The measures
were done on the same surface of that for porosity analysis (figure 78C). The X-ray
diffraction patterns are displayed figure 91.
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Figure 91: X-ray diffraction patterns of Ti-48AIl-2Cr-2Nb (light grey), Ti-45A1-2Cr-8Nb (dark
grey) and Ti-46Al-2Cr-8Nb (black) alloys as-EBM

The y phase was the undeniable dominant phase for all three alloys. A low amount of a phase
was also present in all samples. The X-ray diffraction patterns of the high Nb containing
alloys were very similar (figure 91). They both exhibited 3 phases: y-TiAl, a-Ti3Al and B-
TiAl. Furthermore, it appeared from the curves in figure 91 that Ti-45A1-2Cr-8Nb had a
slightly higher amount of a than Ti-46Al1-2Cr-8Nb. This is explain by the different content of
Al. The lower the Al content, the higher the amount of o/a, (figure 90). Ti-48Al-2Cr-2Nb
with the highest Al content exhibited the lower amount of a phase. Finally, both high Nb
containing alloys contained a low amount of B phase while Ti-48 Al-2Cr-2Nb did not. This is
the result of higher content of Nb, a B-stabilizer, which extend the p phase field (figure 90) [**
59-128-135] ‘The B-phase was also clearly observed by microscopy (section I11.2.C).




C. Microstructure analysis of the materials as-EBM

The microstructure of the as-built Ti-45A1-2Cr-8Nb and Ti-46Al-2Cr-8Nb alloys was
observed by means of optical and electron microscopy. The metallographic preparation was
similar to that for the measure of porosity (section III.1). 10 mm height samples were cut
from as-built bars and cut in half to observe the cross section along the building direction
(figure 78C). If necessary, small samples were mounted in epoxy resin before polishing. The
surface was ground with abrasive paper from grit 600 to 4000. Then, fine polishing with
cloths and abrasive diamond pastes of 6 and 3 um was done. Chemical etching was used in
order to reveal the microstructure. The commonly used Kroll’s reagent (91 mL H,O, 6 mL
HNOs, 3 mL HF) was chosen. After polishing, specimens were immersed in the etchant for
about 15 seconds, immediately rinsed with distilled water and cleaned in ethanol for 30 min
in an ultrasonic bath to remove polishing and etching contaminants.

The following figures 92 and 93 show the typical microstructure as-EBM of Ti-45A1-2Cr-
8Nb and Ti-46Al1-2Cr-8Nb alloys respectively observed by optical microscopy at the core of
the specimens. For comparison, optical micrographs of Ti-48Al-2Cr-2Nb are also displayed
figure 94.

T|-45AI-2Cr-8Nb

Figure 92: Optlcal m|crographof T| 45AI ZCr 8Nb showmg the mlcrostructure at
magnification x50 (A) and x100 (B)

Ti-46Al-2Cr-8Nb

= - - .‘ - ‘ - .
Figure 93: Optlcal m|crograph of Ti- 46AI 2Cr 8Nb showmg the mlcrostructure at
magnification x50 (A) and x100 (B)
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Figure 94: Optlcalmlcrograph of Ti- 48AI 2Cr-2Nb showmg the mlcrostructure at
magnification x50 (A) and x100 (B)

The fine equiaxed microstructures in evidence figures 92, 93 and 94 were typical of the EBM
processing of y-TiAl alloys, which involves rapid solidification. It consisted of a mixture of
very fine equiaxed y-TiAl and a-TisAl grains (pointed by green arrows in figures 92, 93 and
94) along with bigger grains of the same nature (pointed by red arrows in figures 92, 93 and
94). The overall microstructure was very fine for all three materials. It could be noted the
higher amount of bigger grains in the case of Ti-48Al-2Cr-2Nb. It is believed that the higher
building temperature for the fabrication of high-Nb containing alloys involved a more rapid
solidification responsible for the finer microstructure. It could also result from a better
optimized EBM process. Finally, the bigger grains could simply come from bigger initial
powder particles size. However, the particle size distributions of all three starting powders
were very similar (table 23).

In most cases, the bigger grains were clustered along the layer deposition direction, which is
more evident in figures 92A and 93A. Therefore, it was suggested that some consolidated
areas, more likely the top surface of an as-built layer, went through overheating during the
melting of the subsequent layer. This would lead to partial recrystallization and grain growth
in the underlying massive material during melting of a layer ", But this was only a
suggestion and no concrete proof could induce any conclusion.

The as-EBM microstructure presented a lot of twinning. Examples of such grains are
highlighted by yellow circles in figures 92B, 93B and 94B. Twin boundaries have a lower
interface energy or grain boundary energy. They are either created during solidification or by
a deformation process. It was thus possible that the high number of twins resulted from the
cutting and mechanical polishing of the samples for observation. However, the rapid
solidification involved by the EBM process was most likely the cause.
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Figure 95: Progressive germination of a calcite
crystal, in grey the germinated part ((a)-(e)).
Germination of a crystal of which one side is

strongly impeded to grow (f) [136]

Figure 96 is a selected optical
micrograph at high magnification
(x1000) of Ti-46Al-2Cr-8Nb. It can
be seen on left side very fine
equiaxed grains while on the right
side bigger grains are observed.
The [ phase that has been
identified in the X-ray diffraction
patterns of the high-Nb containing
alloys (figure 91) is pointed by
green arrows in figure 96. It
appeared as a bright shinny white
phase at grain boundaries. Pointed
by a red arrow, a small spherical
pore is highlighted. Finally, inside

~u J, - the grains could be observed
. _ - .‘.'."_"i T e irregular black lines (pointed by
Figure 96: High magnification micrograph of a yellow arrows in figure 96). These

selected zone of as-EBM Ti-46AIl-2Cr-8Nb could result from both the

mechanical polishing and chemical
etching.

Titanium aluminides are typically chemically etched with Kroll’s reagent. A lot of optical and
SEM micrographs have been reported at high magnification and did not exhibit such features
inside the grains (yellow arrows in figure 96). It is therefore unlikely that the chemical
etching alone with Kroll’s reagent was responsible for that. However, it was reported than
etching with Kroll’s solution resulted in somewhat blurred images, in particular the equiaxed
y-grains did not appeared with sharp edges !'**.




These features were further observed at higher magnification by means of scanning electron
microscopy (SEM). The following figures show SEM micrographs of Ti-45A1-2Cr-8Nb at
magnification x5000 (figure 97) and Ti-46Al1-2Cr-8Nb at magnification x20000 (figure 98).

Figure 97: SEM micrograph of Ti-45Al-2Cr- Figure 98: SEM micrograph of Ti-46Al-2Cr-
8Nb at magnification x5000 8Nb at magnification x20000

The “defects” pointed by yellow arrows in figure 96 are clearly observed in figures 97 and
98. They actually looked like small cracks, were not observed in all the grains and did not
clearly show preferential orientation. However, inside a single grain, the orientation was
similar. It has been reported that metallographic preparation could distort the true
microstructure of TiAl alloys ["*). In particular, the preparation steps of cutting, grinding and
mechanical polishing could induce surface cracking.

Therefore, it was conclude that these microcrack-like features inside the grains were artifacts
caused by mechanical polishing and subsequent chemical etching. Electrolytic polishing is
usually used to avoid this problem. Nevertheless, high magnification micrographs of high
quality were not necessary in this study. The microstructures were quantified at magnification
x100. The simple metallographic preparation described earlier was thus satisfactory in this
work, despite those features. Actually, it was found useful to differentiate the grains at lower
magnification since they were not well defined by the chemical etching.




The mechanical properties of y-TiAl alloys are very sensitive to microstructure. From the
previous sections, the microstructure as-EBM was a mixture of fine equiaxed y-TiAl and a-
Ti3;Al grains, along with a little amount of B-phase.

These phases can combine to build up different
Lamellar microstructures [48 50 55-57. 59, 61, 75, 78-82, 95, 98, 117, 140-145]
Basically, four different microstructures can be obtained:
equiaxed, duplex, nearly lamellar and fully lamellar. Figure
99 shows the schematic drawing of the different
microstructures of y-TiAl alloys. A fourth typical
microstructure, nearly-lamellar, is also of interest and consists
of a quasi-fully lamellar microstructure pinned by a small
amount of fine equiaxed grains at grain boundaries.

Duplex

Equiaxed Depending on the microstructure, specific sets of mechanical
properties can be obtained. For instance, the fine duplex
microstructure shows better strength and ductility, while a
Figure 99: Schematic coarser fully lamellar microstructure exhibits a better
drawing of the typical h d .
microstructures of y-Tial  toughness and creep resistance.
alloys

The different microstructures can be obtained by careful heat treatment at given temperatures
in relation with the alpha transus temperature T, of the alloy (i.e. the transition between the a
mono-phase region and the (o + y) biphasic region, see the phase diagram figure 90) % %71
The phase transition temperatures depend on the chemical composition of the alloy and it is
thus of great interest to assess easily the alpha transus temperature T, for a given composition
since the phase diagram might not be available. In addition to the evident scientific interest, it
is also industrially convenient to be able to quickly set up the proper thermal treatment.

The traditional way to assess equilibrium phase diagrams for complex alloys, determined by
annealing heat treatments followed by metallographic examination of the microstructure, can
be heavy and expensive in alloy screening and development [48. 50, 112, 146191 Dy fferential
scanning calorimetry (DSC) [*%- 78 108 148 130. 1311 4 q differential thermal analysis (DTA) ']
usually are the preferred techniques to identify transformations by measuring the heat
evolution. Also, Thermo-Calc CALPHAD method showed good agreement with
experimental data " 1313 a5 well as high energy X-ray diffraction !'*%),

Thermo Mechanical Analysis (TMA) was proposed as an alternative method to determine the
transition temperatures and in particular T,. TMA is generally used to measure the glass
transition in polymers based on changes in thermal expansion. It was suggested that the
microstructural rearrangement that occurs during phase transitions might be observed by
TMA. In particular, the change in lattice parameter during the transformation between L1,
and DOy at T,. This study was published in Scripta Materialia °®.




a. Comparison between TMA and DSC

Thermo  mechanical analysis  (Setsys

Evolution, Setaram) were performed on 4 x 4

x 10 mm’ specimens in 20 ml.min™ argon Probe

flow to prevent oxidation. Specimens were
heated from room temperature to 1400 °C
with different heating rates in the range 5-50
°C.min"', hence giving as results dynamic

transitions. All measurements were realized
along the height of the sample, i.e. the

Ti-46Al-2Cr-8Nb
specimen

longest direction which was the building

direction. Figure 100 shows a typical sample

for TMA measurement installed in the E “re100:4X4X1aon$';‘si:pe°ime" for TMA

machine.

On the other hand, DSC (TGA-DSC 92, Setaram) were performed on 1.5 x 1.5 x 3 mm’
specimens in 20 ml.min™" argon flow. Specimens were heated from room temperature to 1400
°C with a heating rates of 5 °C.min"". TMA and DSC were used to identify the phase
transition temperatures of 2" and 3™ generation y-TiAl produced by electron beam melting
(EBM) under investigation in this study.

Figure 101 shows in continuous line the displacement curve measured by TMA of Ti-47Al-
2Cr-2Nb as a function of temperature during heating at 5 °C.min"" from room temperature to
1400 °C. Normally, the displacement increases almost linearly when temperature increases as
a result of thermal expansion. However, at temperatures close to the transitions anticipated
from the phase diagram in figure 90, rather sudden changes were observed and are pointed
out by circles in figure 101. This behavior became even more evident when plotting the
derivative curve of the displacement (in dotted line in figure 101): two distinct peaks are
observed. Such peaks in the derivative curve represent the sudden change of microstructural
parameters during phase transitions.
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Figure 101: TMA measurement of Ti-47Al-2Cr-2Nb: displacement (continuous line) and
derivative of the displacement (dotted line) as functions of temperature (e8]




In order to confirm and analyze the accuracy of the measurements by TMA, results were
compared to DSC measurements which in literature is a well-established technique for y-TiAl
phase transitions evaluation. Figure 102 shows the derivative curve of the displacement as a
function of temperature obtained by TMA (dotted line) along with the DSC curve
(continuous line) of Ti-47AI-2Cr-2Nb. Both measurements in figure 102 were realized in
argon atmosphere with the same heating rate of 5 °C.min™". One can appreciate the similarity
between the two curves. Rather evident peaks are observed and the temperatures at which the
variations are identified for both techniques correspond very well. A similar comparison
between TMA and DSC was carried out to assess the glass transition temperature of latex
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Figure 102: Comparison between DSC curve (continuous line) and the derivative of the
displacement measured by TMA (dashed line) for Ti-47Al-2Cr-2Nb in argon atmosphere
and 5 °C.min"" heating rate (e8]

According to the literature M 7> 78 148 130 U "the first peak corresponds to the eutectoid
transformation (o, + y) <> o and is identified in figure 102 at a temperature T, = 1180 °C.
The second peak corresponds to the transformation (a + y) <> o at the alpha transus
temperature T, = 1315 °C in figure 102. The position of the two peaks were identified
graphically at the abscissa of the maximums of the displacement derivative versus
temperatures plots. From figure 102, some conclusions could be drawn. First of all, the
results showed that TMA actually allows the identification of phase transition temperatures.
Just like DSC, only transition temperatures can be determined by TMA and additional
measures such as X-ray Diffraction (XRD) or Energy Dispersive Spectroscopy (EDS) are
needed to identify the actual phase composition. Furthermore, the derivative curves exhibit
well defined peaks that enable to accurately determine the transition temperatures while
identifying the precise position of the peaks is more difficult by the analysis of the DSC
results. Finally, TMA allows more freedom with regards to the specimen geometry than DSC.
In particular, TMA allows to test bigger specimens than DSC which are more representative
of real components.




b. Effect of alloying elements to validate the model

In order to validate the model, in terms of TMA accuracy for y-TiAl phase transformations
evaluation, TMA tests were realized on materials with different chemical compositions since
alloying elements are known to modify the phase transition temperatures. The effect of
alloying elements on phase transitions of y-TiAl alloys has been widely studied. For example,
Huang et al. " showed that Cr addition decreases both the « transus temperature T, and the
eutectoid temperature T.,. Niobium on the other hand was found to increase the eutectoid
temperature T, but have little influence on the a-transus temperature [48, 78, 112, 148, 150]
Thereby, TMA measurements were performed on three different TiAl alloys with slightly
different compositions and produced by EBM under equivalent conditions.
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Figure 103: Comparison of the derivative of the displacement measured by TMA between
Ti-47Al1-2Cr-2Nb (dashed line), Ti-45AI-2Cr-2I\[|6I%](dotted line) and Ti-45AI1-2Cr-8Nb (solid
line)

Figure 103 shows the derivative curve of the displacement of Ti-47Al1-2Cr-2Nb (fine dotted
line), Ti-45A1-2Cr-2Nb (dotted line) and Ti-45A1-2Cr-8Nb (continuous line). Both materials
with the same 45 at.% Al content exhibit almost the same a-transus temperature T, ~ 1295 °C
while Te, increases with the increase of Nb from 1175 °C to 1215 °C. On the other hand, both
materials with the same 2 at.% Nb content show that varying the Al content leads to different
T, whereas T, remains the same (1175-1180 °C, as can be seen figure 103). In particular,
higher T, was found when the aluminum content increases (from 1295 °C for 45 at.% Al to
1315 °C for 47 at.% Al). This is consistent with the trend of the alpha transus line in the Ti-
Al phase diagram figure 90.




c. Dynamic to static results

The transition temperatures determined by either DSC, DTA or TMA are measured
dynamically and vary substantially with different heating rate. However, by extrapolation and
linear regression, as it was realized for DSC analysis !** "1 or DTA "2 it is possible to
correlate dynamic and static conditions according to the following equation:

TR_eu,a =k.R+ TO_eu,a (1)

Where Ty oy, o is the transition temperature for a given heating rate R, k a coefficient and

Ty ey is the transition temperature for a theoretical heating rate of 0 °C.min™" or static
transition temperature.
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Figure 104: Linear regression from dynamic transition o
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TMA was thus found reliable to assess the phase transition temperatures of y-TiAl alloys.
When compared to other well established techniques (such as DSC or DTA), TMA exhibits
sharper well-defined peaks to identify the phase transition temperatures. This method is
obviously quicker than annealing heat treatments and metallographic observations. When one
changes the composition of the y-TiAl alloy, a rather quick and reliable method to identify
the transition temperature variations is a powerful tool.




d. TMA of the EBM optimization trials

Thermo mechanical analysis were systematically performed on as-EBM samples after each
trial described earlier. TMA helped selecting the optimal parameters for the EBM. Small
rectangular samples were therefore prepared from the core of an as-built bar (figure 100). It
was found that the shape and dimensions of the samples influenced the results. For example,
the higher the sample height the higher the peaks. For that reason, only the abscissas of the
peaks tip were considered and the vertical axis was not relevant in this study.

Figure 105 shows the displacement derivatives as a function of temperature measured by
TMA of Ti-45A1-2Cr-8Nb alloys after the different EBM trials describe earlier. All measures
were performed on rectangular 4 x 4 x 10 mm’® specimens in argon flow to avoid oxidation
from room temperature to 1400 °C with a constant heating rate of 5 °C.min"'. Since the
ordinates were not taken into account, the curves were translated along the y-axis for better
reading.
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Figure 105: Displacement derivative vs. temperature measured by TMA of Ti-45A1-2Cr-8Nb
after each trial of the EBM process oetimization. From top to down: 2" trial (black line),
3" trial (dark grey line), 4'" trial (grey line) and 5" Trial (light grey)

Figure 105 highlights the influence of the EBM processing on microstructure and
homogeneity in the as-built material. All four materials exhibited a first peak at a temperature
of ~ 1215 °C, which corresponds to the eutectoid temperature T, of Ti-45A1-2Cr-8Nb (figure
103). In figure 90, the eutectoid temperature for such 8Nb containing alloys appears lower
but the phase diagram in figure 90 does not take into account the effect of Cr addition. The
heating rate of 5 °C.min"" also had an influence (figure 104). Despite different EBM process,
the Nb and Cr ratio barely vary and it was thus expected to find the same eutectoid
temperature.




The o-transus temperature T, of Ti-45A1-2Cr-8Nb alloys presented some differences
according to the EBM trial. For the 3" trial considered viable and consequently the 5" trial
EBM processing, a well-defined single peak was observed (figure 105). It corresponded to an
a-transus temperature of T, ~ 1295 °C. On the other hand, the 2" and 4™ trial exhibited a
double-peak highlighted by green arrows in figure 105. This behavior was not completely
understand. It is believe that it resulted either from the residual porosity or a significant
inhomogeneity in the microstructure. Either way, it was concluded from the TMA
measurements that these EBM processing were inadequate.

Figure 106 shows the derivative displacement as a function of temperature obtained by TMA
of Ti-45A1-2Cr-8Nb and Ti-46Al-2Cr-8Nb. Again, the curves in figure 36 were translated

along the y-axis for better reading. T
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Figure 106: Displacement derivative vs. temperature measured by TMA of Ti-45A1-2Cr-8Nb
(light grey line) and Ti-46Al-2Cr-8Nb (black line) fabricated by EBM according to the
selected conditions

First of all, the eutectoid temperature were identical for both alloys at T, = 1215 °C. This
was expected since the Nb and Cr contents were equal. Furthermore, it confirmed the
reliability of the measure. On the other hand, the o-transus temperatures were slightly
different. This was consistent since Ti-46A1-2Cr-8Nb has a slightly higher amount of Al than
Ti-45A1-2Cr-8Nb. As suggested before, higher amount of aluminum led to higher a-transus
temperature (figure 90). In figure 103, T, increased from 1295 °C for 45 at.% Al to 1315 °C
for 47 at.% Al. Here, T, ~ 1295 °C for Ti-45A1-2Cr-8Nb while T, ~ 1305 °C for Ti-46Al-
2Cr-8Nb. However, the TMA curve of Ti-46Al1-2Cr-8Nb alloy exhibited a kind of double
peak as could be observed in figure 105, although less pronounced (green arrows in figure
106). This suggested that the EBM parameters could be further optimized for the fabrication
of Ti-46Al-2Cr-8Nb which contains higher amount of aluminum. Though the TMA of Ti-
46A1-2Cr-8Nb was not perfectly clear, it was acceptable and the EBM conditions were
judged satisfactory.




In figure 107, the difference between the core and the edge of the samples was highlighted by
TMA. As it was previously evidenced by atomic absorption (section II1.2.a.2), the contour
(external circular melting) of the as-built samples exhibited a lower amount of aluminum.
TMA was used to confirm that observation. Smaller 2 x 2 x 5 mm"® samples were prepared
from the contour or edge, which was too thin to get bigger samples (figure 89). Bigger 4 x 4 x
10 mm’® specimens were taken from the core instead. TMA were performed in the same
conditions, with a heating rate of 5 °C.min"". T
qa
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Figure 107: Displacement derivative vs. temperature measured by TMA in the core (black
line) and the edge (light grey line) of Ti-45A1-2Cr-8Nb fabricated by EBM according to the
selected conditions

The eutectoid temperatures identified from the derivative of the displacement measured by
TMA in the edge and the core of Ti-45A1-2Cr-8Nb were slightly different. In the edge Te, ~
1210 °C while in the core Te, ~ 1215 °C. The aluminum content has no effect on the
eutectoid temperature (figure 103) but the evaporation of aluminum in the edge was so high
that the chemical composition ratio was modified. Secondly, the a-transus temperatures
identified from TMA in the core and the edge of the as-built specimen were very different. In
the core T, ~ 1295 °C while in the edge T, ~ 1265 °C. This suggested, according to the trend
of the a-transus temperature in figure 90, that the edge contained a lot less aluminum.




IV. Microstructure set-up by post processing heat
treatment

1. Hot Isostatic Pressing (HIP)

Hot Isostatic Pressing (HIP) is a treatment that combines high temperature and pressure in
order to improve material properties. Materials are hold for a certain time at high temperature
and subjected at the same time to high pressure applied by an inert gas. For example, cast
materials for critical applications are often HIPed to eliminate or reduce the internal porosity
to improve mechanical properties. In powder metallurgy, HIP emerged as an outstanding
manufacturing process to consolidate fully dense components from powders. It allowed in
particular to produce near-net-shape parts. For the production near-net-shaped y-TiAl
components for structural applications, Hot Isostatic Pressing is performed either to reduce

porosity of cast parts or direct fabrication from powders *% 75159,

In this study, HIP was used or rather studied after the EBM processing for two purposes. It
was primary used to further reduce the residual porosity, source of defects, although already
very low as described previously (section III.1). Secondly, it was used as a homogenization
treatment at high temperature in the lower part of the (a0 + y) phase field that led to
recrystallization. The conditions of HIPing were 1260 °C under an argon pressure of 170
MPa for 4 hours.

As described previously in section III.1, the EBM process could not produce fully dense
materials. Residual porosity, resulting from the process itself and/or the initial powders
porosity, was always observed. Therefore, bars as-built by EBM were subjected to HIP with
the scope to reduce to the minimum the residual porosity. The following table 28 displays
representative micrographs of the average residual porosity of materials as-EBM and as-HIP.
The measure of porosity was inserted.
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Average porosity : 0.28 £ 0.32 %. Average porosity : 0.06 £+ 0.08.

Table 28: Residual porosity as measured in samples after EBM and after subsequent HIP
for Ti-45A1-2Cr-8Nb and Ti-46Al-2Cr-8Nb.

For the 2 EBM Trial that exhibited a residual porosity > 1%, subsequent hot isostatic
pressing drastically reduced the porosity down to an average of 0.14 £ 0.24 %. However,
some elongated pores attributed to the process could still be observed and displayed in the
figure in table 28. It suggested that HIP in these conditions was not sufficient to completely
eliminate the process residual porosity, which led to the subsequent process optimizations
described earlier in section III.1.




In the case of the selected EBM conditions (5™ Trial EBM) used to fabricate both Ti-45Al-
2Cr-8Nb and Ti-46Al1-2Cr-8Nb alloys, the effect of HIP was not obvious (table 28). The
porosity measured as-EBM and as-HIP were similar and the differences resulted from the
statistical point of view. Both as-EBM and as-HIP materials showed very low residual
porosity << 1 %.

Considering residual porosity, it was found that hot isostatic pressing effectively reduced the
porosity resulting from the EBM process. On the other hand, for an optimized EBM process
that did not induce residual porosity from unconsolidated and unmelted regions, HIP was not
found significantly beneficial. It was therefore concluded that Hot Isostatic Pressing to reduce
the residual porosity of the as-EBM 7y-TiAl alloys under investigation was not necessary.

Since HIP was performed at 1260 °C, which is in the (o + y) phase field (figure 90), it was
expected that the effect of temperature led to a certain recrystallization of the microstructure.
The as-EBM microstructure described earlier exhibited an equiaxed microstructure composed
by very fine and bigger y and a grains (figures 92 and 93). The following tables show
representative optical micrographs of the microstructure of Ti-45A1-2Cr-8Nb (table 29) and
Ti-46Al1-2Cr-8Nb (table 30) after EBM (as-EBM) and after subsequent HIP (as-HIP).

Ti-45A1-2Cr-8Nb

|_200 pm |

Table 29: Optical m|crograph at magnlflcatlons x100 and x200 of Ti 45AI ZCr 8Nb aIons
after EBM and after subsequent HIP
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Table 30: Optical micrograph at magnifications x100 and x200 of Ti-46AIl-2Cr-8Nb alloys
after EBM and after subsequent HIP
As it was anticipated considering the high temperature of the HIP treatment, a slight but
significant recrystallization could be observed. In particular, growth of the very fine grains
was noticed while the maximum grain size remained similar to that of as-EBM materials.

This led to an as-HIP microstructure interestingly more homogeneous than as-EBM.

This recrystallization was associated to the temperature only
and the role of pressure on that matter was unclear. Samples as-
EBM of Ti-45A1-2Cr-8Nb were treated in argon for 4 hours at
1260 °C, that were the same conditions of the HIP treatment
without pressure, defined as Simul-HIP or SHIP. The SHIP
treatment and all the following heat treatments were realized in
a GERO high temperature laboratory furnace type LHTW
(figure 108). The schematic drawing of the Simul-HIP
treatment is shown figure 109. The x50 magnification
micrographs of both materials after HIP and SHIP are
displayed in figure 110 and 111 respectively. The micrographs
are the reconstruction of x50 images taken edge to edge of the :
samples and stitched together. The microstructure was D
symmetrical with respect to the center of the cylindrical  Eigure 108: GERO furnace for
samples. Figure 110 and 111 thus represent the microstructures  heat treatment of y-TiAl alloys
along the layer deposition direction from edge to core.
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Figure 109: Schematic drawing of the Simul-HIP treatment

Figure 110: Optical micrograph at magnification x50 of Ti-45AI-2Cr-8Nb after HIP (1260 °C,
170 Argon)

-3

of Ti-45A1-2Cr-8Nb after SHIP (1260

Figure 111: Optical micrograph at magnifiation x50
°C, 4h, Argon)

The fine equiaxed microstructures of HIP and SHIP of Ti-45A1-2Cr-8Nb alloys were very
similar (figure 110 and 111) which suggested that the pressure had little influence on
microstructure. The materials were treated in different furnaces (HIP furnace and GERO
furnace) by different organization (Avio’s supplier for HIP and DISAT for SHIP). Yet the
microstructures were very alike, confirming the dominant role of temperature.




Vickers microhardness measurements were done on both HIP and SHIP Ti-45A1-2Cr-8Nb
alloys. A set of 10 imprints were realized on each materials. The average Vickers
microhardness values were reported in the following table 31.

. Microhardness
Alloy Ti-45A1-2Cr-8Nb (Hv)
HIP 322+ 19
SHIP 326+ 12

Table 31: Vickers microhardness of Ti-45A1-2Cr-8Nb after HIP and SHIP treatment

The microhardness of HIP and SHIP Ti-45AI1-2Cr-8Nb materials were very similar. It
suggested that both HIP and SHIP microstructure were equivalent. HIP advantageously
recrystallized the as-EBM microstructure more homogeneously. However, the same result
could be obtained more economically through conventional heat treatment in argon (to avoid
severe oxidation at high temperature) in the same conditions (4 hours at 1260 °C).

The main difference observed for SHIP with
respect to HIPed materials was a white zone at the
very edge of the sample, highlighted in figure 111
by a red bracket. This defect was identified for all
samples treated in DISMIC in the GERO furnace.
It was thus concluded that it resulted from the heat
treatment. It was in particular also observed on the

top surface of every small cylindrical samples
= WY L e (figure 78B). The opposite figure 112 shows this
Figure 112: Top surface of a Ti-46Al-  defect on the top surface of a HIPed Ti-46Al1-2Cr-

2Cr-8Nb sample HIPed and o
subsequently heat treated at 1315 °C 8Nb sample after subsequent treatment at 1315 °C.

for 2h in vacuum in GERO furnace.

it

The reason was not clear and different cause have been assessed. It was suggested that the
pressureless Ar environment in the GERO furnace could be responsible. Else, materials from
the furnace chamber (tungsten, molybdenum, alumina) could diffuse on the sample’s surface
during the treatment. In any case, these defect zones which composition was not studied were
limited and would anyway be removed chemically after heat treatments at the same time of
the Al-depleted contour.




2. Heat treatments around T, to set the microstructure

The heat treatments were done in the electric
GERO furnace (figure 108). All treatments
were realized under high vacuum (10 mbar)
to avoid oxidation. Figure 113 shows four
cylindrical y-TiAl samples installed in the
chamber. Heat treatments were usually
performed one sample at a time, positioned in
the center of the chamber to increase
homogeneity of the temperature. A schematic
drawing of the heat treatment is displayed
figure 114.

Heat treatment

Heat treatment
temperature .-

Heating
device

Figure 113: 4 TiAl gamples in the furnace
chamber of the GERO furnace for heat
treatments

o 1 2
Time (h)

10 mm height cylindrical
samples (figure 78B) were
heat treated in the GERO
furnace. Samples were hold
at the selected heat treatment
temperature for 2 hours.
Finally, the samples were
furnace cooled down to room
temperature.

3

Figure 114: Schematic drawing of the heat treatment
performed in GERO furnace under high vacuum (10'4 mbar)

Samples of the Ti-45A1-2Cr-8Nb alloy were cut out of as-built EBM bars. The base
microstructure, weather as-EBM or as-HIP, consisted of a mixture of fine equiaxed a and y
grains. Heat treatment in the vicinity of the a-transus temperature T, would produce a duplex
microstructure composed by fine equiaxed grains and coarser lamellar grains. The higher the
heat treatment temperature the higher the amount of lamellar grains, up to a fully lamellar
microstructure. T, was identified by TMA at 1295 °C for Ti-45A1-2Cr-8Nb (figure 106).
Heat treatments were therefore performed on as-EBM samples, which had not been Simul-

HIPed, every 5 °C from 1285 °C to 1310 °C.




Figure 115 shows the microstructure of the samples after treatment. The micrographs are the
reconstruction of x50 images taken edge to edge of the samples and stitched together, thus
representing by symmetry the microstructure over the whole section. The phase diagram in
figure 115 was taken from the partial phase diagram for Ti-Al containing 8 at.% of niobium
according to Chen et al (figure 90) [''?],

44 49

e o1 blagaaa

1?0“ Ialﬂbl L L} i !

———

1600

~

wn
o
=]

I
[
o

Temperature (°C)

Mg
o
o

1100

I'lTlllT'l'I'I'T/II'l'ITI'II'III'IT!'IITT'I'I1II

(7]

o

=]
raaadagsgadaagatlagggdasaadag sl asuyg

EDDD TI|III|EIIII|IFI
40 50

Al content (%)

Figure 115: Optical micrographs representing the microstructure along the layer
deposition direction of as-EBM Ti-45A1-2Cr-8Nb alloys treated at different temperatures in
the vicinity of Tq = 1295 °C

In figure 115, it is obviously observed the evolution of microstructure in correspondence to
the heat treatment temperature. As first consideration, the external 2mm Al-depleted contour
should not be taken into account. The yellow dotted line in figure 115 illustrates the virtual
border. As expected, the microstructure was significantly different in the external contour and
the core of the sample.




At 1285 °C, the microstructure was very similar to that of the SHIP samples (figure 111). The
first lamellar grains could be observed after heat treatment at 1290 °C. After treatment at
1295 °C, slightly under 50 % lamellar grains were counted, in a lesser amount at the very
core of the sample. At 1300 °C, over 50 % of lamellar grains were more homogeneously
distributed among fine equiaxed o and y grains. However, at such lamellar ratio a substantial
inhomogeneity of the microstructure throughout the sample was observed. The lamellar
grains ratio and average lamellar grain size increased when the temperature increased to 1305
°C. Also, the microstructure was homogeneous and lamellar grains were uniformly
distributed. After treatment at 1310 °C for 2 hours the microstructure was nearly lamellar,
consisting in 90 % of coarse lamellar grains pinned mostly at grain boundaries by fine
equiaxed grains. Over 1315 °C, the microstructure was fully lamellar composed by coarse
(300-500 pm) lamellar y/a colonies.

The fine equiaxed as-EBM microstructure could be modified by simple heat treatments at a
temperature around T, (figure 115). The microstructure could thus be set-up from the as-
EBM fine equiaxed to duplex with any lamellar grain ratio, up to coarse fully lamellar. The
mechanical properties of y-TiAl alloys are very sensitive to microstructure. Therefore, the
ability to set any microstructure by simple post-processing heat treatment is of great interest.

The Vickers hardness were measured for the different microstructures in figure 115. A set of
10 measurements were realized on Ti-46A1-2Cr-8Nb and the average value was calculated.
The following table 32 displays the values of Vickers hardness measured on samples treated
at different temperature, exhibiting as-HIP microstructure and duplex microstructure with 35
and 80 % of lamellar grain quantified according to ASTM E562-01.

Microstructure Ha(li_(li‘lll)ess
HIP 272 +£3
lamellar ratio: 35 % 343 + 17
lamellar ratio: 80 % 291 +4

Table 32: Vickers hardness measurements and corresponding yield strength according to
Kim et al. of Ti-46Al-2Cr-8Nb alloys with different microstructure

The standard deviation of the hardness measurements in table 32, significantly high for a
lamellar ratio of only 35 %, resulted from the inhomogeneity of the microstructure previously
mentioned.




Samples as-EBM and as-HIP of Ti-45A1-2Cr-8Nb were treated together and the
microstructures of both materials were analyzed. Figure 116 shows the microstructures of as-
EBM and as-HIP specimens after heat treatment at different temperatures. In general terms,
the microstructures of samples that had been subjected to HIP were obtained with treatments
at temperatures 5 °C lower with respect to as-EBM materials.

1310 °C Sy Rt SRS R 1305 °C |
Figure 116 Duplex mlcrostructures of T| 45Al- 2Cr 8Nb obtained by heat treatment at
1300, 1305 and 1310 °C for EBM materials and 1295, 1300, 1305 °C for EBM + HIP
materials.

The microstructure of EBM materials obtained after heat treatment at 1300 °C was very
similar to that of materials that had been subjected to subsequent HIP after processing and
treated at 1295 °C. The lamellar ratio of EBM specimens treated at 1300 °C was slightly over
50 %, while lamellar ratio of HIP specimens treated at 1295 °C was about 65 %. At
temperatures 5 and 10 °C higher, the correlations were even closer. The lamellar ratio of
EBM and HIP specimens treated at 1305 and 1300 °C were 72 % and 73 % respectively.
Likewise, the lamellar ratio of EBM and HIP specimens treated at 1300 and 1305 °C were 87
% and 90 % respectively (figure 116).

The reason of such a behavior was not clear. Initially, it was believed that the
recrystallization induced by HIP was responsible (tables 29 and 30). However, as-EBM
samples had been Simul-HIP (figure 109) and subsequently heat treated in the same
conditions (figure 116). Even though the original microstructures of Simul-HIP specimens
were similar to that of HIP specimens, the microstructures after heat treatment of Simul-HIP
samples were similar to that of heat treated as-EBM specimens (left side in figure 116). It
was therefore assumed that the pressure during HIP could have an effect.

However, the control of the actual temperature in the GERO furnace was critical and regular
calibrations were needed. To control the actual temperature in the GERO furnace, pure
copper and iron were heated around their melting temperature (1083 °C for Cu and 1536 °C
for Fe). The difference between the actual temperature in the furnace and the setpoint
temperature could thus be determined. The HIP specimens have been heat treated
significantly later than the EBM specimens and no calibration was done in between. It was
therefore most likely that the actual heat treatment temperatures were slightly different even
though the setpoint temperatures were equal. At that point of the study, a 5 °C difference was
hardly identified.




The 3" generation y-TiAl alloy under investigation containing higher content of aluminum
was also treated for microstructural set-up. Samples as-EBM and as-HIP of Ti-46A1-2Cr-8Nb
were treated together and the microstructures of both materials were analyzed. Figure 117
shows the microstructures of as-EBM and as-HIP specimens after heat treatment at different
temperatures.
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Figure 117: Duplex mlcrostructures of Ti- 46AI 2Cr 8Nb obtalnedby heat treatments at
1305, 1315 and 1320 °C for EBM and EBM + HIP materials.

The o-transus temperature of Ti-46Al-2Cr-8Nb identified by TMA was T, = 1305 °C (figure
116), which is 10 °C higher than that of Ti-45A1-2Cr-8Nb. It was therefore expected that heat
treatment of Ti-46Al1-2Cr-8Nb at temperatures 10 °C higher with respect to Ti-45A1-2Cr-8Nb
would set similar microstructures. As first consideration, the difference of microstructure
between EBM and EBM + HIP samples treated at the same temperature was less obvious in
figure 117. This time, EBM and EBM + HIP samples have been treated at the same time. It
thus suggested that the difference observed figure 116 likely resulted from the calibration as
suggested. Measures over a bigger area of the samples showed the microstructure had a
lamellar ratio only about 5 % higher for HIPed specimens although the average lamellar grain
size was smaller.

In the case of Ti-46Al-2Cr-8Nb, the set-up of the desired microstructure was achieved as
well. As it was anticipated from TMA analysis, heat treatments at temperatures 10 °C higher
with respect to Ti-45AI1-2Cr-8Nb led to similar microstructures. Lamellar grains ratio of
about 75 % was achieved by heat treatment at 1315 °C for 2 hours. Lamellar grains ratio of
about 90 % was achieved by heat treatment at 1320 °C for 2 hours.




The heat treatment was selected with regards to the materials properties, strongly dependent
on the microstructure for a given composition. Therefore, the best compromise should be
found to obtain satisfying properties at all temperatures. With regards to creep resistance, a
high amount of coarse lamellar grains is sought. The presence of a low amount of fine
equiaxed grains is also desirable to increase ductility at low temperatures. Considerations on
fracture toughness of y-TiAl alloys recommend a lamellar grains ratio higher than 70 %.
Regarding the tensile properties, a duplex microstructure with rather fine lamellar grains is
suitable.

With these considerations, Ti-(45-46)Al-2Cr-8Nb alloys were treated to obtain a duplex
microstructure composed by 80 % to 90 % of lamellar grains pinned by fine equiaxed grains
preferably at grain boundaries. Ti-45A1-2Cr-8Nb and Ti-46Al1-2Cr-8Nb alloys in as-EBM
conditions were therefore heat treated at 1305 °C and 1320 °C respectively. The heat
treatment temperature for Ti-45A1-2Cr-8Nb was 1305 °C rather than 1310 °C which
exhibited lamellar grains significantly bigger (figure 116).




Figure 118 shows the microstructure of Ti-45AI1-2Cr-8Nb treated at 1305 °C in the GERO
furnace according to the heat treatment described figure 114. The microstructure in the edge
and the core of the sample are highlighted at magnification x100 (figure 118B and 118C) and
x200 (figure 118D and 118E).

Figure 118: Optical mi
material heat treated at 1305 °C for 2 hours in vacuum. A is the composition of images
taken at magnification x50 stitched together, B and C were taken at magnification x100
respectively in the edge and the core of the specimen, D and E were taken at
magnification x200 respectively in the edge and the core of the specimen

The microstructure in the core of Ti-45A1-2Cr-8Nb after heat treatment at 1305 °C was
homogeneous. It was composed by 80 % of lamellar grain with a size comprised between 100
and 300 um. At lamellar grain boundaries, fine equiaxed grains smaller than 50 pm were
observed.




Figure 119 shows the microstructure of Ti-46Al-2Cr-8Nb treated at 1320 °C in the GERO
furnace according to the heat treatment described figure 114. The microstructure in the edge

and the core of the sample are highlighted at magnification x100 (figure 119B and 119C) and
x200 (figure 119D and 119E).
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Figure 119: Optical micrographs showing the microstructure of as-EBM Ti-46Al-2Cr-8Nb
material heat treated at 1320 °C for 2 hours in vacuum. A is the composition of images
taken at magnification x50 stitched together, B and C were taken at magnification x100
respectively in the edge and the core of the specimen, D and E were taken at
magnification x200 respectively in the edge and the core of the specimen

The microstructure in the core of Ti-46Al1-2Cr-8Nb after heat treatment at 1320 °C was very
similar to that of Ti-45A1-2Cr-8Nb after heat treatment at 1305 °C (figure 118), composed by
80 % of lamellar grain with a size comprised between 100 and 300 pm and pinned by fine
equiaxed grains smaller than 50 pm.




The external contour, about 2 mm wide, contained an Al content significantly lower than the
core. This was most likely due to higher evaporation of aluminum during the EBM process.
This consideration was confirmed on the one hand by TMA which exhibited T,(edge) <
To(core) (figure 107), suggesting a lower amount of aluminum (figure 90). On the other hand,
atomic absorption analysis of materials from the core and the edge of as-built specimens also
confirmed an Al depletion in the edge (table 27).

The optical micrographs exhibited a microstructures which further confirmed a lower amount
of aluminum in the edge. From the revised phase diagram displayed in figure 90, both 45Al
and 46Al alloys pass through the B-phase field upon solidification. In figure 90, the less the
Al content the more the amount of B-phase. This soft phase is of particular interest for
wrought alloys because it allowed hot working. However, this phase is detrimental for creep
resistance. In the case of EBM materials, the B-phase is rather to avoid since this near-net-
shape process does not need post-processing shaping [** 3% 12813,

Figures 120 and 121 show the microstructure at high magnification (x500) in the edge and in
the core of Ti-45A1-2Cr-8Nb and Ti-46Al1-2Cr-8Nb respectively.
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Figure 121: High magnification (x500) optical micrographs taken in the edge and the core
of as-EBM Ti-46Al-2Cr-8Nb heat treated at 1320 °C




In figures 120 and 121, a rather high amount of B-phase can be observed. Such phase, which
appears bright white with no preferential shape, was highlighted by red arrows. The edge of
the samples contained definitely more amount of B-phase than the core. The same observation
could be made at lower magnification figures 118 and 119. In the core, a few amount of -
phase could be observed randomly distributed mostly at grain boundaries. In any case, the
higher amount of B-phase in the edge of the sample confirmed the lower amount of aluminum
in the edge.

As can be seen figure 118 for Ti-45A1-2Cr-8Nb and figure 119 for Ti-46A1-2Cr-8Nb, the
microstructure in the edge of sample treated at 1305 °C and 1320 °C respectively was
composed by fine lamellar grains, very fine equiaxed grains and B-phase at the grain
boundaries. Not only the aluminum content was lower in the edge due to higher evaporation
during the EBM process, the effects of temperature and cooling rate were different between
the edge and the core.

V. Oxidation behavior of 2"! and 3™ generation y-TiAl
alloys

v-TiAl based alloys have received much attention in the past 20 years as alternative light-
weight materials for high temperature structural applications, with particular interest for
aeroengines and turbochargers rotating parts [#: 30 33-36 59, 65-68. 70-74.76. 77, 88, 110, 112-118, 160] ' gy, 0y
applications require specific material properties such as high temperature strength, fatigue
strength, fracture toughness, room-temperature ductility. Moreover, temperature in the
aeroengine turbines and the last stages of the high pressure compressor exceeds 700 °C and
can be as high as 1000 °C in turbochargers for gasoline engines. Thus, oxidation resistance at
high temperature is a critical property of y-TiAl based alloys.

Much research have focused on enhancing the oxidation resistance of TiAl based alloys by
means of material’s selection and processing. The poor oxidation resistance of y-TiAl is
attributed to the deficiency of external alumina scales and undesired rapid growth of rutile 1
26. 67 76, 88, 110, 1L 114, 116, 1611 “ywhile microstructure has little influence on the oxidation
behavior of y-TiAl, alloying elements addition is found promising in order to increase
significantly the oxidation resistance and keep a good balance of mechanical properties [** >
33,36,70, 76, T0. 11 114, 160. 162] “his Jed to the development of third generation y-TiAl, highly
alloyed with refractory elements for high temperature applications. Nb, Ta, Mo, W, Si, B, Zr,
Cl when added in a proper range are substantially beneficial with regards to y-TiAl oxidation
resistance.

It has been widely accepted the beneficial effect of Nb [#8: 20- 34-56. 67. 70,72, 7577, 86. 88, 102, 110. 111,
13, 114 160.162] "1y addition to an enhanced creep resistance, y-TiAl alloyed with Nb exhibit a
significant increase in oxidation resistance. Having a higher value of valence than Ti, Nb is
believed to reduce the oxygen vacancy concentration thus slowing down rutile growth. The
Nb content should be over 2 at.% to show some benefits and kept under 20 at.% to prevent
the formation of Nb,Os detrimental for oxidation resistance.




The alloys under investigation in this study had a nominal composition of Ti-45A1-2Cr-8Nb
and Ti-46A1-2Cr-8Nb. The higher content of Nb with respect to 2™ generation y-TiAl alloys
suggests increased oxidation resistance of the studied 31 generation alloys, regardless the
fabrication method. Therefore, the oxidation behavior of the studied alloys Ti-45A1-2Cr-8Nb
and Ti-46A1-2Cr-8Nb produced by Electron Beam Melting were investigated. The oxidation
tests were systematically carried on the 2™ generation Ti-48Al-2Cr-2Nb alloy as well,
produced by EBM too. This study was published in the EuroPM 2013 Proceedings [*7).

1. Thermogravimetric analysis in air up to 1000 °C

Small 5x5x5 mm’ cubic samples of Ti-45A1-2Cr-8Nb, Ti-46A1-2Cr-8Nb and Ti-47A1-2Cr-
2Nb were precisely cut from the core of as-EBM bars for thermogravimetric analysis (Mettler
Toledo AG — TGA/STDAS8S51e). Particular care was taken so that samples from both alloys
were identical in order to avoid shape influence on the oxidation performance, in particular
due to different surface-core ratios. The specimens were continuously heated in a 50 mL.min
" air flow from 25 to 750 °C with a heating rate of 10 °C.min™". From 750 °C to 1000 °C, the
heating rate was reduce to 0.5 °C.min"" in order to reduce dynamic effects. Figure 122 shows
the results of the thermogravimetric analysis. The graph plots the mass gain in percentage as
a function of temperature and highlights the 750 - 1000 °C portion in which the heating rate
was reduced to 0.05°C.min"".
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Figure 122: Mass gain versus temperature of Ti-45A1-2Cr-8Nb, Ti-46Al1-2Cr-8Nb and Ti-
47Al1-2Cr-2Nb during heating in air from 25 to 750 °C at 10 °C.min"" and from 750 to 1000
°C at 0.05 °C.min"". The figure highlights the 750 - 1000 °C portion of the graph
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In figure 122, it is clearly observed a significant increase in the oxidation rate of Ti-47Al-
2Cr-2Nb around 830 °C, which is not evidenced for Ti-45A1-2Cr-8Nb and Ti-46A1-2Cr-8Nb.
Except from this noticeable difference, the oxidation behavior of the y-TiAl alloys were very
similar. It suggested that at a certain critical temperature the lowly alloyed Ti-47Al1-2Cr-2Nb
was subjected to accelerated oxidation, which the high content of Nb of Ti-(45-46)Al-2Cr-
8Nb seemed to suppress or rather postpone. From figure 122, the oxidation rate of all three
materials were similar at the end of the experiment although the increase of the oxidation rate
appeared smoother in the case of high Nb containing Ti-(45-46)Al-2Cr-8Nb alloys. At the
end of the experiment, Ti-47AI1-2Cr-2Nb exhibited a mass gain of about 0.39 % with respect
to the initial weight of the sample. On the other hand, a mass gain of about 0.20 % was
observed for Ti-45A1-2Cr-8Nb and 0.15 % for Ti-46Al1-2Cr-8Nb.

Regarding the 3™ generation alloys containing high content of Nb, the oxidation behavior
during constant heating were very similar. When temperature raised over 850 °C, the mass
gain of Ti-46Al-2Cr-8Nb was slightly lower than that of Ti-45Al-2Cr-8Nb. This was
anticipated since the higher amount of Al in Ti-46Al-2Cr-8Nb is beneficial for oxidation
resistance, promoting the formation of alumina Al,O; over rutile TiO,.

Pictures of the samples after the test were integrated in figure 122 in correspondence to the
proper curve. The Ti-48Al-2Cr-2Nb specimen presented major spallation of the surface.
Almost the entire external layer was removed. In the case of Ti-(45-46)Al-2Cr-8Nb alloys,
the spallation was much lower. The color of the external layers gave a hint about the nature of
the oxides. The green yellowish was typical of rutile while clearer area suggested alumina.
The more the sample was oxidized the more its aspect was rutile-like (figure 122).

From the thermogravimetric analysis represented figure 122, three critical temperatures were
identified: 750 °C, 850 °C and 950 °C indicated by red arrows. At 750 °C, all three materials
showed almost no sign of mass gain due to oxidation. At 850 °C on the other hand, Ti-47Al-
2Cr-2Nb only exhibited a critical increase of the oxidation rate. Finally at 950 °C, the
oxidation of the three materials were similar, slightly lower for the high Nb containing alloys.




2. Thermogravimetric analysis in air during isothermal
oxidation at 750, 850 and 950 °C for 10 hours.

Thermogravimetric analysis (TGA) were realized on Ti-47Al-2Cr-2Nb, Ti-45A1-2Cr-8Nb
and Ti-46Al1-2Cr-8Nb alloys during isothermal oxidation for 10 hours at the critical
temperatures identified in the previous section. Small 5x5x5 mm’ cubic samples were
precisely cut from the core of as-EBM bars and heated at 10 °C.min™" up to a temperature of
750, 850 and 950 °C. The samples were then kept at these temperatures for 10 hours and the
mass gain over time was recorded. Figures 123, 124 and 125 show the result of the TGA
during isothermal oxidation at 750, 850 and 950 °C respectively. Images of the samples at the
end of the tests were inserted in figures 53, 54 and 55 to detail the aspect of the external
layer, and the potential occurrence of spallation.
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Figure 125: Mass gain versus time of Ti-47Al-2Cr-2Nb, Ti-45AI1-2Cr-8Nb and Ti-46Al-2Cr-
8Nb alloys during isothermal oxidation in air at 950 °C for 10 hours




In figure 123, all three samples were kept at 750 °C for 10 hours under a continuous air flow
of 50 mL.min™. After the experiment, the specimens didn’t show any sign of oxidation. No
significant mass gain was recorded by TGA over the 10 hours at 750 °C. It was therefore
concluded that no relevant oxidation takes place in air after short time at 750 °C for Ti-(45-
47)Al-2Cr-(2-8)ND alloys.

Figure 124 shows the mass gain over time of samples hold at 850 °C for 10 hours in air. This
temperature was identified in figure 55 as critical for the lowly alloyed Ti-47Al-2Cr-2Nb.
The mass gain versus time curves in figure 56 highlight the higher oxidation resistance of Ti-
(45-46)Al-2Cr-8NbD alloys. After 10 hours at 850 °C, the mass gain was about 0.06 % for Ti-
(45-46)Al-2Cr-8Nb alloys while it was 0.12 % for Ti-47Al-2Cr-2Nb. Also, the external layer
of Ti-47AI1-2Cr-2Nb was brighter than that of Ti-(45-46)Al-2Cr-8Nb alloys. No spallation
was observed but the nature of the oxides was clearly different between 2Nb and 8Nb
containing alloys.

Figure 125 shows the mass gain over time of samples hold at 950 °C for 10 hours in air. The
oxidation was clearly higher compared to isothermal oxidation et 850 °C for all materials.
Again, Ti-47A1-2Cr-2Nb appeared much more oxidized than Ti-(45-46)Al-2Cr-8Nb alloys.
After 10 hours at 950 °C in air, the mass gain of Ti-47AIl-2Cr-2Nb was slightly under 0.4 %.
Ti-(45-46)Al-2Cr-8Nb alloys on the other hand exhibited a mass gain of about 0.16 %. Only
little spallation was observed for Ti-(45-46)Al-2Cr-8Nb alloys while the most part of the
external layer appeared consistent. On the contrary, the spallation was significant in the case
of Ti-47A1-2Cr-2Nb (figure 125).

The beneficial effect of higher amount of Nb was obvious in figure 124 and 125. The Ti-(45-
46)Al-2Cr-8Nb alloys exhibited very similar behavior, suggesting that the effect of Nb on
oxidation resistance in such range of composition takes over compared to the Al content.
Actually, despite a higher amount of Al, the mass gain of Ti-47A1-2Cr-2Nb was at least twice
that of Ti-(45-46)Al-2Cr-8Nb alloys after oxidation at 850 °C and 950 °C for 10 hours in air.
The same behavior was observed during heating (figure 122) where the mass gain of Ti-(45-
46)Al1-2Cr-8Nb alloys were half that of Ti-47AIl-2Cr-2Nb. Therefore, it was concluded from
TGA that increasing the amount of niobium from 2 to 8 at.% led to increase the oxidation
resistance by two for short time exposure at high temperature (< 1000 °C).




3. Isothermal oxidation in air at 850 °C up to 100 hours.

The application temperature of conventional y-TiAl is limited due to a significant oxidation
above 700 °C [ 3% G- 7071 "The development of nd generation y-TiAl alloys containing a
small amount of refractory elements allowed to slightly higher the application temperature 1**
1 From figure 122 and 123, Ti-47A1-2Cr-2Nb showed no sign of oxidation up to 750 °C. It
was found in the previous section that for short time exposure, the oxidation resistance of Ti-
(45-46)A1-2Cr-8Nb alloys was twice that of Ti-47Al1-2Cr-2Nb (figure 122, 124 and 125).
Therefore, the oxidation behavior of the Ti-47A1-2Cr-2Nb and Ti-45A1-2Cr-8Nb were
compared during long-term isothermal oxidation at 850 °C, which is over 100 °C higher than
the application temperature recommended for conventional y-TiAl alloys.

A set of bigger 10x10x10 mm® cubic samples from Ti-47A1-2Cr-2Nb and Ti-45A1-2Cr-8Nb
alloy were cut from the core of as-EBM bars, polished down to 4000 grit (~ 6um abrasive
paper) and the surface area of each one of the specimen was calculated. These specimens
were put together in a furnace in static air at 850 °C for 7, 30, 50 and 100 hours. After the
given time, the Ti-47Al-2Cr-2Nb and Ti-45A1-2Cr-8Nb samples were simultaneously taken
out of the furnace and cooled down in ambient air. At this stage, the specimens experienced
cooling from 850 °C to room temperature in air which in some case caused spallation of the
oxide scale (circled points in figure 126). Once at room temperature, the specimens were
weighted with a 0.1 mg precision balance. The mass gain per surface area was plotted in
figure 126. The macroscopic aspect of the oxidized samples is also shown in figure 126.
When spallation occurred, the spall were weighted as much as possible (specimens were hold
in a ceramic crucible).

1.1 Isothermal oxidation in air at 850 °C
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Figure 126: Mass gain by surface area of Ti-47Al-2Cr-2Nb and Ti-45A1-2Cr-8Nb after
oxidation in air at 850 °C for 7, 30, 50 and 100 hours. Circled points indicate that
spallation occurred [671




It is clear from figure 126 that the oxidation resistance of Ti-45A1-2Cr-8Nb was significantly
higher than that of Ti-47Al-2Cr-2Nb. The mass gain by surface area of the high Nb
containing alloy was lower than half that of the lowly alloyed y-TiAl. Moreover, the
macroscopic aspect of the external oxides was different from an alloy to another which
suggests differences of the grown oxide. On the one hand, the oxide grown on Ti-47Al-2Cr-
2Nb exhibited a light grey color and was uniformly distributed over the whole surface.
Already after 7 h of oxidation, the base alloy was completely covered. After 50 h of
oxidation, the first signs of spallation were observed at the corners of the cubic sample and
spallation was substantial after 100 hours. In addition, the surface of the sample exhibited
some area clearly more damaged.

On the other hand, oxidized Ti-45A1-2Cr-8Nb exhibited a dark grey color. After 30 hours of
oxidation, the specimen still displayed mirror-like reflections which suggests a very thin
oxide layer. Else, all oxidized Ti-45A1-2Cr-8Nb specimens showed a non-uniform external
oxide scale with lighter low-Nb-like zone. After 100 hours of oxidation, no sign of spallation
was observed.

Moreover, the oxidation rate appears different during the first 50 hours of oxidation. While
the mass gain per surface area of Ti-47Al-2Cr-2Nb increases quickly, the mass gain of Ti-
45A1-2Cr-8Nb has a much slower rise. Though further tests should be done at intermediate
temperature, it suggests that Nb addition reduces the oxidation rate of TiAl alloys, as it was
observed in figures 122, 124 and 125.

X-ray diffraction analysis were carried on the surface of as-EBM samples before any
treatment and of each specimen after oxidation in static air at 850 °C for 7, 30, 50 and 100 h
for both Ti-47Al1-2Cr-2Nb (figure 127A) and Ti-45A1-2Cr-8Nb (figure 127B). The actual
composition of the oxide scales could thus be determined.
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Figure 127: X-ray diffraction patterns of the surface of Ti-47Al-2Cr-2Nb (A)'and Ti-45Al-
2Cr-8Nb (B) as-EBM and after 7, 30, 50 and[617(])0 hours of oxidation in static air at 850 °C

The X-ray diffraction patterns of the base alloys, identified “As EBM” in figure 127A and
127B show that TiAl phase (y) was the dominant phase for both alloys. The main peak of
TiAl phase (y) is highlighted by a red arrow in figures 127A and 127B. Only a slightly higher
amount of Ti3Al phase (&) was detected for Ti-45AI1-2Cr-8Nb. The a-phase can be
detrimental for oxidation resistance because it intrinsically contains more Ti 38 however the
effect of Nb takes over in this proportion. The X-ray diffraction patterns of as-EBM materials
were analyzed previously (figure 91).




After only 7 hours of oxidation in static air at 850 °C, remarkable differences were observed.
Ti-47Al-2Cr-2Nb appeared more oxidized than high Nb containing Ti-45AI1-2Cr-8Nb. TiAl
(y) from the base material remained the principal phase evidenced for both alloys which
suggests a rather thin oxidation layer. However, while only a little amount of rutile TiO, (¢)
was detected on Ti-45A1-2Cr-8Nb, the low-Nb containing alloy Ti-47AI1-2Cr-2Nb already
exhibited peaks of oxides with a much higher intensity. It was identified two different oxides:
rutile TiO; and corundum Al,Os (¥); and the titanium nitride: osbornite TiN (m). The main
peak of rutile TiO, (#) is highlighted by a green arrow in figures 57A and 57B, while the
main peak of corundum Al,O3 (¥) is highlighted by a blue arrow.

After 30 hours, the XRD pattern of Ti-45A1-2Cr-8Nb was similar to that after 7 h. The
dominant phase remained undoubtedly TiAl (y) (red arrow figure 127B), the growth of TiO,
was very low, and corundum Al,O; and TiN were barely found. In contrast, Ti-47Al-2Cr-
2Nb experienced a critical growth of TiO,, which became the main phase identified (green
arrow figure 127A). An overall growth of oxides and nitride was observed. Furthermore,
another phase was evidenced: the aluminum titanium nitride Ti,AIN (#). After 50 hours, the
amount of oxide and nitride compounds increased slightly for both materials. Ti,AIN was
identified also on Ti-45A1-2Cr-8Nb, which still exhibited TiAl (y) from the base material as
the obvious dominant phase.

Finally, after 100 hours of oxidation in air at 850 °C, the XRD patterns of the samples surface
highlighted a different behavior between Ti-45A1-2Cr-8Nb and Ti-47Al-2Cr-2Nb. Even
though both materials presented the same phases on their surface: TiO; (¢), Al,O5 (¥), TiN
(m) and Ti,AIN (#); and peaks of the underlying materials were observed: TiAl (y), TizAl (a)
and B-TiAl (B); the alloy with a lower content of Nb Ti-47Al1-2Cr-2Nb appeared much more
oxidized than Ti-45A1-2Cr-8Nb where the base material phase TiAl (y) remained the major
phase identified from the XRD patterns. In fact, addition of Nb does not change the
fundamental oxidation mechanism, but rather slows down the growth of rutile TiO, and

promotes the formation of alumina Al,Os;, thus reducing the overall kinetics of oxidation [50,
110, 113, 162]

In the literature, different oxides have been identified (56, 70-73, 76, 88, 110 111, 114, 115, 162] 'pipgt of
all, the oxide scale grown on y-TiAl alloys is always described as an inner Al,O3 + TiO,
mixed oxides and an outer non-protective TiO,. Also, the nitrogen effect is often mentioned
and the presence of nitrides such as TiN and Ti,AIN is detected at the oxide/substrate
interface. Other oxides, mainly titanium oxides, are sometimes cited such as TiO and Ti,0Os

but they eventually transform to more stable TiO, "> 7,




The difference in morphology of the outer oxide scales were studied by mean of Scanning
Electron Microscopy (SEM). In addition, EDS analysis were performed to identify phases
and elements distribution. Figure 128 shows the SEM micrographs of two selected zones on
the top surface of Ti-47Al-2Cr-2Nb (figure 128A) and Ti-45A1-2Cr-8Nb (figure 128B)
oxidized in air for 100 hours.
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Figure 128: SEM micrographs of the top surface of oxidized samples for 100 hours at 850
°C showing: (A) spalled and underlying oxides layers on Ti-47Al-2Cr-2Nb and (B)

inhomogeneous consistent oxides layer on Ti-45A1-2Cr-8Nb (671
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In figure 128A, it can be seen a spalled area of the outer
layer of Ti-47Al-2Cr-2Nb. It is clear that the morphology
was different on the underlying layer which is higher
magnified in the bottom-left hand insert in figure 128A,
from the outer layer that had partially spalled which is
higher magnified in the top-right hand insert on figure
128A. On the one hand, the outer layer was composed by
rather big cuboidal crystals, rich in Ti and O, typical of
TiO, 11316191 "EDS revealed that Aluminum was barely
detected, under 0.7 at.%. On the other hand, the underlying
layer exhibited a much smaller structure with a mixture of
small whisker-like and bigger cuboidal crystals, typical of
Al,O3; and TiO; respectively (115, 163-165] " The elements
distribution revealed that the underlying layer contained 14
at.% of Al. The opposite figure 129 shows the Ti and Al
distribution of the selected area figure 128A. It is clearly

Figure 129 Element map from . .
EDS analysis showing the seen in figure 129 the much lower amount of Al in outer

titanium and aluminum scale suggesting that spallation was caused by TiO».

distribution in a spalled area : :
of the surface of Ti-47Al-2Cr- Furthermore, the Nb content was found higher in the

2Nb sample after 100 °C of underlying layer rich in AL
oxidation in air at 850 °C




Figure 128B shows the top surface of Ti-45A1-2Cr-8Nb. As mentioned earlier, even though
no sign of spallation was observed, the external oxide layer appeared non-uniform and
exhibited some lighter areas (figure 126). Figure 128B shows such inhomogeneity. First of
all, the overall morphology is much alike the underlying layer in figure 128A rather than the
outer one. It could be seen a mixture of small whisker-like and cuboidal crystals, higher
magnified in the top-right hand insert in figure 128B. However, some bigger cuboidal
crystals richer in Ti could be observed in the lower part of the micrograph. EDS on the full
region in figure 128B suggested a content of 19 at.% of Al.

4. Isothermal oxidation in air at 950 °C up to 50 hours

Given the enhanced oxidation resistance of Ti-45A1-2Cr-8Nb compared to Ti-47A1-2Cr-2Nb,
it was studied the oxidation behavior of Ti-45A1-2Cr-8Nb at 950 °C up to 50 hours in air.
The mass gain per surface area of Ti-45A1-2Cr-8Nb oxidized for 7, 30 and 50 hours was
compared to the mass gain per surface area of Ti-45AI-2Cr-8Nb and Ti-47Al1-2Cr-2Nb
oxidized at 850 °C for the same time. The results are shown in figure 130. Images of the
aspect of the samples after the tests were inserted in figure 130. Again, when spallation
occurred, the spall were weighted as much as possible (specimens were hold in a ceramic
crucible). The points circled in figure 130 indicate that spallation occurred.
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Figure 130: Mass gain by surface area of Ti-47Al-2Cr-2Nb and Ti-45A1-2Cr-8Nb after
oxidation in air for 7, 30 and 50 hours at 850 °C and 950 °C respectively




After 7 hours at 950 °C, Ti-45Al1-2Cr-8Nb already exhibited a uniform oxide layer on its
surface which was not the case at 850 °C (figure 126). The external surface had a lighter grey
color at the edges of the sample, similar to the surface of Ti-47Al1-2Cr-2Nb after 7h at 850 °C
(figure 130). The mass gain per surface area was similar to that of Ti-47Al1-2Cr-2Nb oxidized
at 850 °C.

Over the first 30 hours of oxidation in air, the mass gain of Ti-45AI1-2Cr-8Nb oxidized at 950
°C was very similar to that of Ti-47Al1-2Cr-2Cr oxidized at 850 °C. However, after only 30
hours of oxidation in air at 950 °C, Ti-45A1-2Cr-8Nb exhibited significant spallation which
made doubtful the measure of the final weight. It was not clear in what extend the air
quenching from 950 °C (100 °C higher than for Ti-47Al-2Cr-2Cr) triggered spallation
compared to the oxidation itself.

The same consideration can be made after 50 hours. Almost the entire external layer of Ti-
45A1-2Cr-8Nb was spalled while Ti-47A1-2Cr-2Cr only showed the first signs of spallation at
the edge and corner of the sample.




VI. Mechanical properties

1. Tensile properties

The tensile properties of the Ti-46A1-2Cr-8Nb alloy were studied and compared to Ti-48Al-
2Cr-2Nb produced by EBM. The microstructure of Ti-46A1-2Cr-8Nb was duplex with about
80 % of lamellar grains with a size comprised between 100 and 300 um and 20 % of fine
equiaxed grains smaller than 50 pm at lamellar grain boundaries (figure 119). On the other
hand, Ti-48Al1-2Cr-2Nb had a duplex microstructure with only 60 % lamellar grains. The
average grain size was similar. The results of tensile tests at different temperatures in air in
the same conditions for both Ti-46Al-2Cr-8Nb and Ti-48Al-2Cr-2Nb alloys are displayed
figures 131, 132 and 133. In figures 131 and 132, the strength values were divided by the
materials’ density. The density of both alloys was measured by Archimedes’ principle. Ti-
46A1-2Cr-8Nb exhibited a density of 4.23 g.cm™ and Ti-48Al-2Cr-2Nb exhibited a density of

3.99 g.cm’s.
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Figure 131: Specific Ultimate Tensile
Strength (UTS) as a function of temperature
of Ti-46Al-2Cr-8Nb (black) and Ti-48Al-2Cr-

2Nb (grey)
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Figure 132: Specific Yield Strength (YS) as
a function of temperature of Ti-46Al-2Cr-
8Nb (black) and Ti-48Al-2Cr-2Nb (grey)
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Figure 133: Elongation as a function of temperature of Ti-46Al-2Cr-8Nb (black) and Ti-
48AI1-2Cr-2Nb (grey)




In figure 133, the total elongation was minimum at room temperature. The minimum value of
1 % was reached and ductility increased significantly over 815 °C for both alloys. Compared
to superalloys, the ductility of TiAl alloys was much lower but sufficient for applications as
low pressure turbine blades and vanes and turbocharger turbines.

From figures 131 and 132, the high Nb containing Ti-46Al1-2Cr-8Nb alloy exhibited both
specific ultimate tensile strength and specific yield strength 20 MPa higher than that of Ti-
48 Al-2Cr-2Nb. The strength values of both TiAl alloys was rather consistent up to 815 °C.
Over 850 °C, a significant reduction of UTS was observed.

The specific strength levels obtained for Ti-46AI1-2Cr-8Nb alloy fabricated by EBM were
similar to that of superalloys Inconel 738 and Udimet 710 with a density of 8.11 g.cm™ and
8.08 g.cm™ respectively ' 2 1l The specific strengths of Ti-46A1-2Cr-8Nb, Inconel 738
and Udimet 710 superalloys were plot figures 134 and 135. The tensile stress experienced by
the rotating parts of gas turbines derive from centrifugal force caused by the high rotation
speed. At about half the density of superalloys, Ti-46Al-2Cr-8Nb therefore suggests a
significant weight reduction of the blades themselves and consequently the turbine discs.
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Innovative materials for high temperature structural applications: 3rd Generation y-TiAl
fabricated by Electron Beam Melting

2. Creep resistance

The creep resistance of Ti-46Al-2Cr-8Nb was studied under different conditions. The creep
tests were conducted at 760, 815 °C. All samples were treated in the same way as for tensile
tests. Figure 136 shows the stress to rupture versus the time to rupture for both alloys.
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Figure 136: Stress to rupture as a function of time of Ti-46Al-2Cr-8Nb (red) and Ti-48Al-
2Cr-2Nb (blue) at 760 °C, 815 °C

From figure 136, the creep resistance of Ti-46A1-2Cr-8Nb was higher than that of Ti-48Al-
2Cr-2Nb at 760 °C and 815 °C. It could therefore be concluded that the high Nb containing
alloy exhibited better creep resistance. This was in accordance with the beneficial effect of
Nb addition regarding high temperature properties of y-TiAl alloys.
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Conclusion

Nickel-based superalloys are currently preferred for high temperature structural parts in gas
turbine aeroengines. In order to increase efficiency, reduce weight, fuel consumption and
harmful emissions, new class of materials are being studied.

Ceramic-based composites offer strength and lightness despite their fragility, and retain their
properties up to very high temperatures. Ceramics thus have a great potential as structural
materials of the combustion chamber and high pressure turbine.

TiAl-based intermetallics have been extensively studied for the past 30 years. At about half
the density of Ni-based superalloys, they exhibit similar specific properties up to about 800
°C. Since the main load of rotating parts derive from centrifugal force caused by high speed
rotation, the lighter the part the lower the stress. Therefore, TiAl alloys emerged as
outstanding candidates to replace Ni-based alloys used for rotating components of the low
pressure turbine and the last stages of the high pressure compressor. The low pressure turbine
of the latest GEnx (General Electric) and LEAP (CFM) engines adopted the GE’s Ti-48Al-
2Cr-2Nb alloy produced by casting routes. The emergence of powder-based additive
manufacturing process consented to tailor the chemical composition and microstructure of y-
TiAl alloys towards definite set of properties. Addition of chromium and niobium together
with a fine duplex microstructure with a substantial amount of lamellar grains significantly
increase ductility, integrity and high temperature properties.

Electron Beam Melting, proposed by Arcam AB since 2005, was found of particular interest
for the production of 2™ generation Ti-48A1-2Cr-2Nb alloys. 3™ generation y-TiAl alloys
with higher amount of refractory elements extend the application of such materials to higher
temperatures. In the present work, Ti-(45-46)Al-2Cr-8Nb alloys were produced by EBM. The
process parameters were optimized to produce homogeneous materials with very low residual
porosity inferior to 1 %, only resulting from the gas atomized powder porosity. A slight and
constant evaporation of light-weight aluminum was observed due to the high temperature
vacuum environment during the process. Analysis have shown that the chemical composition
was very homogeneous except in the external contour melting were higher Al evaporation
was experienced. However, the external contour is anyway to remove by post processing. The
microstructure of the as-produced material was equiaxed composed by fine and very fine y
and o grains (< 50 um), with a low amount of § phase.

Hot Isostatic Pressing in the (a + y) phase field, or pressure-less Simul-HIP treatment, led to
recrystallization and homogenization of the microstructure. The fully equiaxed microstructure
of the as-produced materials could then be transformed to any duplex and fully lamellar
microstructures by heat treatment in vacuum around the a-Transus temperature T,. Thermo
Mechanical Analysis was proposed as an innovative method to identify the phase transition
temperatures of Ti-(45-46)Al-2Cr-8Nb alloys and in particular the a-Transus temperature. A
fine homogeneous nearly lamellar microstructure composed by about 80 % lamellar grains
pinned at grain boundaries by fine equiaxed grains was therefore produced.




The primary mechanical tests on tensile and creep resistance suggested higher level of
properties of Ti-46Al1-2Cr-8Nb when compared to Ti-48Al-2Cr-2Nb produced by EBM.
Oxidation analysis highlighted the beneficial effect of high Nb addition. The oxidation
resistance in air of Ti-46Al-2Cr-8Nb when compared to Ti-48Al-2Cr-2Nb was clearly higher.
The formation of detrimental rutile TiO, was impeded which reduced oxidation kinetics and
spallation. With regard to oxidation resistance, the application temperature of Ti-46Al1-2Cr-
8Nb was 60 to 100 °C higher than that of Ti-48 AI-2Cr-2Nb.

Furthermore, the specific strength levels of Ti-46Al1-2Cr-8Nb alloy were similar to that of Ni-
based superalloys Inconel 718 and Udimet 710 used for LPT blades.
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