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Summary 

The Additive Manufacturing (AM) is an innovative concept for the semi-
automated production of components of very complex shape. The growing interest 
in this technology is justified by the unique possibility to produce parts which are 
difficult or even impossible to obtain with the conventional production techniques 
and with an important saving on the material and the costs of molds, dies and tools. 

The additive production of nickel-based super-alloys from pre-alloyed powders 
is particularly interesting in the aerospace field and for applications in the chemical 
and energy production plants. However, the nickel-based superalloys are not all 
equally suitable for this application and whenever a new alloy is used in an additive 
technique, a preliminary study is required in order to find out the process parameters 
that allow to obtain a dense and defect-free product. Furthermore, the post 
processing heat treatment has to be optimized to account for the specific features of 
as built microstructure. The combination of processing parameters and post heat 
treatment condition highly affects the ultimate performance of the AM alloys, 
which in some cases may be even higher than those of traditional materials. 

This thesis focuses on the processability, post-heat treatment and oxidation 
resistance of Inconel 718 alloy produced through Selective Laser Melting (SLM). 
The major target is to demonstrate the feasibility of using such alloy for the AM 
fabrication of complex components especially dedicated to high temperature 
service and harsh condition. The final type of components we have in mind is a high 
temperature heat exchanger, where the possibility to achieve safe and complex 
hollow structures is highly appealing. 

After a preliminary study on the effect of the main process parameters on the 
residual porosity and the Brinell hardness, the microstructure of the as built SLM 
Inconel 718 was investigated. The collected observations are reported in chapter 3. 
A very heterogeneous microstructure and a strong [001] crystallographic texturing 



was observed during this study. Other important features observed in the as built 
state are: the extremely fine dendritic sub-granular structure (the mean 
interdendritic distance is about 1 m), the strong microsegregation with consequent 
non-equilibrium eutectic products formation and the high dislocations density at 
dendrites boundaries. 

Starting from such highly heterogeneous structure, a post-heat treatment is 
normally required to optimize the final microstructure and remove the unwanted 
features. The study on the post heat treatment effects is reported at chapter 4. The 
response of the as built material to a thermal exposure was preliminary investigated 
by Differential Scanning Calorimetry (DSC) and Thermomechanical Analysis 
(TMA) in order to establish the solutioning range and the characteristic 
temperatures at which the precipitation of second phases occurs. Then, the 
optimization of the solution step was performed to obtain the maximum degree of 
dissolution of the eutectic phases present in the as-built state and to avoid the 
precipitation of new second unwanted phases and the occurrence of grain 
coarsening. At last, each step of the complete heat treatment cycle, i.e. solution 
annealing, first aging and second aging, has been optimized through the 
measurement of the hardness and the investigation of the as-treated microstructure. 

The outcome of the thesis was the definition of the optimal heat treatment to 
maximize the oxidation resistance of the SLM Inconel 718. Few information is 
currently available in the scientific literature concerning the hot oxidation resistance 
of Inconel 718 produced through SLM. Therefore, short, medium and long-term 
oxidation tests have been performed and the results are reported in chapter 5. The 
structure and morphology of the oxide scale that forms after prolonged thermal 
exposure has also been investigated in detail. The oxidation resistance was assessed 
with oxidation runs up to 900 h at 850°C. 

Finally, chapter 6 reports a study on the pack aluminization technique applied 
to SLM Inconel 718 for applications requiring additional surface protection. Such 
coating formation was studied to further improve the corrosion resistance of this 
alloy, trying to allow the possibility to work at even higher operating temperature. 

The microstructures of the aluminized coatings resulting from different 
combinations of powder pack compositions and treatment temperatures have been 
investigated. Furthermore, the proposed mechanisms of coating formation and 
degradation are described. The coating oxidation and degradation occur both during 
the deposition process itself and during the subsequent thermal exposure. Despite 
of the work done, this technique especially on cavities and rough surfaces has to be 
highly improved, since it is very hard to obtain a defect-free and stable coating. 
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Chapter 1 

Literature review 

1.1 The superalloys 

Superalloys are a class of metallic materials developed in 1940-50s to meet the 
demand for materials capable of maintaining high mechanical performance at 
elevated operating temperatures typical of gas turbine applications components for 
jets and aircrafts. Nowadays, superalloys are still used in the aeronautical field, but 
they also find applications in power generation systems, chemical, petrochemical 
and nuclear plants, heat exchangers. In this kind of applications, it is required not 
only a high resistance to static load at high temperature, but also good creep and 
fatigue resistance as well as a high stability in aggressive environmental conditions, 
for example in presence of highly oxidizing hot or corrosive gases. The 
characteristic feature of the superalloys is the capability to maintain almost 
unchanged the mechanical properties even at temperatures close to their melting 
point Tm, typically they can be applied up to T/Tm = 0.8, that is a prohibitive 
condition for most of the other classes of metallic materials of engineering interest. 
For this reason, superalloys can be used to bridge the gap between advanced 
ceramic materials and stainless steels. The former materials are characterized by 
very high thermal and oxidation resistance, but also by brittleness and poor 
formability. On the contrary, the latter materials have good ductility and toughness, 
but they cannot be used at temperatures higher than 800-900°C due to an excessive 
reduction of the mechanical properties and high oxidation occurring at higher 
temperatures. 

1.1.1 Production techniques 

The conventional production processes for superalloys can be divided in three 
categories: casting, wrought and powder metallurgy. In the following the main 
features of the products obtained with these conventional techniques are described 
briefly [1] [2] [3] [4] [5]. 
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1.1.1.1 Casting 

Cast products are obtained in near-net shape form through special molds and 
shapes. During casting, the control of the solidification conditions, in particular the 
cooling rate and the direction and extent of the thermal gradients that are 
established, has a great importance as they deeply affect the solidification mode and 
the consequent defects introduced on the final product. The typical defects present 
in the casting products are voids and gas porosities, cracks due to thermal stresses 
established in the solidification and cooling step, microstructural heterogeneity, 
segregation of alloy elements and the formation of brittle phases that decrease the 
toughness and ductility of the material. A precise control of the thermal flows 
during solidification also allows to obtain directionally solidified polycrystalline 
products (DS), in which the grains assume a predominantly elongated shape along 
a fixed direction. This grains conformation is useful in high temperature 
applications in which the material is subjected to tensile stress along the major axis 
of the grains. In fact, removing the grain boundaries perpendicular to the load axis 
allows to obtain substantial reduction of the creep deformation. 

The modern casting techniques allow also to obtain single crystal products, in 
which the grain boundaries are completely absent with consequent high increase in 
the creep resistance. DS and single crystal products are largely used in the 
production of components, in particular blades and vanes, which work in the hottest 
zones of turbine engines. 

1.1.1.2 Wrought 

The wrought parts are obtained starting from cast ingots usually produced 
through vacuum induction melting (VIM) and subsequently submitted to one or 
more re-melting cycles through electro-slag re-melting (ESR) and / or vacuum arc 
re-melting (VAR). The re-melting cycles have the aim of reducing the impurities 
content and the segregation patterns. Typically, a long homogenization heat 
treatment is also performed to further reduce the level of segregation and 
microstructural heterogeneity. These preliminary operations of re-melting and 
homogenization are necessary to obtain the required alloy workability in view of 
the following mechanical processing. Then, bars or billets are obtained through one 
or more hot plastic deformation steps. During the thermomechanical processing 
cycles, the material undergoes dynamic recrystallisation and other important 
microstructural modification. The typical defects of the cast material, in particular 
the compositional segregation, the microstructural inhomogeneity and the porosity, 
are largely reduced through this manufacturing route. For this reason, the ductility, 
mechanical properties and low-cycle fatigue strength at low or medium temperature 
(up to about 700-750 °C) of the wrought material are generally higher with respect 
to the cast one. However, the grain size of the wrought products is generally lower 
with respect to the cast condition because of the recrystallization phenomenon. 
Therefore, the high temperature performances (creep resistance and rupture life) are 
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lower. For this reason, the wrought products are usually applied for turbine disks or 
other components subjected to high mechanical loads but working at a not too high 
temperature. 

1.1.1.3 Powder metallurgy and HIP 

There are some superalloys that are not suitable for the mechanical processing. 
They are usually alloys with a high content of refractory alloying elements such as 
Ti, Ta, W, Mo, Nb; some examples of them are Rene 95, IN-100 and Astroloy. 
These alloys are more prone to cracking during the mechanical processing steps 
because of the high level of segregation, the high required flow stress and the 
development of thermally induced stresses. 

The powder metallurgy techniques allow to manage this type of alloys that are 
not suitable for the mechanical processing in the applications in which the 
performances obtainable with the cast methods cannot guarantee the minimum 
requirements. However, this kind of production techniques are usually more 
expensive. The powders are usually produced by gas atomization of a VIM ingot 
and then sieved and cleaned, low size powders are generally preferable but result 
in a higher cost. The powders are then sealed in a container, usually in steel, 
degassed and consolidated, usually through hot extrusion or Hot Isostatic Pressing 
(HIP) technique. The obtained product has a higher homogeneity degree with 
respect to the cast ingots and a lower defects and inclusions content. Therefore, it 
can be submitted to thermomechanical processing with a much lower risk of 
cracking.  

Typical defects of the powder metallurgy products are the presence of prior 
particle boundaries (PPB) and residual porosities filled with gas coming from the 
atomization process. The PPBs are the residues of the powder particles surfaces and 
are usually characterized by a high level of segregation with formation of 
embrittling phases such as oxides and carbides. On the contrary, the gas entrapped 
in the pores expands during the subsequent heat treatment steps leading to an 
enlargement of the pore and to increased crack risk. 

The Hot Isostatic Pressing (HIP) is a very common technique in the superalloys 
field [6] [7] [8]. It consists in subjecting the working piece to a high hydrostatic 
pressure, in the 108 Pa magnitude order, and to a heat treatment, usually at around 
1200°C for 3-5 hours, at the same time. 

The combined effects of the triggered plastic flow and the diffusion phenomena 
causes the bonding and consolidation of powders leading to a dense final product. 
HIP can also be used to produce near-net-shape components, saving the cost of the 
forging step, or as post process for cast products obtained by VIM [9] or for metallic 
parts produced through Additive Manufacturing (AM) techniques, in particular 
Selective Laser Melting (SLM) [10] [11]. The HIP process after SLM production 
allows to increase the degree of densification and homogeneity of the material and 
to reduce the technique related defects as porosities, cracks, anisotropy, internal 
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stresses and the presence of unwanted brittle second phases. The HIP process was 
also used as a joining technique [12]. 

1.1.2 Superalloys categories 

Superalloys can be classified on the base of their base metal: the three main 
superalloys categories are based on iron, nickel and cobalt, respectively [2] [3]. 

1.1.2.1 Iron-based superalloys 

The iron-based superalloys are the most economical and they can be considered 
as an evolution of the austenitic stainless steel. These alloys possess high 
mechanical properties and wear resistance at room temperature, furthermore they 
are characterized by good mechanical properties at high temperature, creep, 
oxidation and corrosion resistance. The matrix is mainly constituted by iron and 
nickel, the latter is present in quantities above 25% in order to stabilize the close 
packed Face Centered Cubic (FCC) austenitic phase. The other alloying elements 
are added to provide a solid solution reinforcement (Cr, Mo), promote the formation 
of strengthening precipitates (Al, Ti, Nb) or increase the oxidation and corrosion 
resistance (Cr, La, Y). 

The Ni content determines the stability of the austenitic phase. A low Ni content 
allows the occurring of the martensitic transformation, therefore the strengthening 
is given by the formation of martensite and so this kind of alloys can only be used 
at low temperatures (up to about 500 ° C). Martensitic-type alloys suffer of a greater 
crack sensitivity, which reduces their workability and weldability and requires an 
annealing pre-treatment or a post-stress relieving treatment. Conversely, if the Ni 
content is high enough to stabilize the austenitic phase in the entire window between 
room temperature and the melting point, the reinforcement is obtained through 
work hardening or precipitation hardening, in this latter case it is possible to use the 
alloy at higher temperatures. The chemical compositions of some Fe-based alloys 
are shown in table 1.1. 

Table 1.1. Nominal compositions of some Fe-based superalloys. Data from: [2]. 
 Cr Ni Co Mo W Nb Ti Al Fe C Others 

Solid solution strengthened alloys 
Alloy N-155 21 20 20 3 2.5 1 - - 32.2 0.15 0.15 N, 0.2 La, 0.02 Zr 
Haynes 556 22 21 20 3 2.5 0.1 - 0.3 29 0.1 0.50 Ta, 0.02 La, 0.002 Zr 
Incoloy 800 21 32.5 - - - - 0.38 0.38 45.7 0.05 - 
Incoloy 801 20.5 32 - - - - 1.13 - 46.3 0.05 - 
Incoloy 802 21 32.5 - - - - 0.75 0.58 44.8 0.35 - 

Precipitation hardened alloys 
A-286 15 26 - 1.25 - - 2 0.2 55.2 0.04 0.005 B, 0.3 V 
Discaloy 14 26 - 3 - - 1.7 0.25 55 0.06 - 
Incoloy 903 <0.1 38 15 0.1 - 3 1.4 0.7 41 0.04 - 
Incoloy 907 - 38.4 13 - - 4.7 1.5 0.03 42 0.01 0.15 Si 
Incoloy 909 - 38 13 - - 4.7 1.5 0.03 42 0.01 0.4 Si 
Incoloy 925 20.5 44 - 2.8 - - 2.1 0.2 29 0.01 1.8 Cu 
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1.1.2.2 Nickel-based superalloys 

Nickel-based alloys are the most diffused and studied superalloys. They are 
made by a highly stable austenitic FCC phase containing a large number of 
dissolved alloying elements which have different functions including, mainly, solid 
solution strengthening (Cr, Fe, Mo, W), formation of reinforcing second phases (Al, 
Ti, Nb), grain size control (C, B, Zr, Hf), increase of the oxidation and corrosion 
resistance (Cr, Al, Mo), increase of the creep resistance (B, Ta). Because of their 
high temperature resistance, the main applications of Ni-based alloys are: gas 
turbine components for aircraft or power generation systems, furnaces, vessels, 
reactors and other devices for the chemical and petrochemical industry and for 
nuclear plants, heat exchangers and rocket components in the aerospace field. The 
large quantities of expensive alloying elements and the requirement of long and 
complex heat treatment cycles, necessary to obtain the suitable microstructure, are 
the main causes of the high cost of these alloys, which limits its use to high value-
added applications. The chemical compositions of some of the most important Ni-
based superalloys, classified on the base of the production process for which they 
were developed, are reported in table 1.2. 

Table 1.2. Nominal compositions of some Ni-based superalloys. 

The Ni-based superalloys will be further deepened at paragraph 1.2. Inconel 
718 alloy, on which the research work reported in this thesis has been performed, 
will be described in greater details at paragraph 1.3. 

 Cr Ni Co Mo W Nb Ti Al Fe C Others Source 

Cast alloys 
CMSX-10 2 Bal. 3 0.4 5 0.1 0.2 5.7 - - 8 Ta, 6 Re, 0.03 Hf [3] 
IN-713LC 12 Bal. - 4.5 - 2 0.6 5.9 - 0.05 0.01 B, 0.1 Zr [3] 
IN792 12.6 Bal. 9 1.9 4.3 - 4 3.4 - 0.09 4.3 Ta, 1 Hf, 0.02 B, 0.06 Zr [3] 
Mar-M246 8.3 Bal. 10 0.7 10 - 1 5.5 - 0.14 3 Ta, 1.5 Hf, 0.02 B, 0.05 Zr [3] 
Nasair 100 9 Bal. - 1 10.5 - 1.2 5.75 - - 3.3 Ta [1] 
Renè 80 14 Bal. 9.5 4 4 - 5 3 - 0.17 0.02 B, 0.03 Zr [3] 

Renè N6 4.2 Bal. 12.5 1.4 6 - - 5.8 - 0.05 7.2 Ta, 5.4 Re, 0.15 Hf, 0.01 
Y [3] 

TMS-138 2.8 Bal. 5.8 2.9 6.1 - - 5.8 - - 5.6 Ta, 5.1 Re, 0.05 Hf [1] 
TMS-162 2.9 Bal. 5.8 3.9 5.8 - - 5.8 - - 5.6 Ta, 4.9 Re, 0.09 Hf, 6 Ru [1] 

Wrought alloys 
Astroloy 15 56.5 15 5.25 - - 3.5 4.4 <0.3 0.06 0.03 B, 0.06 Zr [2] 
Hastelloy X 22 49 <1.5 9 0.6 - - - 15.8 0.15 - [2] 
Haynes 230 22 55 <5 2 14 - - 0.35 <3 0.1 <0.015 B, 0.02 La [2] 
Incoloy 901 12.5 42.5 - 6 - - 2.7 - 36.2 <0.1 - [2] 
Inconel 600 15.5 76 - - - - - - 8 0.08 0.25 Cu [2] 
Inconel 625 21.5 61 - 9 - 3.6 0.2 0.2 2.5 0.05 - [2] 
Inconel 718 19 52.5 - 3 - 5.1 0.9 0.5 18.5 <0.08 <0.15 Cu [2] 
Nimonic 
80A 19.5 73 1 - - - 2.25 1.4 1.5 0.05 <0.10 Cu [2] 

Renè 41 19 55 11 10 - - 3.1 1.5 <0.3 0.09 0.01 B [2] 
Udimet 720 18 55 14.8 3 1.25 - 5 2.5 - 0.035 0.03 Zr [2] 
Waspaloy 19.5 57 13.5 4.3 - - 3 1.4 <2 0.07 0.006 B, 0.09 Zr [2] 

Alloys for powder metallurgy 
IN100 12.4 Bal. 18.4 3.2 - - 4.3 4.9 - 0.07 0.02 B, 0.07 Zr [3] 
N18 11.2 Bal. 15.6 6.5 - - 4.4 4.4 - 0.02 0.5 Hf, 0.015 B, 0.03 Zr [3] 
Renè 88 DT 16 Bal. 13 4 4 0.7 3.7 2.1 - 0.03 0.015 B [3] 
Renè 95 13 Bal. 8 3.5 3.5 3.5 2.5 3.5 - 0.065 0.013 B, 0.05 Zr [3] 
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1.1.2.3 Cobalt-based superalloys 

Cobalt-based superalloys possess the highest strength at elevate temperature 
and thermal shock resistance, therefore they are used in applications with service 
temperatures of 1000-1100°C, beyond the operability field of the nickel-based 
superalloys. Examples of similar applications are the components of the combustion 
chambers. Because of the low hot cracking sensitivity, the cobalt-based alloys have 
a high workability and weldability. They are strengthened mainly by highly stable 
carbides of refractory elements (Mo, W), the formation of these carbides along the 
grain boundaries determines a high creep resistance. The chemical compositions of 
some cobalt-based superalloys are shown in table 1.3. 

Table 1.3. Nominal compositions of some Co-based superalloys. 

1.2 Categories and features of nickel-based superalloys 

The main reasons that justify the use of nickel as a base metal for the 
development of this category of superalloys are listed below [1]: 

• it can be easily strengthened through solid solution mechanism due to its 
ability to dissolve a high amount of Cr and Fe; 

• it has an FCC structure that involves greater ductility and toughness, 
furthermore it also does not suffer from ductile/brittle transition; 

• it does not undergo allotropic transformations that can cause instability and 
volume variations with consequent development of deleterious tension 
states; 

• it has a high activation energy for self-diffusion (285 kJ/mol [13]), which 
determines a low creep rate of the matrix;  

• it has good intrinsic resistance to hot oxidation and corrosion 
• it has an acceptable specific weight and cost compared to other FCC 

materials such as Pd, Pt, Rh and Ir. 

Nickel is the solvent of the  solid solution, which constitutes the continuous 
austenitic matrix. In addition to nickel, superalloys contain a large number, usually 

Alloy Cr Ni Co Mo W Nb Ti Al Fe C Others Source 
Co 6 29 <3 Bal. <1.5 5.5 - - - <3 1.1 0.8 Si [3] 
F-75 28 <1 Bal. 6 <0.2 - - - <0.75 0.25 0.5 Mn. 0.8 Si [3] 
FSX-414 29.5 10 Bal. - 7.5 - - - <2 0.35 0.5 Mn. 0.9 Si [3] 
Haynes 188 22 22 37 - 14.5 - - - <3 0.1 0.90 La [2] 
Haynes 25 20 10 Bal. - 15 - - - <3 0.1 1.2 Mn. 0.8 Si [3] 
Haynes 25 (L605) 20 10 50 - 15 - - - 3 0.1 1.5 Mn [2] 
Haynes Ultimet 25 9 Bal. 5 2 - - - 3 0.06 0.8 Mn. 0.3 Si [3] 
MAR-M 509 23.5 10 54.5 - 7 - 0.2 - - 0.6 3.5 Ta. 0.5 Zr [2] 
MAR-M 918 20 20 52 - - - - - - 0.05 7.5 Ta. 0.1 Zr [2] 
Stellite B 30 1 61.5 - 4.5 - - - 1 1 - [2] 
UMCo-50 28 - 49 - - - - - 21 0.12 - [2] 
WI-52 21 - Bal. - 11 - - - 2 0.45 0.4 Mn. 0.4 Si [3] 
X-40 25 10 Bal. - 7.5 - - - <2 0.5 0.5 Mn. 0.9 Si [3] 
X-40 (Stellite alloy 31) 22 10 57.5 - 7.5 - - - 1.5 0.5 0.5 Mn. 0.5 Si [2] 
X-45 25 10 Bal. - 7.5 - - - <2 0.25 0.5 Mn. 0.9 Si [3] 
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more than ten, of other alloying elements, which can be divided into three main 
groups: 

• the elements of the first group tend to dissolve into the  solid solution: Fe, 
Cr, Co, W, Ru, Mo and Re; 

• the elements of the second group tend to form second ordered phases, called 
’ and ’’, with stoichiometry Ni3M (where M represents a generic metallic 
atom): Al, Ti, Nb and Ta; 

• the elements of the third group tend to segregate at the grain boundary: C, 
B, Zr and Hf; the interstitials C and B tend to form intergranular carbides 
and borides with Cr, Mo, W, Nb, Ta, Ti and Hf. 

In the first group, Cr is usually added to achieve oxidation resistance through 
the formation of Cr2O3 passivating layer (see paragraph 1.3.6), but it can also form 
carbides that enhance the high temperature resistance. The presence of Al has two 
purposes, i.e. to further increase the oxidation resistance through the formation of 
highly stable Al2O3 protective scale and to cause the formation of ’-Ni3Al phase, 
which can be even strengthened by partial substitution of Al with Ti and Nb. 
Furthermore, Nb is added also to form the strengthening ’’ phase and carbides. Fe 
can improve the strength of the matrix through the solid solution mechanism, but it 
is detrimental for the oxidation resistance because it reduces the adherence of the 
protective scale. Co gives solid solution strengthening and it reduces the solubility 
of Al and Ti in the  matrix leading to an increase of the solvus point of the ’ phase 

and, therefore, increase the retaining of the mechanical performances at high 
temperature. The mechanical strength is increased by the presence of Mo, W, Ta 
both because of the solid solution mechanism and of the formation of carbides. In 
the third group, B and Zr are added to increase the ductility and to form 
intergranular carbides which enhance the creep resistance. However, an excessive 
amount of these elements is detrimental for the weldability of the alloy. 

The alloy composition determines the predominant strengthening mechanism, 
which can occur mainly due to the presence of a large amount of different dissolved 
solutes in the  phase or because of the formation of second reinforcing phases, in 
particular ’ and/or ’’, finely dispersed in the matrix phase. 

Table 1.4. Tensile properties of some solid solution strengthening superalloys. 

Alloy 

Yield Strength 
(MPa) 

Ultimate Tensile 
Strength (MPa) 

Elongation to failure 
(%) Source 

at 
21°C 

at 
540°C 

at 
760°C 

at 
21°C 

at 
540°C 

at 
760°C 

at 
21°C 

at 
540°C 

at 
760°C 

Hastelloy S 455 340 310 845 775 575 49 50 70 [2] 
Hastelloy X 360 290 260 785 650 435 43 45 37 [2] 
Haynes 230 390 275 285 870 720 575 48 56 46 [2] 
Incoloy 800 310 - - 585 - - 40 - - [14] 
Incoloy 800H 275 - - 585 - - 45 - - [14] 
Incoloy 800HT 275 - - 585 - - 40 - - [14] 
Incoloy 825 345 - - 655 - - 35 - - [14] 
Inconel 600 285 220 180 660 560 260 45 41 70 [2] 
Inconel 625 490 415 415 965 910 550 50 50 45 [2] 
Monel 400 345 - - 585 - - 35 - - [14] 
Nimonic 75 285 200 160 745 675 310 40 40 67 [2] 
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On the base of this criterion, it is possible to divide the nickel-based superalloys 
into two main categories: solid solution strengthening and precipitation hardening 
alloys. A list of the main alloys of the two classes is reported in tables 1.4 and 1.5, 
respectively, together with an indication of the main mechanical properties. 

Table 1.5. Tensile properties of some precipitation hardening superalloys. 

1.2.1 Solid solution strengthened alloys 

Solid solution strengthened alloys contain substitutional alloying elements such 
as Cr, Fe, Co, W, Mo dissolved in the  solid solution. The strengthening is given 
by the crystallographic distortion due to the difference in the atomic radius of the 
solute atoms with respect to Ni; this crystallographic distortion hinders the 
dislocations motion and increases the mechanical resistance of the austenitic phase 
consequently. Solid solution strengthened alloys are usually submitted to a solution 
annealing at a temperature between 1000 and 1200°C with the aim of dissolving 
any embrittling second phases eventually present and enriching the solid solution 
with all the potential alloying elements contents. The yield strength and ultimate 
tensile strength values of these king of nickel-based superalloys can reach 
respectively 450 MPa and 830 MPa [14]. Precipitation hardening alloys should be 
used when higher levels of mechanical strength are required. However, solid 
solution strengthened alloys have generally a higher corrosion resistance and, 
therefore, find applications in power generation, chemical and petrochemical 
plants. Furthermore, since the mechanical properties of these alloys are not based 
on the formation of strengthening second phases, their service temperature is not 
limited by the respective solvus temperatures of these phases. The elements 
dissolved in the solid solution affect not only the mechanical properties, but also 

Alloy Yield Strength (MPa) Ultimate Tensile Strength (MPa) Elongation to failure (%) Source at 21°C at 540°C at 760°C at 21°C at 540°C at 760°C at 21°C at 540°C at 760°C 
Astroloy 1050 965 910 1415 1240 1160 16 16 21 [2] 
Inconel 706 1005 910 660 1310 1145 725 20 19 32 [2] 
Haynes 263 638 ± 53 - - 1035 ± 65 - - 40 ± 5 - - [14] 
Incoloy 909 1035 - - 1275 - - 15 - - [14] 
Incoloy 925 760 - - 970 - - 18 - - [14] 
Incoloy 945 968 ± 68 - - 1170 ± 70 - - 25 ± 5 - - [14] 
Inconel 713 - - - 830 - - 5 - - [14] 
Inconel 725 900 ± 70 - - 1238 ± 73 - - 30 ± 5 - - [14] 
Inconel X750 815 725 - 1200 1050 - 27 26 - [2] 
Inconel X-750 863 ± 173 - - 1240 ± 140 - - 23 ± 8 - - [14] 
M-252 840 765 720 1240 1230 945 16 15 10 [2] 
Monel K500 790 - - 1100 - - 20 - - [14] 
Nimonic 105 830 775 740 1180 1130 930 16 22 25 [2] 
Nimonic 115 865 795 800 1240 1090 1085 27 18 24 [2] 
Nimonic 80A 620 530 505 1000 875 600 39 37 17 [2] 
Nimonic 90 810 725 540 1235 1075 655 33 28 12 [2] 
Pyromet 860 835 840 835 1295 1255 910 22 15 18 [2] 
Renè 41 1060 1020 940 1420 1400 1105 14 14 11 [2] 
Renè 95 1310 1255 1100 1620 1550 1170 15 12 15 [2] 
Udimet 500 840 795 730 1310 1240 1040 32 28 39 [2] 
Udimet 520 860 825 725 1310 1240 725 21 20 15 [2] 
Udimet 630 1310 1170 860 1520 1380 965 15 15 5 [2] 
Udimet 700 965 895 825 1410 1275 1035 17 16 20 [2] 
Udimet 710 910 850 815 1185 1150 1020 7 10 25 [2] 
Udimet 720 1195 - 1050 1570 - 1455 13 - 9 [2] 
Waspaloy 795 725 675 1275 1170 650 25 23 28 [2] 
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other important features of the alloy such as the oxidation resistance and 
weldability. Mo and W also allow to improve the creep resistance of the alloy due 
to their low diffusivity in the  matrix. Depending on the present alloying elements 
and the heat treatments cycle at which they are submitted, the solid solution 
strengthened alloys may contain carbides, mainly of the MC type, formed by Nb, 
Ti, W, Mo, and Ta, and of the M23C6 type, formed by Cr, Mo and W. Carbides tend 
to form along the grain boundaries and so they can be used to control grain size, 
avoiding the coarsening of them during heat treatment, and to improve the creep 
resistance by hindering the intergranular sliding. The discrete blocky or globular 
carbides morphology is preferable for these purposes, instead of intergranular film 
of Cr carbides that causes the sensitization of the alloy to intergranular corrosion. 
Because of this mix of pros and contra, the quantity and morphology of carbides 
must be carefully controlled through suitable heat treatments. 

1.2.2 Precipitation hardening alloys 

Precipitation hardening alloys contain larger amounts of Al, Ti and Nb, which 
allow the formation of strengthening second phases during an appropriate heat 
treatment cycle. The strengthening second phases consist mainly in the coherent ’ 

and ’’ intermetallic compounds, which allow to maintain high mechanical 

properties even at high temperatures, i.e. up to about 0.5Tm where Tm is the melting 
point of the alloy. Therefore, these alloys combine high mechanical performances 
with good oxidation and corrosion resistance. The yield strength and ultimate 
tensile strength values are 1035 MPa and 1380 MPa, respectively [14]. These alloys 
usually require heat treatment cycles consisting of a high temperature solutioning 
step, in which the unwanted coarse second phases are dissolved and the content of 
solute elements in the matrix is increased. The solute elements, released in solid 
solution during the solution annealing, form the strengthening compounds during 
the controlled cooling and the aging step, which usually consists of one or more 
thermal cycles designed to obtain the size, morphology and distribution of 
precipitates that optimize the mechanical properties of the alloy. The mechanical 
strength can be retained at high temperature as long as the reinforcing precipitates 
remain stable. If the coarsening of these precipitates occurs, the coherency with the 
matrix is progressively lost with consequential decrease of the mechanical 
properties. The evolution of the reinforcing precipitates population strongly affects 
also the weldability of the alloy and its sensitivity to hot cracking. 

1.2.3 Weldability 

The weldability of solid solution strengthened alloys is influenced by the 
formation of second phases formed due to the microsegregation phenomenon of the 
alloy elements which occurs during the fast solidification of the fusion welds [14]. 
Typically, these second phases consist of carbides and Topologically Closed 
Packed (TCP) intermetallic compounds such as ,  and P. They have a negative 
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effect on toughness, ductility and mechanical properties of the alloy. Furthermore, 
their formation can lead to a local reduction of the melting point with consequent 
increase in the solidification cracking susceptibility of the alloy. The segregation of 
Cr and Mo can also cause a reduction in the oxidation and corrosion resistance of 
the alloy. In some cases, solid solution strengthened alloys can be used in the as-
welded condition, otherwise it may be necessary to perform a suitable Post-Weld 
Heat Treatment (PWHT). PWHT helps to reduce the microsegregation, to dissolve 
the undesirable second phases, which form from the liquid during the welding 
process or through precipitation in the Heat Affected Zone (HAZ), and to restore 
the correct microstructure in view of the mechanical properties and the oxidation 
and corrosion resistance. PWHT has also the aim of reducing the residual stresses 
induced by the welding and, therefore, it guarantees a better dimensional stability. 

The high complexity of the chemical composition that characterizes the 
precipitation hardening alloys implies even more severe welding problems deriving 
from microsegregation, liquation and formation of undesired second phases both 
during solidification and subsequent heat treatments. In particular, the alloys whose 
strengthening is obtained through an extensive precipitation of ’ phases, for 

example Renè 41, Renè 80, CM247LC, Udimet 700, Inconel X-750 and Waspaloy, 
are very prone to the strain-aging cracking mechanism [15], which occurs because 
of the overheating in the HAZ which causes an extremely rapid precipitation of ’ 

with consequent drastic reduction of the alloy ductility. The internal stresses, related 
to the fast formation of ’ precipitates, may cause the nucleation of cracks, usually 

where an inclusion or a microstructural defect, for example a void or an 
intergranular carbide, is present, and subsequent cracks propagation favored by the 
embrittlement of the alloy. Strain-age cracking can also occur after the welding 
process during the PWHT. The strain-aging cracking phenomenon is a serious 
limitation on the weldability of these kind of alloys; a high content of the ’ forming 

elements, i.e. Ti and Al, and brittle carbides forming elements, for example Cr and 
Co, make the alloy extremely hard to weld. The plot in figure 1.1 classify the main 
nickel-based precipitation hardening superalloys in alloys considered as weldable 
(below the red line) and difficult to weld alloys (above the red line) on the base of 
the Ti and Al content and the consequent susceptibility to strain-age cracking. 

 
Figure 1.1. Weldability map of the nickel superalloys based on the Al and Ti content. The alloys 

below the red line are considered weldable. From: [15]. 
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The typical approach followed to reduce the strain-aging cracking problem is 
to strongly decrease the content of Al and Ti in the alloy composition in order to 
avoid an excessive formation of ’. The reduction of Al and Ti can be compensated 

by the increase of the Nb content, which leads to strengthening due to the 
precipitation of ’’-Ni3Nb phase rather than ’ phase. The coherency strain between 
’’ and the matrix  is much higher with respect to the one between ’ and , for this 
reason the nucleation of ’’ occurs slower than ’ [1] [16]. Consequently, the risk 
of a significant alloy embrittlement and cracking due to an excessively rapid 
precipitation during heating and cooling cycles is strongly reduced. This is the 
followed solution in the case of Inconel 718 alloy, which in fact is characterized by 
an extremely high weldability. However, Inconel 718 is particularly sensitive to the 
intergranular micro-fissuring in the HAZ [17]. The micro-fissuring phenomenon 
occurs due to the plastic strain that develops in the HAZ when this strain cannot be 
accommodated because of the formation of liquid at the grain boundaries, on its 
turn caused by the presence of segregations, impurities or low melting second 
phases as the Nb-rich Laves phases. Decreasing the Al and Ti contents in order to 
reduce the strain-cracking problem has also the effect of decreasing the ’ solvus 

temperature. Therefore, the service temperature of Inconel 718 is lower with respect 
to the one of the superalloys which are strengthened by an extensive precipitation 
of the ’ phase because the strengthening due to the ’ and ’’ phases vanishes at 
lower temperatures. 

1.3 Inconel 718 alloy 

Inconel 718 is a nickel-based superalloy belonging to the precipitation 
hardening alloys category, it is based on the Ni-Cr-Fe ternary system and it finds 
applications in the aerospace fields and in the chemical, petrochemical and nuclear 
plants. The chemical composition of Inconel 718 is reported in table 1.2. 

Inconel 718 possesses high mechanical properties at service temperatures of 
700°C, but can also be used at cryogenic regime. Furthermore, it has good creep 
and fatigue resistance and excellent hot oxidation and corrosion resistance. As 
already discussed at paragraph 1.2.3, Inconel 718 is characterized by a very good 
weldability due to its low sensitivity to the strain-age cracking. 

1.3.1 Microstructure and phases 

Inconel 718 consists of a  austenitic matrix with face-centered cubic (FCC) 
crystallographic system and a lattice parameter a = 0.3616 nm. The main 
strengthening phases are ’ and ’’, both of which form a coherent interface with 
the matrix. Plenty of other types of second phases can be found dispersed in the 
matrix depending on the production cycle and the heat treatments at which the alloy 
is submitted (see the CCT curves in figure 1.2). These second phases affect the 
features of the alloy, in particular the high temperature mechanical performances 
and the ductility and toughness. In the follow, a description of the main types of 
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precipitates that can be found most frequently in Inconel 718 is given [1] [18] [19] 
[20] [21] [22] [23] [24]. 

 
Figure 1.2. Continuous Cooling Transformation (CCT) curves of Inconel 718 ingot after 

homogenization treatment at 1180°C for 90 hours. From: [25]. 

1.3.1.1 Carbides 

Because of the presence of a carbon content up to 0.08% wt. in the nominal 
composition of Inconel 718, carbides of the alloying elements which have higher 
affinities with C, i.e. Nb, Ti and Mo, may form. In Inconel 718 alloy, the observable 
carbides are mainly of the MC type and are rich in Nb or Ti. MC carbides form 
during solidification due to the microsegregation of Nb and Ti in the interdendritic 
zones (see paragraph 1.3.2.3) and they are sufficiently stable to do not modify 
during the heat treatments at low temperature. Partial dissolution of carbides can 
occur during the heat treatment at temperatures around 1100°C (see figure 1.3). The 
carbides formed at the grain boundaries allow to avoid the grain coarsening during 
the heat treatments. The decomposition of MC carbides after prolonged exposure 
at temperatures around 750-900°C [26] through reaction with the matrix is reported 
for some superalloys as Waspaloy [27], Renè 80 [28] [29] [30], CM 247 LC [31]: 
𝑀𝐶 + 𝛾 → 𝑀6𝐶 or 𝑀23𝐶6 + 𝛾′. 

The M23C6 carbides are richer in Cr, whereas M6C carbides have a greater 
content of Ni, Co, W and Cr [30]. These carbides tend to form along grain 
boundaries (see figure 3) and their amount and morphology should be carefully 
controlled in order to avoid embrittlement due to nucleation and propagation of 
intergranular cracks and sensitization to intergranular corrosion. The presence of 
M23C6 carbides in Inconel 718 alloy is reported in the HAZ of welds [32], however 
secondary carbides arising from the decomposition of MC does not tend to form in 
this alloy even after prolonged thermal exposure [18]. 
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Figure 1.3. SEM micrograph showing carbides in Inconel 718 alloy after solution treatment at 

1095°C for 1 hour. From: [33]. 

1.3.1.2 Topologically Close Packed (TCP) phases 

The TCP phases form generally in the final stage of the solidification through 
eutectic reaction because of the microsegregation of the alloying elements in the 
remaining liquid in the interdendritic zones (see paragraph 1.3.2.3). TCP phases can 
also form along the grain boundaries during a prolonged exposure at temperatures 
of about 800-900°C [21], typically in the form of needles or plates. These 
compounds should be avoided in the service microstructure because are very brittle 
and detrimental to the mechanical properties, ductility and weldability of the alloy. 
Furthermore, the sequestration of Cr and Mo within these phases may affect the 
corrosion resistance. The most frequently reported TCP phases in superalloys are  
(tetragonal),  (hexagonal) and P (orthorhombic) [21] [34] [35]. 

In Inconel 718, the main observed TCP compounds are the Laves phases, which 
are mostly found in the interdendritic zones [36] [37] [38] [39] due to the strong 
microsegregation of Nb and Mo in the final liquid or formed after prolonged 
exposure to high temperatures. Laves phases are metastable intermetallic 
compounds with the following stoichiometry (Ni, Fe, Cr)2(Nb, Mo, Ti) which 
crystallize in the hexagonal system with a MgZn2 lattice type (figure 1.4); they 
typically form as large globular or irregularly shaped precipitates. 

 
Figure 1.4. Crystal structure of Laves phase. Hexagonal system with MgZn2 lattice type and 

parameters [21] a = b = 0.475-0.495 nm, c = 0.77-0.815 nm. 
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The presence of the Laves phase in the alloy microstructure is strongly 
unwanted because they lead to embrittlement (these precipitates act as cracks 
nucleation sites) [40] and reduce the availability of Nb and Ti for the formation of 
the strengthening ’ and ’’ precipitates. Furthermore, they reduce the local melting 

temperature with consequent increase in the liquation cracking susceptibility. The 
presence of Laves phases requires a long homogenization heat treatment or a HIP 
treatment in order to reduce the segregation level of the alloy [41]. 

 
Figure 1.5. Laves phases network on the interdendritic region of the fusion zone of a weld. Higher 

(a) and lower (b) magnification. From: [36]. 

1.3.1.3 Delta phase 

The  phase is a thermodynamically stable compound with Ni3Nb 
stoichiometry which tends to form in Inconel 718 during exposure to temperatures 
between 800 and 1010°C [23]. The  phase crystallizes in the DOa orthorhombic 
system, the unit cell is represented in figure 1.6. 

 
Figure 1.6. Orthorhombic DOa crystal structure of  phase with parameters [18] a = 0.5141 nm, b 

= 0.4231 nm, c = 0.4534 nm. 

The high mismatch between the unit cells of  and  phases involves the 
formation of an incoherent / interface, therefore the  type precipitates are not 
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suitable to perform an effective reinforcing function. Furthermore, the  precipitates 
have typically a plate-like morphology with thickness that fall between 200 nm and 
1 m (see figure 1.7) and because of this shape they can act as stress concentrators 
with consequent embrittlement of the alloy and increase of susceptibility to the hot 
cracking. The  phase is usually unwanted also because it reduces the availability 
of Nb for the formation of the strengthening phase ’’, with consequent reduction 

of the mechanical properties that can potentially be achieved with the aging 
treatment. 

 
Figure 1.7. SEM micrograph showing plate-like  precipitates formed after exposition at 950°C for 

50 hours in an Inconel 718 alloy. From: [23]. 

The plate morphology can be corrected by a thermomechanical treatment in 
which the plates are fragmented to form spherical particles or slightly elongated 
precipitates [42]. The formation of globular  is also reported in the literature [43] 
[44]. The  phase starts to form at about 800-850°C and the higher precipitation 
rate is reached at about 900°C [45], the solvus temperature can vary between 
1005°C, when the Nb content is 5.06%, to 1015°C, when the Nb content is 5.41% 
[23]. The  phase can form both along the grain boundaries and inside the grains; 
the intragranular  precipitates have usually a lower size and grow according to a 
precise crystallographic relationship with the matrix [19] [44] [46] [47]: 
(010)𝛿  ∥  {111}𝛾    ,    [100]𝛿  ∥  〈11̅0〉𝛾. 

Intragranular precipitation occurs through nucleation at the stacking fault 
defects present in the ’’ phase (figure 1.8) [19]. At temperatures above 900°C, the 
’’ phase does not form and  nucleates directly in the matrix. 

 
Figure 1.8. TEM micrograph showing plates of  phase nucleated on ’’ particles in a spray 

formed Inconel 718 alloy heat treated at 875°C for 6 hours. From: [23]. 
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The intragranular  precipitates tend to form clusters of parallel plates, instead 
intergranular  precipitates are usually isolated and they grow with a random 
orientation [45] [48]. These two kinds of  precipitates have different effect on the 
properties of the alloy. A great amount of intragranular  precipitates can lead to a 
loss in the ductility [45], instead the intergranular  phase can also be beneficial in 
certain situations because it allows to control the grain size, avoiding coarsening 
during the heat treatment [23]. Furthermore, the intergranular precipitates with 
plate-like morphology may hinder the reciprocal motion of the grains, with 
consequent increase in the creep resistance, and improve the high temperatures 
stress rupture properties because of a crack deflection mechanism from the grain 
boundaries [22]. 

1.3.1.4 Gamma double prime phase 

The ’’ phase represents the main strengthening constituent in Inconel 718 

alloy. ’’ phase is an ordered intermetallic phase with Ni3Nb stoichiometry that 
crystalize in the DO22 body centered tetragonal (BCT) system. The disposition of 
the atoms in the ’’ unit cell is shown in figure 1.9, the unit cell can be 
approximately obtained by stacking two  cubic cells. The low mismatch between 
the  and ’’ lattices allows the formation of a coherent interface with the matrix, 

which can guarantee the stress transfer from the matrix to the ’’ precipitates 

avoiding the stress concentration effect. 

 
Figure 1.9. Body centered tetragonal DO22 crystal structure of ’’ phase with parameters [18] a = b 

= 0.3624 nm, c = 0. 7460 nm. 



1.3 Inconel 718 alloy 17 

The ’’ phase forms in the temperature range between about 700°C and 900°C. 
It tends to precipitate with a discoidal morphology with an aspect ratio between the 
diameter and the thickness of about 5-6. If the precipitation occurs at a low 
temperature, the formed ’’ particles have an extremely small size and their uniform 

dispersion in the matrix (see figure 1.10) allows to obtain a high improvement of 
the mechanical properties. However, the ’’ precipitates can undergo coarsening 
due to the exposure to high temperature during heat treatment or in service with 
consequent reduction of their strengthening effect [24] [49] [50]. Furthermore, the 
’’ phase is not stable and so, after prolonged thermal exposure, it tends to transform 
into the incoherent  phase, which has the same chemical composition but different 
crystallographic arrangement [16], with consequent reduction of the mechanical 
properties. 

 
Figure 1.10. TEM micrograph showing discoidal ’’ and spherical ’ precipitates on an Inconel 

718 alloy aged at 750°C for 100 hours. From: [49]. 

1.3.1.5 Gamma prime phase 

The ordered ’ phase has Ni3(Ti, Al) stoichiometry and crystallize in the L12 
cubic system. The unit cell of ’ phase is represented in figure 1.11. 

 
Figure 1.11. Cubic L12 crystal structure of ’ phase with parameters [18] a = b = c = 0. 3605. 

In Inconel 718 alloy, Nb can partially occupy the Ti and Al sites in the unit cell 
with consequent reinforcement of the ’ phase through the substitutional 

mechanism. The intermetallic '-Ni3Al compound possesses a peculiar mechanical 
behavior characterized by an increase in the tensile properties with the temperature 
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up to about 800°C. Because of the ordered structure, the passage of a dislocation in 
the L12 type lattice causes the formation of a two-dimensional defect called 
antiphase boundary (APB). The APB is a plane along which the arrangement of 
atoms is not the correct one, as shown in figure 1.12, this results in a high energy 
surplus with respect to the minimum energy condition of perfect disposition of the 
atoms in the theoretical lattice. The movement of a single dislocation is strongly 
hindered in Ni3Al because of the formation of the high energy APB, however the 
dislocations can still move in pairs, forming the so-called “super dislocations”. The 
passage of the second dislocation of the pair re-establishes the correct order in the 
atoms arrangement in the lattice, in this way the APB is limited to the area between 
the two dislocations of the pair. The atypical behavior of Ni3Al is ascribed to the 
thermally activated cross slip mechanism occurring when the temperature is 
increased, causing the cross slip of some segments of the super dislocations from a 
{111} octahedral slip plane to a {001} cube slip plane. The segments where the 
cross slip has occurred cannot move without extending the APB, therefore their 
motion is hindered and the resistance to plastic deformation is consequently 
increased. This microstructural constraint is called Kear-Wilsdorf lock [1] [15] 
[51]. 

The ’ phase forms a coherent interface with the  matrix, therefore the 
dislocations in  can cross the ’ lattice where their motion is hindered by the 

formation of the APB (figure 1.12). As a consequence, the alloy is strengthened 
even at high temperature by the presence of many ’ particles. 

 
Figure 1.12. Scheme of a dislocation that pass an ordered structure forming an antiphase boundary 

(left); dislocations are forced to move in pairs in the ordered structure (right). From: [14]. 

The ’ phase is usually present in Inconel 718 alloy in the form of globular 
precipitates with a size lower than 20 nm that form in the temperature range of about 
595°C and 700°C. Coalescence of the ’ particles of can occur during exposure to 

high temperatures with consequent increase of their size and reduction of the 
obtainable reinforcing effect for the alloy. During the coarsening process, the 
coherency with the matrix is progressively lost and the morphology of the ’ 

particles change from spherical to cubic [5] [15] [52]. 
In Inconel 718 alloy, the ’ and ’’ phases can sometimes form together by co-

precipitation (figure 1.13), forming the so-called compact morphology [24]. 
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Figure 1.13. TEM micrograph showing the co-precipitation of ’ and ’’ particles in an Inconel 

718 alloy. From: [24]. 

1.3.2 Solidification 

The solidification modality of a metal alloy determines its microstructural 
features and the distribution and size of the eventually formed second phases, 
therefore it has a deep influence on the final performances of the alloy and on its 
response to the subsequent heat treatments. Therefore, the comprehension of the 
phenomena occurring during solidification and the effects on the microstructural 
characteristics of the conditions in which it occurs, in particular the type and 
quantity of solute present, the rate of cooling and the extent of the established 
thermal gradients, is of fundamental importance. 

1.3.2.1 Microsegregation: partition coefficient and Scheil’s model 

When the solidification occurs in thermodynamic equilibrium conditions, i.e. 
when the rate R of the solidification front tends to zero, the solute concentrations in 
the liquid 𝐶𝐿 and in the solid 𝐶𝑆 phases are uniform and equal, at each temperature, 
to the equilibrium value indicated by the phase diagram. The ratio 𝑘 = 𝐶𝑆 𝐶𝐿⁄ , 
approximately independent from the temperature in the solidification range, is 
called the partition coefficient of the solute, therefore 𝑘 is a measure of the solute 
tendency to segregate in the solid phase during the solidification: the solute tends 
to dissolve more in the solid when 𝑘 > 1, instead it will be more present in the 
liquid until the end of the solidification if when 𝑘 < 1. However, in most of the 
technological processes of industrial interest, the alloys solidification is too fast and 
the thermodynamic equilibrium conditions cannot be maintained. In these cases, 
the solute concentrations corresponding to the thermodynamic equilibrium can be 
established only locally at the solid/liquid interface and the establishment of a 
certain grade of compositional microsegregation cannot be avoided because there 
is no time for the solute diffusion to uniform the concentration in the system. 
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This situation can be described through the Scheil’s model [53], that is based 
on the follow simplifying assumptions: 

1. perfect mixing in the liquid, i.e. the solute concentration 𝐶𝐿 is uniform in 
the liquid domain; 

2. the solute diffusion in the solid phase does not occur or it is negligible; 
3. local equilibrium at the solid/liquid interface, in other words the solute 

concentrations 𝐶𝑆 and 𝐶𝐿 respectively in the solid and in the liquid in 
reciprocal contact are the ones reported by the phase diagram at each 
temperature; 

4. the difference between the molar volumes of the liquid and the solid can be 
neglected; 

5. the partition coefficient 𝑘 is constant with the temperature; 
6. the solid/liquid interface is planar or it has a curvature sufficiently low that 

the Gibbs-Thomson effect can be neglected. 

At the beginning of the solidification, the liquid has the nominal solute 
concentration 𝐶0, therefore the first solid is formed at the temperature 𝑇1 with the 
solute concentration 𝐶𝑆(𝑇1) = 𝑘𝐶0. In the case of 𝑘 < 1, the formed solid has a 
solute concentration lower than the liquid, therefore the solute must be rejected in 
the remaining liquid as the solidification process proceeds. Conversely, in the case 
𝑘 > 1, the liquid is progressively depleted in the solute. During the temperature 
decreasing, the solute concentration 𝐶𝐿(𝑇) of the liquid phase remain uniform over 
all the liquid volume at the corresponding value indicated by the phase diagram 
because of the assumptions N.1 and N.3. Conversely, in the solid phase the 
equilibrium solute concentration value 𝐶𝑆(𝑇) = 𝑘𝐶𝐿(𝑇) is established only at the 
solid/liquid interface, instead the solid formed previously between 𝑇1 and the 
current temperature 𝑇 has a lower or higher solute concentration respect to the 
equilibrium value if 𝑘 is minus or major to 1 respectively. Therefore, a 
compositional gradient is formed in the solid that cannot be reduced by the solute 
diffusion because of the assumption N.2. The trend of the mean value 𝐶𝑆,𝑚𝑒𝑎𝑛(𝑇) 
of the solute concentration in the solid phase does not follow the solidus curve of 
the phase diagram, as in the case of a quasi-static solidification, but it traces a curve 
placed below or above it in the case of 𝑘 < 1 or 𝑘 > 1, respectively, as shown in 
figure 1.14. 
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Figure 1.14. Solute profiles in the solid and liquid phase and path followed in the phase diagram 
by the mean concentration in the solid according to the Scheil’s model in the cases of k < 1 and k 

> 1. 

At each reduction 𝑑𝑇 of the system temperature, an infinitesimal liquid volume 
𝑑𝑉𝑙 solidifies. The difference between the solute quantity 𝐶𝐿(𝑇) ∙ 𝑑𝑉𝐿 in the 
infinitesimal volume before the solidification and the solute quantity 𝐶𝑆(𝑇) ∙ 𝑑𝑉𝑆 
after the solidification corresponds to the solute rejected to (if 𝑘 < 1) or removed 
from (if 𝑘 > 1) the liquid. This difference is equal to: 

 
𝐶𝐿(𝑇)𝑑𝑉𝐿 − 𝐶𝑆(𝑇)𝑑𝑉𝑆 = 𝐶𝐿(𝑇)𝑑𝑉𝐿 − 𝑘𝐶𝐿(𝑇)𝑑𝑉𝑆 = (1 − 𝑘)𝐶𝐿(𝑇)𝑑𝑉𝑆 eq. 1.1 

 
where the last equality is justified by the assumption N.4, for which it is 

possible to neglect the volume variation associated to the solidification, i.e. 𝑑𝑉𝑆 ≅

𝑑𝑉𝐿. The solute rejected to or removed from the liquid during the solidification of 
𝑑𝑉𝐿 leads to an infinitesimal variation of the solute concentration in the liquid 
equals to: 

 
𝑉𝐿[𝐶𝐿(𝑇 − 𝑑𝑇) − 𝐶𝐿(𝑇)] = 𝑉𝐿𝑑𝐶𝐿 eq. 1.2 

 
By equating the last terms of equations 1.1 and 1.2 and dividing by the total 

volume 𝑉 of the system: 
 

(1 − 𝑘)𝐶𝐿(𝑇)𝑑𝑓𝑆 = 𝑓𝐿𝑑𝐶𝐿  ⇒  (1 − 𝑘)
𝑑𝑓𝑆

1−𝑓𝑆
=

𝑑𝐶𝐿

𝐶𝐿(𝑇)
 eq. 1.3 

 
with 𝑓𝑆 = 𝑉𝑆 𝑉⁄  and 𝑓𝐿 = 𝑉𝐿 𝑉⁄  the volume fractions of the solid and the liquid, 

respectively. By integrating equation 1.3 between the temperature 𝑇1, at which 
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corresponds 𝑓𝑆 = 0 and 𝐶𝐿 = 𝐶0, and a generic temperature 𝑇 in the solidification 
range using the assumption N.5: 

 

∫ (1 − 𝑘)
𝑑𝑓𝑆

1−𝑓𝑆

𝑓𝑆

𝑓𝑆=0
= ∫

𝑑𝐶𝐿

𝐶𝐿(𝑇)

𝐶𝐿

𝐶0
 ⇒  (𝑘 − 1) ln(1 − 𝑓𝑆) = ln (

𝐶𝐿

𝐶0
)  ⇒  

⇒  𝑓𝐿 = 1 − 𝑓𝑆 = (
𝐶𝐿

𝐶0
)

1

𝑘−1, 

⇒ 𝐶𝐿 = 𝐶0 𝑓𝐿
𝑘−1, 

⇒ 𝐶𝑆 = 𝑘𝐶0 (1 − 𝑓𝑆)𝑘−1 eq. 1.4 
 
The Scheil’s equation 1.4, also called non-equilibrium lever rule, predicts that, 

in the case of 𝑘 < 1, the solute concentration in the liquid diverges when 𝑓𝐿 go to 
zero indipendently from the solute quantity present in the system. In other word, 
when 𝑘 < 1 and the solute diffusion in the solid cannot occur, the solidifcation 
always ends with an eutectic transformation in presence of an arbitrary low quantity 
of solute. 

The Scheil’s model can be modified in order to include an eventual not 
negligible solute diffusion in the solid during the solidification, the Brody-Flemings 
equation 1.5 is obtained in this way [14]: 

 

𝐶𝑆 = 𝑘𝐶0 [1 −
𝑓𝑆

1+
𝐷𝑆𝑡𝑓

𝐿2 𝑘
]

𝑘−1

 eq. 1.5 

 
where 𝐷𝑆 is the solute diffusivity in the solid, 𝑡𝑓 is the local solidification time, 

i.e. the period during which both the liquid and solid phases are present, and 𝐿 is 
the length scale of the microsegregation, usually half the arm dendrite spacing is 
used as 𝐿. 

In Inconel 718 alloy, there are both elements with a partition coefficient 𝑘 < 1, 
they are Nb, Mo and Ti, and elements with 𝑘 > 1, i.e. Fe and Cr. The partition 
coefficients of the alloying elements of Inconel 718 are reported in table 1.6. 
According to the Scheil’s model, a certain grade of segregation is expected to occur 

during a fast solidifcation: the Fe and Cr contents tend to be higher in the zones 
where the solidification has started, i.e. the cores of the dendrites, instead Nb, Mo 
and Ti prevail where the last liquid solidified, i.e. the interdendritic zones. As it can 
be observed in table 1.6, the highest microsegregation level is expected with the 
niobium. At first aproximation, it is possible to describe the solidification of Inconel 
718 as a binary alloy by considering only the role of the Nb solute [54] [55]. 

Table 1.6. Partition coefficients k of the alloying elements of Inconel 718 alloy. From: [56]. 
Element Ni Cr Fe Nb Mo Ti Al C 
Experimental 𝑘 value 1.03 1.09 1.20 0.28 0.73 0.41 0.79 0.12 
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1.3.2.2 Morphology of the solidification front 

The progress of the solidification front depends on the eventual presence of 
undercooled liquid, that is a liquid at a temperature lower than the liquidus 𝑇𝐿 at 
which the liquid phase is in thermodynamic equilibrium with the solid one. An 
eventual protrusion of the solid casually formed on the solidification front can 
advance only in presence of an undercooled liquid ahead the solid/liquid interface. 
In fact, if an undercooled liquid is not present, any random protrusion would 
approach a zone in which 𝑇 > 𝑇1 and so its growth would stop, therefore a planar 
solid/liquid interface is stable. However, the local speed of the solidification front 
on a random protrusion is higher in presence of undercooled liquid and so the 
further development of this protrusion occurs. In these conditions, destabilization 
of the planar front and formation of dendrites occurs. 

In a binary alloy, the destabilization of the planar front can occur in presence 
of a temperature gradient G in liquid phase [53]. In fact, in the case of 𝑘 < 1, the 
solute is continually rejected from the forming solid to the liquid and, therefore, a 
solute concentration gradient can form in the liquid in contact with the solidification 
front if the solidification is sufficiently fast to prevent the solute diffusion to 
uniform the composition in the liquid. Obviously, if a compositional gradient is 
present in the liquid, then the Scheil’s model is no more valid because the 
assumption N.1 does not hold anymore. In turns, the compositional gradient 
determines a relative gradient of the local liquidus temperature 𝑇𝐿 in the liquid 
ahead the solidification front. Constitutional undercooling, so called because it is 
related to the solute concentration, is present where the liquid temperature is lower 
than 𝑇𝐿. If the thermal gradient G in the liquid is higher than a certain critical value 
(see figure 1.15), a constitutional undercooled zone cannot form and so the planar 
solid/liquid interface remains stable. However, if the value of G decreases under 
the critical threshold, a zone in which the liquid is constitutionally undercooled 
form ahead the solidification front. This causes the destabilization of the planar 
front. 

Therefore, the solid/liquid interface morphology is related to the G/R ratio 
between the thermal gradient in the liquid and the rate of the solidification front. 
High G/R values determine a planar interface, but if G/R decreases under the critical 
value written in equation 1.6, parallel dendrites form growing along the direction 
of the thermal gradient without developing of secondary branches. 

 
𝐺

𝑅
|

𝑝𝑙𝑎𝑛𝑎𝑟 𝑡𝑜 𝑐𝑒𝑙𝑙𝑢𝑙𝑎𝑟
=

∆𝑇

𝐷𝐿
 eq. 1.6 

 
where 𝐷𝐿 is the diffusivity of the solute in the liquid and ∆𝑇 is the solidification 

range, i.e. the difference between the liquidus and solidus temperatures at the 
nominal composition [53] [57] [58]. This solidification modality leads to the so 
called cellular structure, whose name is due to the observable aspect on the cross-
section perpendicular to the dendrites (figure 1.16). 
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Figure 1.15. Formation of constitutional undercooling of the liquid ahead the solidification front 

with consequent destabilization of the planar solid/liquid interface. From: [53]. 

The crystallographic orientation of the cells is virtually the same because they 
originate from the same initial grain. Therefore, the boundaries between cells and 
dendrites are also called Solidification Sub-Grain Boundary (SSGB), because they 
form due to the alloying elements microsegregation on the base of the 𝑘 partition 
coefficient during the solidification. 

 
Figure 1.16. Examples of cellular microstructures. Top view of the cells disposed on a hexagonal 

pattern (A) and lateral view of columnar dendrites without secondary arms (B). From: [58]. 

If the G/R ratio is further decreased, the extension of the undercooled liquid 
increases and secondary branches start to form from the walls of the parallel 
dendrites. Eventually, also tertiary branches can form from the secondary ones. In 
the metals with a cubic crystallographic system, the dendrites develop along the 
<100> type crystallographic axes because of the energetically favorable growth 
[59]. Therefore, the grains with a <100> axis aligned to the thermal gradient are 
favored and they develop with the formation of columnar dendrites. The secondary 
branches form along the other two <100> axes, that are orthogonal to the growth 
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direction of the primary branch from which they originate [57]. Equation 1.7 shows 
the threshold value of the G/R ratio for the transition from the cellular to the 
dendrite microstructure [57] [60]. 
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𝑐𝑒𝑙𝑙𝑢𝑙𝑎𝑟 𝑡𝑜 𝑑𝑒𝑛𝑑𝑟𝑖𝑡𝑖𝑐
=

𝑘∆𝑇

𝐷
 eq. 1.7 

 
where 𝑘 is the solute partition coefficient. 
A further reduction of the G/R ratio leads to a solidification that occurs 

predominantly by nucleation of new grains in the undercooled liquid volume. In 
these conditions, the so called equiaxed dendrites form (see figure 1.17): the low G 
value can no more affect the growth direction of the dendritic branches, therefore 
the growth is only controlled by the orientation of the <100> crystallographic axes. 

  
Figure 1.17. Change in the solidification front morphology and structures size in function of the 

temperature gradient G and the growth rate R. From: [59]. 

1.3.2.3 The fast solidification path 

In most of the cases of practical interest, the establishing of a stable planar 
solid/liquid interface during the solidification of Inconel 718 alloy is very rare, 
therefore dendritic structure is almost always obtained. The morphology of the 
formed dendrites is determined by the G/R ratio as explained at paragraph 1.3.2.2. 
On the contrary, the characteristic size of these structure, i.e. the primary arm 
spacing and, if ramifications are present, the secondary and tertiary arm spacing, 
depend on the cooling rate, that is the 𝐺 ∙ 𝑅 product: high values of the cooling rate 
decrease the solute diffusion length and determines lower interdendritic distances 
as a consequence making the microstructure finer. 

During the formation of the dendrites, the remaining liquid in the interdendritic 
space is progressively enriched in Nb, so the liquidus temperature is reduced 
consequently until the eutectic conditions are reached. Although the Scheil’s model 
cannot hold in this description because of the violation of the assumptions N.1 and 
N.6, the fact that the solidification must end with the eutectic transformation 
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remains valid. This is true because the solute cannot diffuse in the solid phase, no 
matter how low the initial solute quantity. However, the solute content in the system 
determines the volume of the formed eutectic. The final result is a heterogeneous 
structure characterized by a certain degree of microsegregation: the cores of the 
dendrites have a higher content of the elements with 𝑘 > 1, i.e. Cr and Fe, instead 
the eutectic products, rich in the elements with 𝑘 < 1, in particular Nb, are 
concentrated at the boundaries between the dendrites. 

DuPont et al. investigated the fast solidification path of Nb-bearing nickel-base 
alloys through the liquidus projection of the Ni-Nb-C system at the Ni-rich corner 
providing a pseudo-ternary solidification diagram [61] [62] [63]. The effect of Fe, 
Cr and Si, which are stabilizers of the Laves phase, is indirectly considered by 
substituting the Ni3Nb compound of the Ni-Nb-C system with the Laves phase [61]. 
In their study, these researchers observed the presence of two distinct /NbC and 
/Laves eutectic structures and they concluded that the solidification does not 
terminate with a ternary /NbC/Laves eutectic transformation, which would leads 
to an intimate mixture of the three constituents. Actually, they argued that 
solidification ends rather through two non-invariant binary eutectic 
transformations: L → L +  + carbides and L →  + Laves phases (where L indicates 
the liquid phase). According to this description, dendrites of  phase form and 
growth at the first stage of the solidification rejecting C and Nb in the liquid phase 
that is progressively enriched in these elements, consequently. The diffusion of Nb 
in the solid phase during the solidification at a high cooling rates, as the ones 
established in the welding processes, is negligible, therefore its distribution can be 
modeled with the Scheil’s law, instead the lever rule can be used for C because of 
its fast diffusion [62] [63]. In the pseudoternary diagram reported in figure 1.18, the 
liquid composition follows the arc drawn in the  field during the first stage of the 
solidification, then the L →  + NbC eutectic transformation starts as soon as the 
liquid composition reach the line between the  and NbC fields. This reaction causes 
a depletion of C and an enrichment of Nb in the liquid, therefore the representative 
point of the liquid phase composition follows the arrow towards the Ni-Nb edge of 
the diagram. When the liquid composition reaches the junction point between the 
three phases, i.e. , NbC and Laves, a transition from the L →  + NbC reaction to 
the L →  + Laves eutectic reaction occurs and then the solidification ends at the 
Ni-Nb edge. DuPont et al. also observed that Fe, Cr and Si tend to increase the 
Laves precipitation, instead Nb tend to increase the volume fraction of NbC at the 
end of the solidification if the content of C in the alloy composition is high, 
otherwise its primary effect is to further increase the volume fraction of the Laves 
phase [61]. 

The study on the fast solidification of Inconel 718 alloy performed by 
Knorovsky et al. is quite in agreement with the above reported description that 
involves two separate binary eutectic transformations. In the case of Inconel 718 
alloy, which is a Nb-bearing alloy with a very low content of C, the L → L +  + 
carbides transformation occurs at about 1230-1260°C and the L →  + Laves 
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transformation occurs at about 1200°C [55]. The solidification path obtained by the 
authors is also reported in figure 1.18. The only notable difference with DuPont 
work is that in the Knorovsky’s description the first eutectic depletes the liquid both 
from C and Nb and it ends as soon as the C content in the liquid is completely 
consumed. Then an intermediate step, in which  dendrites restart to grow according 
to the L → L +  reaction and the liquid is again enriched in Nb, occurs prior to the 
last L →  + Laves eutectic transformation [55]. Note that a non-equilibrium 
/Laves interdendritic eutectic can form even if the nominal Nb content of the alloy 
does not exceed the solubility of Nb in the  matrix because of the suppression of 
the Nb diffusion in the solid [64]. 

 
Figure 1.18. Scheme of the fast solidification path for a general Nb-bearing nickel alloy (DuPont’s 

path, adapted from: [63]) and that of Inconel 718 alloy in particular (Knorovsky’s path, from: 

[55]). 

1.3.3 The standard heat treatments 

The generic heat treatments cycle at which Inconel 718 is usually submitted 
consists of a solution annealing run and two aging steps. The general structure of 
the standard heat treatments cycle is reported in figure 1.19. 

 
Figure 1.19. General structure of the standard heat treatment cycle of Inconel 718 alloy. 
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The solution annealing has the purpose to reduce the microsegregation levels 
and dissolve the unwanted second phases that formed during the solidification and 
subsequent cooling, in particular the Laves phases and the eventual  phases. A 
high temperature homogenization treatment at 1100-1200°C may be required to 
dissolve the as-cast /Laves interdendritic eutectic [64]. 

During the solution annealing, the alloying elements that will be necessary for 
the formation of the strengthening precipitates during the following aging steps are 
transferred in the  solid solution. This is particularly true for Nb, Ti and Al. The 
solution treatment is concluded with a rapid cooling at room temperature through 
water or air quenching, that has the aim to avoid re-precipitation of unwanted 
second phases during the cooling step. 

During the subsequent aging cycles, the strengthening ’ and ’’ phases 

precipitate in form of small particles finely dispersed throughout the volume of the 
 matrix. The temperature and duration of the aging treatments are chosen in order 
to obtain the formation of a large number of precipitates avoiding the coarsening of 
them or the formation of unwanted phases, for example . 

The two main alternative heat treatments for Inconel 718 alloy are: 

1. solution annealing between 920°C and 1010°C followed by water or air 
quench, aging at 720°C for 8 hours, furnace cooling for 2 hours until 620°C 
and soaking at this temperature for 8 hours, then air cooling (AMS 5662-3); 

2. solution annealing between 1040°C and 1070°C followed by water or air 
quench, aging at 760°C for 10 hours, furnace cooling for 2 hours until 650°C 
and soaking at this temperature for 8 hours, then air cooling (AMS 5664). 

Anbarasan et al. [65] found that the solution treatment at 1066°C for 1 hour 
may lead to grain coarsening, while the grain size remains unchanged after solution 
annealing at 980 ° C for 1 hour. They also observed that the  phase can form during 
the treatment at 980°C because the solvus temperature of this phase is higher, about 
1000°C, instead the precipitation of NbC carbides along the grain boundaries can 
occur at 1066°C. Because of the finer granulometry, generally the heat treatment 
n.1 allows to obtain higher mechanical properties at room temperature and higher 
fatigue resistance. Instead, the heat treatment n.2 optimizes the ductility and the 
impact resistance of the alloy. 
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1.3.4 Physical and mechanical properties 

The typical values of the main physical properties of Inconel 718 alloy are 
reported in table 1.7. 

Table 1.7. Physical properties of Inconel 718 alloy. Data from: [66]. 

The elastic modulus, thermal expansion coefficient (CTE), specific heat and 
thermal conductivity in function of the temperature are reported in figure 1.20. 
Variations from the values reported here can be due to differences in the 
composition or in the state (cast, wrought, heat treatment condition, etc.) of the 
alloy. 

 
Figure 1.20. Elastic modulus, mean Thermal Expansion Coefficient (CTE), specific heat on 
thermal conductivity of Inconel 718 alloy in function of the temperature. Data from: [66]. 

The mechanical properties are strongly related to the process and the thermal 
history of the material. Some indicative values of the tensile properties at room 

Property State Value 

Density (g/cm3) Annealed 8.19 
Annealed and aged 8.22 

Elastic modulus at 21°C (GPa) - 200 

Melting range (°C) Cast 1205-1345 
Wrought 1260-1335 

Mean thermal expansion coefficient 
from 20°C to 93°C (10-6 K-1) - 12.2 

Specific heat at 21°C (J/kg·K) - 430 
Thermal conductivity at 21°C 
(W/m·K) - 11.4 

Electrical resistivity at 21°C 
(10-6 ·m) 

Annealed 1.25 
Annealed and aged 1.21 
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temperature in the cast state and at various temperatures in the wrought state are 
provided in table 1.8. 

Table 1.8. Tensile properties of Inconel 718 alloy. Data from: [66]. 

The variation of the tensile properties with the temperature until 700°C is 
shown in figure 1.21 for a forged Inconel 718 alloy submitted to double aging at 
720°C for 8 hours and 620°C for 8 hours. From these plots it is possible to observe 
a reduction in ductility within about 500°C and 600°C. The intermediate 
temperature embrittlement, i.e. the reduction in elongation, is a quite common 
phenomenon in the nickel-based superalloys [51] [67] [68]. 

 
Figure 1.21. Tensile properties of a wrought Inconel 718 alloy after double aging. Data from: [69]. 

The tensile properties of wrought Inconel 718 alloy at room temperature and at 
650°C are shown in figure 1.22 as a function of the solution treatment temperature 
and after double aging at 720 and 620°C. The formation of intergranular  
precipitates during the solution treatment below the  solvus temperature prevents 
grain coarsening, which instead may occur above 1000°C. YS and UTS increase 
and the elongation decreases until the solution temperature of 990°C because of the 
greater dissolution of the  phase, but for higher solution temperature the tensile 
properties get worse because of the grain coarsening [70]. 

State Test temperature 
(°C) 

Yield Strength 
(MPa) 

Ultimate Tensile 
Strength (MPa) 

Elongation to 
failure (%) 

Cast 21 915 1090 11 
Wrought (bars) 21 1125 1365 21 
Wrought (bars) 538 1020 1195 20 
Wrought (bars) 649 965 1105 20 
Wrought (bars) 760 800 855 30 
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Figure 1.22. Tensile properties of Inconel 718 alloy at room temperature (left) and at 650°C (right) 
after the heat treatment cycle in function of the temperature of the preliminary solution step. From: 

[70]. 

The hardening during the aging step is given by the formation of fine ’ and ’’ 

precipitates. The effect of the aging temperature and time on the development of 
these strengthening precipitates and on the Vickers hardness of wrought Inconel 
718 alloy, previously submitted to solution annealing at 990°C for 30 minutes and 
water quenched, was investigated by Slama et al. [16]. From the plots in figure 1.23 
it is possible to observe that the hardness increases slowly at aging temperatures 
lower than 600°C, because of the precipitation of ’, and that the hardening rate 

increases with the temperature. Between 600 and 650°C, the hardening is faster and 
the maximum achieved hardness value increases with the aging temperature. A fast 
hardening is observed at 680°C due to the precipitation of ’, then a second 

hardening occurs with the aging time starting from about 20 hours because of the 
formation of the ’’ precipitates. A further extension of the aging leads to a 
reduction of the hardness starting from about 50 hours because the  phase 
progressive replaces the ’’ phase. The peak of the hardness is reached at 750°C 

after 4 hours of aging, then a softening is observed because of the excessive 
coarsening of the ’ and ’’ particles. A further increase of the aging temperature 

leads to lower hardness because the precipitation of  prevails on the formation of 
’ and ’’. Finally, at the aging temperature of 850°C, ’ doesn’t form and the 

formed ’’ is progressively replaced by  with consequent lack of hardness. 

 
Figure 1.23. Hardness of Inconel 718 alloy after 4 hours of aging at different temperatures (left) 

and for different times and temperatures of aging (right). The hardness measured after the solution 
annealing and before the aging step is 245 HV. From: [16]. 
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Table 1.9 compares the tensile properties of cast Inconel 718 alloy, previously 
heat treated at 980°C for 1 hour, nitrogen quenched and double aged following the 
recipe n.1 reported at paragraph 1.3.3, before and after a HIP treatment at 1180°C 
at a pressure of 175 MPa for 4 hours. The HIP allows not only to reduce the porosity 
and the segregation level of the cast, but also to refine the grain size and favor the 
formation of intergranular discontinuous carbides and ’’ precipitates. 

Table 1.9. Hardness, porosity and tensile properties of heat treated (as-HT) and heat treated and 
HIPed (HIP) cast Inconel 718 alloy. Heat treatment: solution annealing at 980°C for 1 hour, 
nitrogen quench, double aging at 720°C for 8 hours and 620°C for 8 hours: HIP treatment at 

1180°C and 175 MPa for 4 hours. Data from: [9]. 

Another fundamental quality factor for a superalloy is the microstructure 
stability for long time of thermal exposure at high temperature. The effect of the 
thermal exposure at two different temperatures on the room temperature tensile 
properties of a heat treated wrought Inconel 718 alloy is illustrated in the plots at 
figure 1.24 [71]. It is possible to observe that the alloy strengthens and its ductility 
is slightly modified during the exposition at 593°C, instead the tensile properties 
increase during the initial step at 649°C, but softening occurs after very long time 
of exposure caused by the coarsening of the ’’ precipitates and the progressive 

replacement of them by the  phase. 

 
Figure 1.24. Room temperature tensile properties of Inconel 718 alloy after different times of 

thermal exposure at 593°C and 649°C. From: [71]. 

State Hardness 
(HRC) 

Porosity 
(%) 

Average 
grain size 

(m) 

Test 
temperature 

(°C) 

Yield 
Strength 
(MPa) 

Ultimate 
Tensile 

Strength 
(MPa) 

Elongation 
to failure 

(%) 

As-HT 36.3 0.612 91.9 
25 806.1 903.3 2.5 

540 732.6 782.2 2.8 
650 694.1 736.2 4.2 

HIP 43.7 0.086 74.8 
25 1130.3 1185.4 5.1 

540 960.7 993.5 6.4 
650 887.6 909.8 6.7 
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1.3.5 Creep and high temperature fatigue resistance 

The creep performances are influenced by the heat treatment and the thermal 
history of the alloy, which determines the type and distribution of the present 
second phases. The creep is particularly affected by the grain size (see the influence 
on the rupture life shown in figure 1.25) [72] and by the morphology, size and 
distribution of the eventually present  precipitates. A limited content of 
intergranular  phase is reported to improves the creep performances, but the 
amount of it should be sufficiently low to not affect significantly the ’’ 

precipitation with consequent negative effect on the mechanical properties [70]. 

 
Figure 1.25. Rupture time at 650°C with an applied load of 730 MPa of Inconel 718 alloy in 

function of the grain size. From: [72]. 

The relationship between the creep strain rate, temperature and stress can be 
modeled with the hyperbolic sine constitutive equation 1.8 [73]: 

 

𝜀̇ = 𝐴 sinh𝑛(𝛼𝜎) 𝑒−
𝑄

𝑅𝑇 eq. 1.8 
 
where 𝜀̇ is the strain rate, 𝜎 is the flow stress (in stress-controlled tests) or the 

peak stress (in strain-controlled tests), 𝑄 is the activation energy for the creep, 𝑅 is 
the gas constant (8.314 J mol-1 K-1), 𝑇 is the absolute temperature, 𝑛 is the creep 
exponent and A and 𝛼 are material related constants. 

The peak stress vs strain rate curves at different temperatures for an Inconel 
718 alloy homogenized at 1080°C for 1 hour are reported in the plots with log-log 
scale of figure 1.26: the creep exponent 𝑛 is approximately constant with the 
temperature except at 900°C, where some hardening caused by dynamical 
precipitation occurs [74]. 
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Figure 1.26. Creep 𝜎𝑝 vs 𝜀̇ curves at different test temperatures. From: [74]. 

Kuo et al. have studied the effect of 3 different heat treatment cycles on the 
creep properties of Inconel 718 alloy [33]. All the heat treatment cycles include a 
solution annealing at 1095°C for 1 hour and a double aging following the recipe n.1 
reported at paragraph 1.3.3. The first cycle (HT1) includes a further step, between 
the solution annealing and the double aging, performed at 955°C for 1 hour. The 
second cycle (HT2) does not include the step at 955°C, whereas in the third one 
(HT3) that step lasts for 3.5 hours. Precipitation of  phase at the grain boundary 
occurs during the exposition at 955°C. The presence of the intergranular  
precipitates increases the resistance to the reciprocal slide of the grains with 
consequent reduction of the steady state creep rate, as it can be observed from the 
creep curves at figure 1.27 and the values reported in table 1.10 [33]. 

Table 1.10. Creep data reported by Kuo et al. on Inconel 718 alloy after different heat treatment 
cycles (see text for the heat treatment recipes). Data from: [33]. 

From such clues one can also ascertain that the stress rupture life of the samples 
that contain  phase is lower. The sample previously submitted to HT2, i.e. without 
 phase, shows a higher creep elongation to failure up to 5.6%. In this sample, the 
carbides that remain undissolved during the solution annealing can hinder the grain 
sliding. Kuo et al. also report that the fracture of the sample submitted to HT2 is 
mainly of ductile or mixed transgranular/intergranular type. The structural damage 
due to creep starts at the interface between the intergranular carbides and the matrix, 
then the formed defects coalesce leading to transgranular fracture [33]. Instead, the 
presence of the intergranular  phase leads to a much more limited grain sliding, in 
fact the authors report a creep elongation to failure of about 1-1.5%, furthermore 
the final fracture is mainly of intergranular type and it occurs because of the 
detachment along the / incoherent interface [33]. 

Heat treatment Stress rupture life 
(hours) 

Elongation to 
failure (%) 

Steady state creep 
rate (1/s) 

HT1 160 ± 19 1.15 ± 0.06 0.96 ± 0.05 ·10-4 
HT2 331 ± 29 5.36 ± 0.27 1.42 ± 0.02 ·10-4 
HT3 197 ± 16 1.49 ± 0.07 1.04 ± 0.03 ·10-4 
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Figure 1.27. Creep curves at 625 MPa and 650°C of Inconel 718 alloy previously submitted to 

three different heat treatment cycles. From: [33]. 

The size and the distribution density of the intergranular precipitates affect the 
creep performances (figure 1.28) [75]. At low distribution density of precipitates, 
the fracture occurs through propagation of wedge-like cracks that nucleate at the 
triple points of the grain boundaries. Under these conditions, an increase in the 
density of precipitates causes a reduction of the time to rupture and of the creep 
deformation. Conversely, when the distribution density of intergranular precipitates 
is high, the rupture occurs predominantly by propagation of cracks that form from 
voids originating by the creep deformation at the grain boundaries placed in the 
normal direction with respect to the applied load. In this situation, the time to 
rupture and creep deformation increase with the density of precipitates. 

 
Figure 1.28. Creep strain and rupture life of Inconel 718 alloy at 625°C with an applied load of 

795 MPa in function of the precipitates size (left) and density (right). From: [75]. 

The fatigue resistance is mainly influenced by the exposure temperature [76] 
[77], the grain size [72], the preliminary applied heat treatment [70] and the load vs 
time profile [77]. In general, an increase in the exposure temperature reduces the 
fatigue life and increases growth rate of the fatigue crack, whereas a lower grain 
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size determines a higher fatigue resistance at the same exposure temperature (see 
figure 1.29). 

The complex interactions between the precipitates dispersed in the  matrix and 
the cyclic stress field may give rise to microstructural modifications with not 
negligible consequences in the mechanical properties of the alloy and its fatigue 
performance. In particular, large precipitation of intragranular  phase is reported 
to occur at 700°C, because of the synergetic effect of the temperature and the strain, 
with consequent reduction of the fatigue strength [78]. 

 
Figure 1.29. Left: fatigue stress vs number of cycle curves at two different test temperatures and 
two different grain size obtained on wrought Inconel 718 alloy previously submitted to solution 
annealing at 970°C and double aging according to the standard recipe n.1 (see paragraph 1.3.3), 
from: [72]. Right: Paris curves at three different test temperatures of wrought Inconel 718 alloy 
previously submitted to the standard heat treatment cycle n.1 (see paragraph 1.3.3) and with a 

grain size of 10 m, from: [77]. 

1.3.6 Hot oxidation resistance 

The hot oxidation resistance of nickel-based superalloys is determined by the 
formation of a passivating oxide layer on the surface. This layer should be dense 
and well adherent to the metal substrate in order to provide an adequate protection 
against further oxidation. Therefore, the hot oxidation resistance is mainly 
determined by the Cr and Al contents in the alloy, which are the two main 
passivating oxide formers. In oxidizing environment, Cr and Al form respectively 
chromia Cr2O3 and Alumina Al2O3, both with the lattice structure of the corundum 
type. 

Giggins and Pettit studied the response of Ni-Cr-Al alloys to exposition at high 
temperatures, between 1000°C and 1200°C, in oxidizing environment [79]. These 
alloys can be considered as the base prototype of the more complex superalloys for 
what concerns the oxidation behavior. On the base of the nature of the superficial 
oxide scale formed during the oxidation, the alloys belonging to the Ni-Cr-Al 
system can be classified in three groups: 

1. the alloys belonging to the group I form a superficial scale mainly made by 
NiO oxide; 
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2. the alloys belonging to the group II form a superficial scale mainly made by 
Cr2O3 oxide; 

3. the alloys belonging to the group III form a superficial scale mainly made 
by Al2O3 oxide. 

Giggins and Pettit [79] observe that a transient oxidation period is present at 
the beginning of the exposition, during this period the oxide scale formation on the 
surface occurs in an inhomogeneous manner and its structure is not constant. At the 
end of the transient oxidation step, the effective duration of which depends on the 
exposition temperature and the chemical composition of the alloy, a stable oxide 
scale has formed with a structure that remains almost unchanged for long exposure 
time. This stage of the oxidation is referred as steady-state oxidation regime. 

The alloys belonging to the group I has a Cr and Al contents too low for a 
continuous chromia or alumina superficial scale to form at the end of the transient 
oxidation step. Therefore, an external continuous oxide scale of NiO and a subscale 
made of discontinuous oxides of Cr2O3, Al2O3 and Ni(Cr, Al)2O4 develops on these 
alloys. The discontinuous oxides form internally because of the oxygen inward 
diffusion through the superficial NiO layer. The oxidation of a metal M can proceed 
as long as the oxygen partial pressure 𝑝𝑂2

 in the environment is higher than the 
𝑝𝑂2,𝑒𝑞(𝑇) value at which the equilibrium is established at the exposure temperature: 

𝑥𝑀 +
𝑦

2
𝑂2 ⇄ 𝑀𝑥𝑂𝑦 

A low value of 𝑝𝑂2,𝑒𝑞(𝑇) indicates a high affinity of the metal M with the 
oxygen, this means a greater tendency to oxidizing. During the thermal exposure at 
T, the local oxygen content decreases moving in deep from the surface of the alloy. 
The alloying elements can oxidize as long as the oxygen concentration remains 
higher than the equilibrium value 𝑝𝑂2,𝑒𝑞(𝑇), but their oxidation stops as soon as the 
oxygen content drops below such threshold. Therefore, the alloying elements with 
a lower oxygen affinity stop oxidizing earlier than those with a higher oxygen 
affinity, which instead tend to form internal oxides at greater depth. The oxygen 
affinity of Ni is lower than that of Cr, which in turn is lower than that of Al (see the 
Ellingham diagram in figure 1.30). Therefore, internal oxidation of Cr and Al along 
a certain thickness can occur under the superficial layer of NiO in the alloys of the 
group I. 

The alloys of the group II have a higher Cr content and a limited Al content. In 
this case the developing of Cr2O3 is sufficient to form a superficial continuous layer 
that prevail on NiO at the end of the transient oxidation. Instead, the Al oxidation 
leads only to the formation of discontinuous internal oxides. In this situation, the 
higher oxygen affinity of Al allows the oxidation of this element below the 
continuous Cr2O3 layer. 

The alloys of the group III have a higher Al content, therefore the formation of 
Al2O3 alumina prevails on Cr2O3 and on NiO at the end of the transient oxidation 
step. The final result is a superficial scale formed by a single continuous and dense 
Al2O3 layer without internal oxides formed below it. 
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The alloys with an intermediate composition between two groups are 
characterized by a longer transient oxidation and by a mixed oxidation behavior 
with consequent developing of a heterogeneous superficial scale [79]. 

 
Figure 1.30. Ellingham diagram relative to the Ni, Ct, Ti and Al oxides. Data from: [80]. 

During the steady-state oxidation, the only time-dependent feature is the 
thickness of the external scale, which increases with the thermal exposure time. 
When the protective oxide layer is dense and well adherent to the substrate, the 
growth rate of the scale is adequately described by a parabolic law (equation 1.9): 

 

(
∆𝑚

𝐴
)

2

= 𝑘𝑝𝑡 eq. 1.9 
 
where ∆𝑚 is the mass gain recorded on the oxidized sample due to the insertion 

of oxygen atoms during the growth of the oxide, 𝐴 is the exposed area of the alloy, 
𝑡 is the total time of exposure in temperature and 𝑘𝑝 is the parabolic rate constant. 
A low value of 𝑘𝑝 indicates a high hot oxidation resistance of the alloy, as it 
determines a slow growth of the oxide and, therefore, a limited consumption of the 
oxide forming alloying elements and a lower risk of spalling due to the development 
of thermal stresses in the layer. Under these conditions, the alloy can remain stable 
in an oxidizing environment for long periods. The parabolic growth is observed 
whenever on the surface of the alloy a protective passivating layer form whose 
stationary growth is controlled by the diffusion, through this layer, of the O2- anions 
from the atmosphere/oxide to the oxide/metal interfaces and of the oxide forming 
metallic cations My+ along the inverse path [81]. The parabolic law was first 
obtained by Tammann, Pilling and Bedworth without taking into account the 
electrical charge of the ionic species and, therefore, assuming that the diffusion of 
these species through the oxide layer can be approximately described by the first 
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Fick’s law. Afterwards, Wagner formulated a more elaborated model, that take into 

account the effect of the electric field in the oxide layer on the transport of the 
charged species, i.e. cations, anions and electrons [81] [82]. 

Giggins and Pettit [79] report that the oxidation of Ni-Cr-Al type alloys at 
1000°C, 1100°C and 1200°C respects the parabolic law in most of the cases and 
that the parabolic constant of the alloys of group I is higher than that recorded in 
the alloys of group II, while alloys of group III have the lowest values of the 
parabolic constant. 

Inconel 718 alloy has a high Cr content (between 17 and 21% wt.) and a 
relatively low Al content (between 0.2 and 0.8% wt.), therefore it belongs to group 
II (see figure 1.31) and so it tends to form a continuous surface layer of chromia 
and internal discontinuous alumina oxides. 

 
Figure 1.31. Ternary isothermal diagram showing the compositional borders between the three 

groups of alloys. The point relative to Inconel 718 alloy is added. Adapted from: [79]. 

Greene and Finfrock report three oxidation regimes for Inconel 718 alloy based 
on the exposure temperature [83]: 

• at temperatures below 900°C, oxidation is characterized by a first transient 
oxidation period of about 24 hours during which the surface oxide scale is 
formed, then the further stationary growth of the oxide proceeds following 
a parabolic trend with a very low 𝑘𝑝 value (under 800°C, the oxidation rate 
is so low that a mass gain between the first 24 hours and 15 days of thermal 
exposition cannot be measured); 

• at temperatures falling between 900 and 1250-1300°C, the oxidation 
behavior follows a parabolic law and the parabolic constant 𝑘𝑝 increases 
exponentially with the oxidation temperature; 
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• starting from 1265°C, the oxide becomes unstable and tends more and more 
to spall from the substrate as the temperature increases; therefore the scale 
is no longer able to adequately protect the surface; furthermore at these 
temperatures and for long periods of exposure the evaporation of the 
chromia can occur according to the 𝐶𝑟2𝑂3(𝑠)

+ 3 2⁄ 𝑂2(𝑔)
⇄ 2𝐶𝑟𝑂3(𝑔)

 
reaction [84] [85]. 

The oxide scale structure formed on Inconel 718 alloy is affected by the 
numerous alloying elements present. In addition to Cr and Al, also other oxide 
forming elements, such as Fe, Ti, Mn and Si, can play a role in the scale formation. 
Therefore, the composition and structure of the formed protective oxide are very 
complex and heterogeneous. Delaunay et al. investigated the oxide formed on 
Inconel 718 alloy after oxidation at 900°C until 48 hours through XPS and SEM 
analysis [86], revealing a particularly complex structure consisting of an outer layer, 
made of Cr, Ti, Ni, Fe, Mn oxides, mixed oxides and spinels, and a more 
homogeneous internal layer of chromia containing Fe substitutional impurities. The 
authors have also noted the presence of internal Ti and Al oxides below the 
continuous layers, mainly present along the grain boundaries, and a quasi-
continuous layer of Ni3Nb intermetallic phase placed at the oxide/alloy interface 
[86]. 

The Ni3Nb intermetallic layer forms in the early stages of the oxidation and it 
can act as a second barrier to the diffusion of the anionic and cationic species 
through the protective scale with consequent reduction of the 𝑘𝑝 constant of the 
parabolic trend [86]. The presence of a layer rich in Nb at the oxide/alloy interface 
is also reported by Al-Hatab et al. in Inconel 718 alloy subjected to cyclic oxidation 
at 750°C, 850°C and 950°C [87]. At these test temperatures, the thermally grown 
scale is well adherent and adequately performs its protective function. However the 
authors [87] found some deviations from the parabolic behavior of the oxidation 
rate during the first exposure period due to the complex interactions between the 
different alloying elements and to the variation in the oxidation kinetics caused by 
the formation of the above mentioned intermetallic layer. 

Grain boundaries can also play an important role in the oxidation behavior, as 
they are zones in which the diffusivity of the ionic species is greater. Trindade et 
al. have shown that the reduction of the grain size, hence the increase of the grain 
boundaries, may lead to an increase in the parabolic constant 𝑘𝑝 [88]. Along to the 
grain boundaries, the greater outward flow of Cr leads to the formation of a greater 
thickness of the superficial oxide with respect to the intragranular zones [88]. On 
the other hand the inward flow of oxygen leads to the formation of internal oxides 
along grain boundaries [86] [87] [88]. 

Some values of the 𝑘𝑝 constant of the parabolic law obtained on Inconel 718 
alloy at different oxidation temperatures are reported in table 1.11. The dispersion 
of the results of the oxidation tests is usually large because of the high sensitivity 
to the particular conditions at which they are performed (for example the surface 
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finishing of the analyzed samples); this is even more true at low oxidation 
temperatures (below 900°C). 

Table 1.11. Values of the parabolic constant kp reported after oxidation tests at different 
temperature and exposure time. 

1.3.7 Pack aluminization 

At high service temperatures the oxidation rate of Inconel 718 increases 
drastically and the continuous surface layer of chromia fails in its protective 
function due to spalling or evaporation after prolonged exposure periods. For this 
reason, a surface coating may be necessary in applications in which the alloy must 
operate at temperatures higher than 1000°C, in an aggressive environment or when 
the formation of CrO3 vapor should be avoided. A typical example of an application 
of this type is found in the SOFC systems, where the evaporation of the chromia 
formed on the metal interconnector can cause the poisoning of the components of 
the cell with consequent loss of its efficiency [91]. 

Pack aluminization is a simple and economic technique of surface modification 
that it is used to increase the service temperature of steels [92] [93] [94], titanium 
[95] and nickel-based superalloys [96] [97] [98] through the conversion of the 
superficial layer of the substrate into an aluminate intermetallic product. Usually, 
the surface modification affects a zone of a few tens of micrometers in depth. In an 
oxidizing environment, the intermetallic aluminate coating is able to form a dense 
passivating layer of highly stable alumina able to protect the metal substrate [99] 
and to avoid the development of chromium oxide vapors. The pack aluminization 

Oxidation 
temperature (°C) 

Total exposure time 
(hours) kp (mg2 cm-4 h-1) Source 

750 ̴ 170 2.4·10-4 [87] 
800 2000 2.01·10-5 [89] 
850 ̴ 170 7.7·10-4 [87] 
850 between 25 and 2000 8.78·10-5 [89] 
850 100 1.6·10-2 [90] 
900 between 25 and 2000 4.13·10-3 [89] 
900 24 9.6-22.6·10-3 [83] 
900 48 2.8·10-3* [86] 
950 ̴ 170 7.4·10-3 [87] 
950 between 25 and 2000 6.21·10-3 [89] 
1000 between 25 and 2000 4.08·10-2 [89] 
1000 24 1.681·10-1 [83] 
1000 100 3.74·10-1 [88] 
1050 between 25 and 2000 3.27·10-2 [89] 
1100 25 2.15·10-1 [89] 
1100 24 3.456·10-1 [83] 
1200 24 6.984·10-1 [83] 
1300 24 8.712 [83] 

* thickness converted in mass assuming a density of the oxide scale of 5.22 g/cm3 
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technique consists in embedding the piece to be coated in a powders mixture 
containing at least three main constituents: 

1. an aluminum source, usually consisting of pure aluminum powders or Al-
Si or Al-Fe alloy powders; 

2. an activator, usually fine grains of a halide salt as NaF, NH4Cl, NH4F or 
AlF3; 

3. inert powder, usually in alumina. 

The powder pack with the metallic substrate embedded in it is submitted to a 
heat treatment at a temperature usually between 700 and 1100 ° C. As soon as the 
pack is heated to the treatment temperature, the activator decomposes forming a 
gaseous reactant which activates the aluminization reactions cycle. When e.g. 
ammonium chloride is used as activator the basic sequence of reactions occurring 
during the treatment of a nickel-based alloy is reported below: 

1. decomposition of the activator: 
𝑁𝐻4𝐶𝑙(𝑠)  →  𝑁𝐻3(𝑔)

+ 𝐻𝐶𝑙(𝑔) 
2. formation of aluminizing vapor species: 

6 𝐻𝐶𝑙(𝑔) + 2 𝐴𝑙(𝑝𝑜𝑤𝑑𝑒𝑟) → 2 𝐴𝑙𝐶𝑙3(𝑔)
+ 3 𝐻2(𝑔)

 
3. Al transfer from the Al source to the carrying vapor species: 

𝐴𝑙𝐶𝑙3(𝑔)
+ 2 𝐴𝑙(𝑝𝑜𝑤𝑑𝑒𝑟) → 3 𝐴𝑙𝐶𝑙(𝑔) 

4. Al transfer from the carrying vapor species to the metallic substrate: 
3 𝐴𝑙𝐶𝑙(𝑔) + 𝑁𝑖(𝑠𝑢𝑏𝑠𝑡𝑟𝑎𝑡𝑒) → 𝐴𝑙 − 𝑁𝑖(𝑠𝑢𝑟𝑓𝑎𝑐𝑒) + 𝐴𝑙𝐶𝑙3(𝑔)

 

During the aluminization process, the aluminum flow towards the substrate is 
guaranteed by the aluminizing vapor species through the continuous loop of 
reactions n.3 and n.4. For this reason, the pack aluminization technique can be 
classified as a Chemical Vapor Deposition (CVD) process, in which the 
aluminizing vapor species are produced in situ by the reactions n.1 and n.2. An 
important advantage of the pack aluminization processes is the absence of the line-
of-sight problem [100], which represents a strong limitation of other deposition 
processes such as the thermal spray or galvanic deposition techniques. For this 
reason, pack aluminization is a potentially good candidate for covering 
topologically complex or hard to access surfaces such as the internal surfaces of 
pipes, holes or cavities. For example, the pack aluminization technique can be used 
to coat or completely convert nickel-based metal foams [101] [102] [103]. The 
reaction n.4 between the aluminizing vapor species and the metallic substrate leads 
to an increase in the superficial Al content of the alloy, which causes the formation 
of the intermetallic compounds present in the Ni-Al phase diagram shown in figure 
1.32. 
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Figure 1.32. Phase diagram of the aluminum-nickel system. From: [104]. 

The intermetallic compounds whose formation is more often reported after a 
pack aluminization process are -Al3Ni2 and -AlNi [105]. -Al3Ni2 is a 
diffusionally unstable compound, moreover it is more brittle and so more sensitive 
to cracking with consequent fail in its protective function. Therefore, the formation 
of -AlNi is usually the aim of the process [106] because of its stability in a wide 
compositional range as seen in the phase diagram (figure 1.32). 

After the formation of a continuous superficial intermetallic layer, the further 
thickening of the coating during the aluminization process is controlled by the solid 
state diffusion through this layer. The aluminum coating growth can occur by 
outward Ni diffusion from the substrate to the surface or by the inward Al diffusion 
along the reverse path, in the more general case the development of the coating 
occurs with a mixed mechanism [98] [107]. According to the ASTM standard [108], 
the pack aluminization processes can be classified into two main categories on the 
base of the adopted process parameters and the prevailing coating formation 
mechanism: High Temperature Low Activity (HTLA) aluminization and Low 
Temperature High Activity (LTHA) aluminization process. The HTLA processes 
are characterized by a low Al content in the pack and are usually performed at 
temperature between 900 and 1150°C. Instead, in the LTHA processes, the Al 
content in the pack is higher and the heat treatment is carried out at relatively low 
temperatures, usually between 700 and 900°C. In a HTLA process, the coating 
tends to form outward [109] and, therefore, it occurs mainly through the Ni 
diffusion from the metal substrate to the coating/atmosphere interface, where the 
reaction with the aluminizing vapor species occurs (figure 1.33). In this kind of 
processes, a coating almost entirely made of -AlNi compound tends to form. The 
depletion of Ni at the interface between the forming coating and the substrate causes 
the solubility limit of the alloying elements to be reached with consequent 
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formation of interfacial precipitates, the region in which this occurs is called 
Interdiffusion Layer (IDL). The presence of the IDL is characteristic of the 
aluminization processes which are entirely or partially controlled by the outward 
Ni diffusion (figures 1.33 and 1.34). 

 
Figure 1.33. Scheme of the reaction chain occurring during the pack aluminization process. From: 

[109]. 

Conversely, in the LTHA process, the coating tends to develop inwardly [109] 
through the conversion of the metal alloy into an intermetallic compound. This 
occurs though the Al diffusion from the surface in contact with the aluminizing 
atmosphere towards the substrate. During a low activity aluminization process, -
Al3Ni2 tends to form on the surface [97] because of the reaction between AlNi and 
the aluminizing vapor species. Therefore, the typical final product is a bilayer 
coating consisting of an outer layer of Al3Ni2 and an inner AlNi layer. Because of 
the brittleness and instability of the Al3Ni2 layer, a high temperature diffusion 
treatment is usually required after a LTHA process. The diffusion treatment is 
usually performed around 1000°C and it has the aim to convert all the Al3Ni2 layer 
into an AlNi compound. This transformation occurs with an increase in coating 
thickness [97]. The inward Al diffusion occurring during a high activity 
aluminization process and the consequent conversion of the metal matrix lead to 
the precipitation of the alloying elements which are not soluble in the intermetallic 
compound. Therefore, the presence of precipitates dispersed in the coating indicates 
that the formation of the layer occurred predominantly through inward Al diffusion 
(figure 1.34 and 1.35). 

 
Figure 1.34. Schemes of the typical coating structures obtained in low activity (left) and high 

activity (right) pack aluminization processes. From: [110]. 
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The coating formation mechanism is determined by the diffusion of Ni and Al 
in the -AlNi compound, which in turn is strongly dependent on the composition 
of the diffusing media itself. The -AlNi phase has a B2 crystalline structure of the 
CsCl type made by two interpenetrating simple cubic sublattices respectively 
constituted by Ni and Al atoms. The -AlNi is stable in a wide range of 
compositions around the 1:1 stoichiometric one, in fact the deviations from the 
stoichiometric ratio can be accommodated by the presence of two main kinds of 
crystalline defects, which are the antisite defects and the structural vacancies in the 
Ni sublattice [111]. The antisite defects consist of Ni atoms which occupy the 
reticular positions of the Al sublattice; when antisite defects are present, the 
intermetallic compound is poorer in Al and richer in Ni with respect to the 
stoichiometric composition and it is therefore designated as hypostoichiometric 
AlNi. Conversely, when Ni vacancies are present, the phase is richer in Al and 
poorer in Ni respect to the stoichiometric composition and it is therefore designated 
as hyperstoichiometric AlNi. 

 
Figure 1.35. Optical micrographs of aluminized coatings on Udimet 700 alloy. Inward diffusion 
formed coating obtained with a high activity process before (a) and after (b) the diffusion heat 
treatment at 1080°C of 4 hours. Outward diffusion formed coating obtained with a low activity 

process (c). From: [107]. 

The intrinsic diffusivities of Ni and Al species in -AlNi is reported in figure 
1.36 as a function of the composition of the phase. It is possible to observe that the 
diffusivities of both the species have a minimum near the stoichiometric 
composition. Furthermore, the Ni diffusion strongly prevails in the 
hypostoichiometric AlNi, instead the Al diffusion prevails in the 
hyperstoichiometric side (note the log scale in the plot of figure 1.36). Similar 
results on the interdiffusion of Al and Ni in -AlNi compound are also reported in 
other studies [111] [112] [113] [114]. This peculiar behavior is due to the complex 
diffusion mechanisms that are established in the long range ordered structure, in 
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particular the migration of triple defects and the anti-structure bridge (ASB) 
mechanism [115] [116]. 

 
Figure 1.36. Intrinsic diffusivity at 1000°C of Al and Ni in -AlNi in function of the composition. 

From: [117]. 

During a HTLA process, hypostoicometric AlNi forms to allow the outward Ni 
diffusion. Instead, in a LTHA process, the formed product is mainly 
hyperstoichiometric AlNi through which the inward Al diffusion can occur. 

In most of the practical situations, the coating development occurs through a 
mixed process, therefore an inner layer of hypostoichiometric AlNi and an external 
layer of hyperstoichiometric AlNi can form. In these cases, the coating growth 
occurs both inwardly and outwarly and the final obtained structure have the 
characteristics features of both the coating typologies [97] [110]. The effect of the 
constituents concentration in the powder mixture in a high-activity process on 
nickel-based superalloys, during which the coating growth occurs mainly by inward 
Al diffusion, has been investigated by Xiang et al. [118]. They observed that the 
coating structure (bilayer or monolayer) and its thickness is strongly influenced by 
the Al amount in the pack and that the activator type and the process temperature 
affect the growth rate of the coating because they determine the partial pressure of 
the aluminizing vapors during the process [118] [119]. Furthermore, the authors 
observed that the coating growth by Ni diffusion starts to be prevalent with an Al 
content in the pack lower than 2% wt. and a process temperature higher than 950°C 
[118]. Tong et al. also observed that in a LTHA process, performed at 700°C for 8 
hours, the increase in the Al amount in the pack has the effect to increase the 
obtained coating thickness until reaching a saturation level above 20 wt%. On the 
contrary the content of the NH4Cl activator is reported to do not affect significantly 
the final coating thickness [120]. 
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1.4 Additive manufacturing 

The “additive manufacturing” expression indicates a wide set of production 

techniques that have in common the basic concept of obtaining the final part 
through the progressive addition of material. Initially introduced in the field of rapid 
prototyping [121], the additive processes, also known as 3d printing techniques, are 
nowadays sufficiently mature to allow the production from the digital model of 
near-net shape pieces which are directly usable. The Computer Aided Design 
(CAD) model is subdivided into thin sections which are then consecutively 
produced to obtain the final product. The additive techniques can be classified on 
the base of the category used as a feedstock, i.e. polymeric [122], metallic [123], 
ceramic [124] or composite materials [125]. 

Focusing on the additive manufacturing techniques for the production of metal 
components [126] [127], a further sub-classification can be made on the base of the 
starting feedstocks, which is usually metallic powders, but also wires, as in the 
Laser Metal Wire Deposition (LMWD) technique [128], or thin sheets, as in the 
Laminated Object Manufacturing (LOM) [129] and Ultrasonic Consolidation (UC) 
[130] techniques. Finally, the additive techniques that use metal powders as 
feedstock are subdivided into two main categories: powder bed and injected powder 
techniques; in both of them, the product is obtained in consecutive steps in each of 
which a single section is built supported by the material previously deposited. In 
the powder bed processes, a thin layer of metal powder is firstly spread out at each 
step and then it is scanned with an energy beam, typically a laser radiation 
(Selective Laser Sintering, SLS [131] [132], or Selective Laser Melting, SLM 
[133]) or an electronic beam (Electron Beam Melting, EBM [134]), according to 
the profile of the section currently in construction. The energy beam causes the 
consolidation of the powders by triggering their sintering, in the case of SLM 
process, or by complete melting and subsequent re-solidification of the molten pool, 
as in the SLM process. At the end of each scan, there is a region in which the 
powders are consolidated into a massive material, while the remaining part still 
contain loose powders. When the production is complete, the finished piece is 
buried in the unused powder and it has to be extracted and cleaned. In the injected 
powder techniques, the powders are sprayed toward the substrate through nozzles 
coaxial to the energy beam system, therefore the new material is added directly into 
the fusion bath generated by the beam. The Laser Engineered Net Shaping (LENS) 
technique belongs to this category [135] [136]. 

The main advantages and disadvantages of the Additive Manufacturing (AM) 
techniques are reported below. 

The advantages of AM are: 

• geometrical freedom, that allows the production of components with 
complex shape that would be hard to obtain with the conventional 
techniques; 

• high flexibility; 
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• high automation; 
• very low waste of material with respect to the subtractive techniques; 
• no expensive molds or dies are required and the wear of tools is avoided. 

The current disadvantages of AM are: 

• limited dimensional accuracy; 
• high surface roughness requiring a finishing post treatment; 
• geometrical constraints related to structural issues and to the difficulties in 

the removal of the powders from internal cavities or hard to access zones 
after the production; 

• long process time for the production of each piece; 
• necessity of post heat treatments or HIP to relieve the thermal stresses 

induced during the process and to correct the intrinsic defects introduced by 
the production technique (commonly voids and porosities, anisotropy, 
microstructural instabilities, presence of embrittling second phases); 

• high costs deriving from the equipment and powders. 

Because of the above reported limitations, the additive techniques are not 
suitable for large series productions nowadays, however they represent an 
interesting solution when the production of few highly customized components are 
required for specific applications, as in the biomedical and aerospace fields. 

1.4.1 SLM: general process features and most common defects 

The research on Selective Laser Melting (SLM) is mainly focused on the 
production of stainless steels, titanium, aluminum and nickel alloys. The technique 
find application in all the industrial fields in which the production of specially 
designed high-tech components is required; some examples are dental and medical 
applications, heat exchangers, light structures for the robotic and aeronautical field, 
components for aircraft engines as rotors and gas turbine blades [137]. 

The SLM technique allows to produce a tridimensional object through the 
deposition and consolidation of consecutive powder layers (see the scheme in figure 
1.37). The first powder layer is spread out on a metallic support plate, then a high 
energy laser beam scans the powder bed and causes the selective fusion of some 
areas of it. At each subsequent step, a thin layer of powders is spread out on the 
previous deposited powders and then is scanned along the current section profile by 
the laser beam. The laser beam irradiation causes both the local melting of the 
powder and the partial remelt of the adjacent material and the previously deposited 
layer; then the consolidation of the added material and the formation of strongly 
bond with the previous layer occur through the solidification of the molten pool 
when the laser beam moves out [138]. The deposition and laser scan steps are 
repeated until the object, which at the end of the manufacturing process is buried in 
the loose powders, is complete. At this point, it is necessary to remove the unused 
powder and detach the piece from the support plate, this is usually done with 
electrical discharge machining (EDM). 
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Figure 1.37. Scheme of the SLM process. 

The general production procedure described above determines the typical laser 
related features in the parts produced through SLM. These characteristic features 
are the “laser tracks”, visible on the plane of the deposited layers and that keep track 
of the path followed by the laser beam during the scan of each layer, and the so-
called “melt pools”, visible on the planes perpendicular to the deposition plane and 
that are due to the formation of the molten pools and the penetration of these into 
the underlying layers. The boundaries between laser tracks and melt pools become 
clearly visible at the optical microscope after chemical etching, some examples of 
them are shown in figure 1.38. These boundaries, sometimes referred as track-track 
and layer-layer molten pool boundaries (MPB), can affect the plastic deformation 
and the fracture mode of the sample and, therefore, represent a source of anisotropy 
in the mechanical behavior [139]. 

 
Figure 1.38. Optical micrographs showing the laser tracks on the horizontal plane and the arc-

shape melt pool boundaries on the vertical plane of a SLM Inconel 718 alloy. From: [140]. 

Actually, the products obtained by SLM technique are inevitably characterized 
by a certain anisotropy deriving from the asymmetric process conditions between 
the Building Direction (BD), along which the forming piece grows through the 



50 Literature review 

progressive addition of the layers (BD is indicated in figures 1.37 and 1.38) and the 
directions laying on the deposition plane, i.e. orthogonal to BD. The production of 
a metallic component through SLM technique is a complex process characterized 
by a large number of parameters whose optimization determines the final quality of 
the product. The main SLM process parameters are listed below: 

• laser radiation parameters: 
o radiation wavelength 
o laser power 
o wave form (continuous or pulsed) 

• laser scan parameters: 
o scan speed of the beam 
o hatching distance between consecutive scanning lines 
o scanning strategy: 

▪ scanning path (unidirectional, bidirectional, spiral, etc.) 
▪ scanning scheme (parallel stripes, square areas, etc.) 
▪ scanning orientation between layers (rotation of an angle of 

0°, 45°, 67°, 90° or 180°) 
▪ eventual scanning repetition 

• system parameters: 
o powder layer thickness 
o chamber atmosphere (nitrogen or argon inert gas to avoid oxidation) 
o eventual pre-heating of the support plate 

• material parameters: 
o physical properties: elastic modulus and density 
o thermal properties: heat capacity, latent heat of fusion, thermal 

conductivity, Coefficient of Thermal Expansion (CTE) 
o mechanical and thermomechanical properties: Ultimate Tensile 

Strength (UTS), Yield Strength (YS), fracture toughness, thermal 
shock resistance 

• powder parameters: 
o absorbance to the laser radiation 
o particle shape 
o size distribution 
o flowability 

The amount of energy absorbed by the powders depends firstly on their 
absorbance, which can also be much greater with respect to the bulk material for 
the same laser wavelength due to multiple reflections and absorptions of the 
radiation on the surface of the powders [132]. Furthermore, the absorbed energy is 
also related to the imposed Volumetric Energy Density (VED) given by equation 
1.10: 

 
𝑉𝐸𝐷 =

𝑃

𝑣ℎ𝑑𝑑
 eq. 1.10 
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where 𝑃 is the laser power, 𝑣 the scan speed, ℎ𝑑 the hatching distance and 𝑑 
the powder layer thickness. A schematic representation of these parameters is 
shown in figure 1.39. 

 
Figure 1.39. Scheme showing the main SLM process parameters which determine the Volumetric 
Energy Density (VED), i.e. laser power 𝑃, scan speed 𝑣, hatching distance ℎ𝑑 and layer thickness 

𝑑. From: [137]. 

These process parameters have to be optimized with the aim to obtain a suitable 
amount of energy absorbed by the powder bed [141]. Actually, a too low absorbed 
energy determines the formation of defects and porosity due to lack of fusion, which 
can be due to an insufficient penetration of the molten pool into the substrate or to 
an excessive hatching distance that doesn’t allow the overlap between the 

subsequent laser tracks. Furthermore, a low absorbed energy favors the balling 
phenomenon [133] [142] [143], which is due to a poor wettability of the liquid 
formed by melting of the powders on the platform or on the previously deposited 
material surface. In these conditions, the liquid surface tension causes the formation 
of spherical drops resulting in a poor consolidation of the added material and 
formation of voids. 

 
Figure 1.40. SEM micrograph showing some examples of gas porosities and lack of fusion 

porosities on a SLM Inconel 718 alloy. From: [144]. 
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On the other hand, also an excessive absorbed energy can lead to the formation 
of defects as melt pools with keyhole shape [143], caused by too deep penetration, 
porosities due to the trapping of bubbles formed due to vaporizing of the too 
overheated material (see figures 1.40 and 1.41) and formation of cracks in the 
solidifying molten pool [145]. Trapped gas can also derive from not well packed 
powders or from porosities already present in the initial powder feedstock [146]. 

 
Figure 1.41. Examples of typical defects of the SLM products: keyhole geometry and porosity 

(left) and balling (right). From: [143]. 

Further defects that can be found in the components produced by SLM are 
cracks and delamination between layers due to thermal stresses developed in the 
material and caused by the high temperature gradients and solidification shrinkages 
which occur during all the laser-based processes, in particular SLM [147]. Internal 
stresses and cracks can also be due to phase transformations that occurs during the 
heating and cooling cycles at which the material is submitted during the SLM 
process [148]. The thermal stresses can be reduced through the pre-heating of the 
support plate, which allows to reduce the thermal gradients arising during the 
process, or by performing a second scan at lower laser power and higher scan speed 
after the deposition of each layer in order to induce stress release [147] [149]. 

The choice of the scan strategy has also an important role in the formation of 
residual stresses and the anisotropy of the produced sample [150]. The correct 
choice of the scan strategy allows to balance the energy input applied on the powder 
layer and to accommodate the introduced thermal stresses. It also allows to avoid 
to accumulate defects systematically in the same zones, typically at the beginning 
and at the end of the scan lines [146]. Furthermore, the scan strategy affects the 
grain structure, the material texture and the crack formation because it determines 
the direction and the intensity of the heat fluxes arising during the process [151]. 
Therefore, it could be even convenient to vary its effect depending on the size and 
the geometry of the produced part [152]. 

During the SLM process, the extremely fast solidification of the molten pools 
generates the formation of non-equilibrium microstructures characterized by the 
presence of second metastable phases. The cooling rates and thermal gradients have 
also an important effect on the size and the directionality of the grains and, 
therefore, they strongly affect the mechanical properties and the anisotropy level of 
the as-built material. It is very hard to correctly predict the microstructure arising 



1.4 Additive manufacturing 53 

from the SLM process because of the complex solidification conditions, but also 
for the remelting, which occurs in the overlap region between laser scans and 
between consecutive layers, and the heterogeneous thermal histories that each 
portion of the material undergoes. Actually, whenever a new layer is added to the 
stack, the heat generated during the laser scan is partially transferred to the substrate 
by conduction, therefore the previously deposited material is submitted to a 
sequence of thermal cycles of decreasing intensity [148] which can cause 
microstructural alterations [153]. 

1.4.2 SLM applied to Inconel 718 alloy 

The manufacturing of nickel-based superalloys products through the use of the 
SLM technique represents a very interesting solution because of the unique 
possibility to obtain components with complex shape and specifically designed for 
applications requiring high mechanical strength and high temperature stability. This 
is particularly interesting whenever the use of the conventional production 
techniques results too complex, long or expensive. The microstructure of the nickel-
based superalloys arising from the SLM technique is particularly complex and 
heterogenous due to the effect of the large number of alloying elements present in 
these systems and the consequent different microstructural features and second 
phases that can form as a consequence of the not-equilibrium phenomena that 
occurs during the additive process. Similar conditions, characterized by high heat 
inputs, thermal gradients and cooling rates, are also encountered in the welding 
processes, during which it is possible to introduce defects and cracks in the Heat 
Affected Zone (HAZ). The occurrence of such defects is due to the development of 
thermal stresses, incipient melting in presence of low melting second phases in the 
interdendritic zones or to the precipitation of brittle second phases (see paragraph 
1.2.3). For this reason, at a first glance the most weldable superalloys are also the 
most suitable to be used in the SLM process as they avoid excessive formation of 
cracks, voids and other defects [145]. Therefore, the weldability map shown in 
figure 1.1 represents a useful tool to perform an initial selection of the most 
potentially appropriate nickel-based superalloys. 

Because of its very low sensitivity to the strain-cracking mechanism and 
consequent good weldability, Inconel 718 alloy represents one of the most 
interesting candidates among the nickel-based superalloys for the use in the SLM 
process. For this reason, a lot of research efforts were focused on this alloy in the 
last years in order to determine the process conditions that allow to obtain the 
highest densification of the material and to investigate the resulting microstructure 
and properties. 
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1.4.2.1 Porosity and microstructure of SLM Inconel 718 

Jia et al. has studied the effect of the laser energy density on the porosity, 
microstructure and oxidation properties of SLM Inconel 718 [142]. They found out 
that the relative density of the alloy increases as the adopted energy density 
increases. Actually, the balling phenomenon and the poor level of consolidation 
between laser tracks deriving from the low energy density lead to the formation of 
large cavities in the material. Porosities can progressively be reduced by increasing 
the energy density until to obtain a near full dense material and the mechanical 
properties and the oxidation resistance are improved consequentially [142]. In 
another study [90], Jia et al. have deeply characterized the oxidation behavior at 
850°C in air of Inconel 718 samples produced through SLM and tested at the as 
built state. They found that low values of energy density (70 J/mm3) determines a 
rapid and irregular oxidation rate because of the occurring of the severe spallation, 
instead the parabolic trend is followed with samples obtained at higher energy 
density. The parabolic constant values reported in this study are 7.6·10-2 mg2cm-4h-

1, when an energy density of 110 J/mm3 is used, and 1.6·10-2 mg2cm-4h-1 at 130 
J/mm3. The authors explain the greater stability of the oxide scale grown in the 
samples obtained by increasing the energy density with the reduction of the porosity 
and the formation of a finer and uniform dendritic microstructure [90]. The effect 
of the scan speed on the porosity and microstructure of SLM Inconel 718 alloy was 
investigated by Choi et al. [154]. In this study low scanning speeds result in a high 
heat absorption providing the vaporization of the material and the formation of 
pores due to trapping of vapor. On the contrary, voids due to incomplete 
consolidation between laser tracks and unmelted particles are observed at 
excessively high speed values. An almost complete densification can be obtained 
by operating between these boundaries of scanning speeds. Once established the 
correct set of process parameters that allows to obtain the highest densification 
level, the study analyzed the microstructural features of Inconel 718 arising from 
the SLM process and their effects on the alloy performances. These microstructural 
features strongly depend on the local solidification conditions and, therefore, they 
are affected by the adopted process parameters and by the choice of the scanning 
strategy. The most frequently reported features are [155] [156] [157] [158] [159] 
[160]: 

• epitaxial growth through several melt pools of elongated grains along the 
Building Direction (BD); 

• crystallographic texture, i.e. a non random crystallographic orientation of 
the grains characterized by the tendency to align one of the <100> 
crystallographic axis at a low angle respect to BD; 

• fine sub-granular structure consisting of columnar dendrites; 
• microsegregation of the alloying elements at the length scale of the dendrites 

with consequent formation of eutectic products near and along the 
interdendritic boundaries; 
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• high microstructural heterogeneity level. 

The directional growth of the grains and the relative crystallographic texture of 
Inconel 718 alloy produced by SLM can be detected through EBSD analysis, a 
typical example being shown in figure 1.42. 

 
Figure 1.42. Inverse Pole Figure (IPF) maps showing the crystallographic texture of Inconel 718 

alloy produced by SLM. In this picture the building direction corresponds to the z axis. From: 
[154]. 

In terms of microstructural features, the typical sub-granular dendritic structure 
that is observable in the as built material after SLM process is shown in figures 1.43 
and 1.44. 

 
Figure 1.43. Three-dimensional composition of optical micrographs showing the sub-granular 

structure of columnar dendrites on a SLM Inconel 718 alloy. From: [159]. 

The formation of the  dendrites is driven by the directions of the thermal 
gradients in the molten pools. At each laser passage, the last deposited layer is 
submitted to a partial melt, then the resolidification occurs through epitaxial growth 
of the sub-granular dendrites at the solid/liquid interface. The occurrence of 
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epitaxial growth in SLM and other laser based additive manufacturing technique is 
extensively reported in the literature [139] [142] [156] [161] [162] [163] [164] 
[165] [166]. A competitive growth between the dendrites is established, in which 
the dendrites with a <100> crystallographic axis aligned to the thermal gradient are 
favored and so prevail on the differently oriented ones. This determines the strong 
<100> crystallographic texture also reported in other nickel base superalloys 
produced through additive techniques [167] [168] [169] [170] [171] [172] [173] 
[174]. 

  
Figure 1.44. SEM micrographs showing the horizontal plane (top, from: [154]) and the vertical 

plane (bottom, from: [175]) of the cellular microstructure of an Inconel 718 alloy produced 
through SLM process. Arrow 1 indicates a  + Laves eutectic, arrow 2 indicates a divorced 

eutectic, arrow 3 indicates a MC carbide. 

During the rapid solidification (see paragraph 1.3.2.3), the alloying elements 
with a partition coefficient 𝑘 < 1, in particular Nb, are rejected in the liquid and 
accumulate in the interdendritic zones [176] where they cause the formation of 
eutectic products, i.e. Nb carbides (NbC) and Laves phases (figure 1.45) [158], 
which can sometimes form a dense network at the interdendritic boundaries (figure 
1.44). 

 
Figure 1.45. EDS analysis of the  matrix in comparison with the eutectic products, i.e. carbides 

and Laves phases. From: [158]. 

Tian et al. have investigated the evolution of the microstructure during a laser 
powder injection AM process and they have observed that the heating peaks at 
decreasing temperature, experienced by the material in correspondence of the 
deposition of each new layer, may cause firstly a partial dissolution of the 
interdendritic network. In a second stage the redistribution of the Nb solute through 
diffusion towards the cores of the dendrites and finally the formation of a population 
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of ’’ precipitates distributed with a decreasing density as the core of the cell is 

approached [177] occur. Such sequence of events is described in the micrographs 
and scheme reported in figure 1.46. 

 

 
Figure 1.46. Scheme of the evolution of the Inconel 718 alloy microstructure caused by the 

thermal cycles during a laser powder injection AM process (top) and SEM micrographs showing 
the eutectic products and the ’’ precipitates in the intracellular zone (bottom). From: [177]. 

The interesting issue in the study of Tian et al. [177] is that the second phases, 
as ’, ’’ and , which are not theoretically expected to form during the 
consolidation step as a consequence of the too rapid cooling during solidification 
process, can potentially form heterogeneously during the deposition of the 
successive layers. In a similar way, precipitation of columnar arrays of ’’ 

precipitates are also reported by Amato et al. [159]. 
A certain microstructural heterogeneity is also reported by Wang and Chou 

[157], which have ascertained a difference in the dendrites size between the bottom 
of the produced piece, in contact with the support plate, and the top of it, i.e. the 
last deposited layer. Close to the bottom the directionality of the dendrites is lower 
and their size is about 0.51 m, whereas close to the top they are coarser, about 0.84 
m, and the directionality along the building direction is marked. This occurs 
because of the different solidification conditions that are established. An important 
role is, in particular, played by the direction of thermal fluxes and by the local 
cooling rate, which is higher during the first depositions because of the high thermal 
conductivity of the support plate and of its progressive reduction with the height of 
the part. The authors have also observed that the thermal cycles suffered by the 
deposited material determine a different distribution and morphology of the 
interdendritic Laves phases at different distance from the support plate [157]. The 
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morphology of the melt pools can also vary along the height of the forming piece 
as a consequence of the different cooling rates even if the nominal process 
parameters are not varied [178]. Table 1.12 collects some indicative values of the 
mechanical properties reported in the literature for Inconel 718 alloy produced by 
SLM as well as the related sets of process parameters. It is possible to observe a 
certain anisotropy of the as built material, in fact the elastic modulus and the tensile 
properties tend to be higher along the directions perpendicular to the building one, 
i.e. on the horizontal built specimens. The mechanical anisotropy is related to the 
directionality of the grains and the crystallographic texture. 

Table 1.12. Mechanical properties of SLM Inconel 718 varying the process parameters, the 
specimen orientation and the test temperature. The specimen orientation is given as the angle 

between the building direction of the tensile specimen and the load axis. The sets of SLM 
parameters are listed in the table below. RT: Room Temperature; P: laser power (W), v: scan 

speed (mm/s), hd: hatching distance (mm), PLT: Powder layer thickness (m), OR: overlap ratio 
(%). 

Test 
temperature 

(°C) 

Specimen 
orientation 

(°) 

n. set of SLM 
parameters 

Elastic 
modulus 
(GPa) 

Yield 
Strength 
(MPa) 

Ultimate 
Tensile 
Strength 
(MPa) 

Elongation 
to failure 

(%) 
Reference 

RT 

0 1 - 737 ± 4 1010±104 20.6 ± 2.1 [176] 
0 2 173 ± 13 668 ± 16 1011 ± 27 22 ± 2 [179] 
0 3 113 ± 3 531 ± 9 866 ± 33 21 ± 5 [179] 
0 4 162 ± 18 572 ± 44 904 ± 22 19 ± 4 [175] 
45 4 200 ± 23 590 ± 15 954 ± 10 20 ±1 [175] 

54.73* 4 208 ± 48 723 ± 55 1117 ± 45 16 ± 3 [175] 
90 5 204 898 ± 9 1142 ± 6 22.5 ± 3.4 [140] 
90 4 193±24 643 ± 63 991 ± 62 13 ± 6 [175] 
90 6 - 849 1126 22.8 [180] 
90 1 - 816 ± 24 1085 ± 11 19,1 ± 0.7 [176] 

650 0 2 - 650 ± 11 845 ± 9 28 ± 4 [179] 
0 3 - 543 ± 2 782 ± 6 31 ± 6 [179] 

 * the load axis of this specimen is aligned to the (1, 1, 1) vector in the cartesian coordinate 
system where the (0, 0, 1) unit vector is aligned to the building direction.  

 n. set of SLM 
parameters 

Parameters Reference 

 1 PLT = 20 [176] 

 2 
P = 250, v = 700, hd = 0.12, PLT = 50, 

chess-board scanning strategy 10 x 10 mm [179] 

 3 
P = 950, v = 320, hd = 0.50, PLT = 100, 

chess-board scanning strategy 20 x 20 mm [179] 

 4 
P = 100, v = 85.7, hd = 0.16, PLT = 50, 

zig-zag scanning and 90° rotation [175] 

 5 
P = 170, v = 417, OR = 30, PLT = 20, 
bidirectional scanning and 90° rotation [140] 

 6 v = 1200, OR = 30 [180] 
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1.4.2.2 Post process: heat treatments and HIP 

The microstructural features of the as built material determine also the response 
to the post heat treatments or to the exposition to the service temperature. The post 
thermal treatments or the HIP process on the as built material can have different 
functions, e.g. to eliminate the porosities, to release the residual stresses, to reduce 
the level of microsegregation of the alloying elements, to homogenize the 
microstructure and to reduce the anisotropy by causing a partial or total 
recrystallization. Furthermore, the nature and the distribution of the second phases 
typically obtained in the as built state are rarely the optimal one from the point of 
view of the mechanical performances. Therefore a solution annealing treatment 
may be necessary in order to dissolve the embrittling metastable phases, in 
particular the interdendritic Laves phases, which can easily act as a preferential site 
for the nucleation of cracks [181]. Then, one or more aging cycle are performed to 
obtain a homogeneous distribution of ’ and ’’ strengthening precipitates to 

optimize the mechanical properties. 
After proper heat treatment, the mechanical properties of Inconel 718 alloy 

produced through SLM process become comparable to those of the conventional 
wrought alloy [140] [182]. 

Zhang et al. observe a partial recrystallization of the as built material, but the 
permanence of Laves phases and carbides after a heat treatment at 980°C, whereas 
a complete recrystallization and a greater dissolution of the Laves phases can be 
achieved with a preliminary homogenization treatment at 1080°C [180]. The HIP 
treatment increases the ductility of the as built material and modifies the 
microstructure arising from the SLM process by generating equiaxed and coarser 
grains and reducing the preferential crystallographic orientation [161]. Although 
HIPing can drastically reduce the porosity related to SLM process, it is ineffective 
in removing the pores filled with argon gas coming from the chamber during the 
manufacturing process [11]. 

Popovich et al. have obtained zones with different granulometry, texture and 
microstructure in the same sample by varying the SLM process parameters 
(reported in table 1.12) and they studied corresponding response to different post-
treatment cycles [179]. They found that an annealing treatment at 850°C for 2 hours 
maintains the columnar structure and causes the formation of needle like  
precipitates along the grain boundaries and along the interdendritic boundaries 
because of the release of Nb due to the partial dissolution of the Laves phases. 
Instead, the HIP treatment causes a better homogenization of the microstructure and 
the complete dissolution of the Laves phases, but the recrystallization, the grain 
growth and the reduction of the preferential crystallographic orientation occur in a 
different measure depending on the initial microstructure. The porosity values 
measured by the authors are reported in table 1.13, the HIP treatment allows to 
reduce the porosity level of one order of magnitude. HIP con also be used to fix the 
cracking occurred during the SLM process [145]. 
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Chlebus et al. report the formation of needle-like  precipitates and the presence 
of residual Laves phases after solubilization of 1 hour at 980°C and 1040°C [175]. 
Actually, the complete dissolution of these compounds is hindered by the low Nb 
diffusivity in nickel. On the contrary, at the temperature of 1100°C, the authors 
observed partial recrystallization, almost complete dissolution of the Laves phases 
and formation of Nb rich MC carbides at the grain boundaries, which prevent grain 
coarsening. However the elongated shape of the grains and the crystallographic 
texture, with the consequent anisotropy of the mechanical properties, are not 
completely eliminated by the heat treatment [175]. If the aging treatment is 
performed directly on the as built material (direct aging) without a preliminary 
solution annealing, the strengthening ’ and ’’ phases tend to form mainly along 

the interdendritic boundaries. Conversely the homogenization achieved with the 
solution treatment allows to obtain a uniform distribution of ’ and ’’ phases during 

the subsequent aging cycles. Precipitation of MC type carbides along the grain 
boundaries may occur during the HIP post-treatment and the high temperature 
(above 1000°C) homogenization [178]. 

Table 1.13. Porosity of SLM Inconel 718 alloy at the as built state and after different post 
treatments. HT: solution annealed at 850°C for 2 hours; HIP: HIPed at 1180°C for 3 hours at 150 

MPa; HIP + HT: HIPed + solution annealed at 1065°C for 1h + aged at 760°C for 10 hours + aged 
at 650°C for 8 hours. Source: ref. [179]. 

The formation and growth of relatively coarse intergranular carbides of about 
1 m during the heat treatment at high temperatures, i.e. 1100°C and 1250°C, are 
also reported by Tucho et al. (figure 1.47) [183]. These extremely stable carbides 
are formed as a result of the release of carbide forming elements previously 
entrapped in the eutectic products along the sub-grain boundaries in the as-built 
state. The precipitation of new phases during the heat treatment, in particular MC 
carbides at high temperatures (above 1000°C) and  phase at lower temperatures 
(800-1000°C), should be controlled to avoid excessive Nb sequestration with 
consequent lack of formation of the strengthening ’’ precipitates during the aging 

step. However, the formation of precipitates along grain boundaries may be 
desirable because they hinder the grain coarsening through a pinning effect during 
heat treatment. 

SLM parameters State Porosity (%) 

P = 250, v = 700, hd = 0.12, PLT = 50 

As built 0.11 
HT 0.15 
HIP 0.02 

HIP + HT 0.04 

P = 950, v = 320, hd = 0.50, PLT = 100 

As built 0.27 
HT 0.29 
HIP 0.06 

HIP + HT 0.07 
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Figure 1.47. Heat treated SLM Inconel 718. Top: SEM micrograph of the vertical plane showing 
the formation of  precipitates at the interdendritic boundaries after heat treatment at 850°C for 2 
hours, the arrow indicates the building direction. From: [179]. Bottom: SEM micrographs of the 
horizontal plane showing carbides after solution annealing at 1100°C for 1 hour (a) and 7 hours 

(b). From: [183]. 

Some indicative values of the mechanical properties of SLM Inconel 718 after 
different post processes, i.e. heat treatments and/or HIP, are reported in table 1.14 
in comparison with the cast and wrought alloy. After the complete heat treatment 
cycle, the tensile properties of the SLM material become comparable to these in the 
wrought state, the HIP treatment tends to increase the ductility of the alloy due to a 
general homogenization of the microstructure. Note that a certain grade of 
anisotropy persists even after post processing. 
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Table 1.14. Mechanical properties of SLM Inconel 718 in different post processing condition (heat 
treatment and eventual HIP) in comparison with the conventional wrought and cast alloy. The 

specimen orientation is given as the angle between the building direction of the tensile specimen 
and the load axis. T: testing temperature; HIP: Hot Isostatic Pressing; sol.: solution annealing; ag.: 

double aging. 

T 
(°C) 

Specimen 
orientation 

(°) 
State 

Elastic 
modulus 
(GPa) 

Yield 
Strength 
(MPa) 

Ultimate 
Tensile 
Strength 
(MPa) 

Elongation 
to failure 

(%) 
Reference 

RT - wrought - 1125 1365 21 [66] 
RT - wrought - 1192 1380 19.1 [184] 
450 - wrought - 1055 1177 17 [184] 
649 - wrought - 965 1105 20 [66] 
650 - wrought - 1061 1061 13.9 [184] 
RT - cast - 915 1090 11 [66] 
RT - cast - 940 950 23.1 [184] 
450 - cast - 750 766 10.9 [184] 
650 - cast - 517 576 13.7 [184] 
RT 0 SLM* + sol. 850°C/2h 190 ± 11 875 ± 11 1153 ± 4 17 ± 2 [179] 
RT 0 SLM** + sol. 850°C/2h 138 ± 5 668 ± 7 884 ± 80 7 ± 2 [179] 

RT 0 
SLM + sol. 954°C/1h + 
ag. 718°C/8h, 50°C/h, 

621°C/8h 
165 1215 - - [161] 

RT 0 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 1180 1400 20.4 [184] 

RT 0 
SLM + sol. 980°C/1h + 
ag. 760°C/10h, 55°C/h, 

650°C/8h 
- 1136 ± 16 1357 ± 5 13.6 ± 0.2 [176] 

RT 0 
SLM + sol. 1065°C/1h + 

sol. 980°C/1h + 
ag. 760°C/10h, 55°C/h, 

650°C/8h 

- 1186 ± 23 1387 ± 12 17.4 ± 0.4 [176] 

RT 0 
SLM + sol. 1100°C/1h + 
ag. 720°C/8h, 100°C/h, 

620°C/10h 
163 ± 30 1074 ± 42 1320 ± 6 19 ± 2 [175] 

RT 0 
SLM + sol. 982°C/0.5h 

+ 
HIP at 

1163°C/4h/100MPa 

- 850 1140 28 [159] 

RT 0 SLM* + HIP at 
1180°C/3h/150MPa 188 ± 8 645 ± 6 1025 ± 14 38 ± 1 [179] 

RT 0 SLM** + HIP at 
1180°C/3h/150MPa 183 ± 19 481 ± 11 788 ± 12 34 ± 3 [179] 

RT 0 

SLM* + HIP at 
1180°C/3h/150MPa 
+ sol. 1065°C/1h + 

ag. 760°C/10h, 55°C/h, 
650°C/8h 

190 ± 6 1145 ± 16 1376 ± 14 19 ± 1 [179] 

RT 0 

SLM** + HIP at 
1180°C/3h/150MPa 
+ sol. 1065°C/1h + 

ag. 760°C/10h, 55°C/h, 
650°C/8h 

188 ± 20 1065 ± 20 1272 ± 12 15 ± 4 [179] 

RT 54.73 
SLM + sol. 1100°C/1h + 
ag. 720°C/8h, 100°C/h, 

620°C/10h 
209 ± 44 1241 ± 68 1457 ± 55 14 ± 5 [175] 
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continued 

RT 45 
SLM + sol. 954°C/1h + 
ag. 718°C/8h, 50°C/h, 

621°C/8h 
215 1305 - - [161] 

RT 45 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 1190 1450 16.9 [184] 

RT 45 
SLM + sol. 1100°C/1h + 
ag. 720°C/8h, 100°C/h, 

620°C/10h 
188 ± 19 1152 ± 24 1371 ± 5 15 ± 5 [175] 

RT 90 
SLM + sol. 954°C/1h + 
ag. 718°C/8h, 50°C/h, 

621°C/8h 
195 1290 - - [161] 

RT 90 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 1186 1440 18.5 [184] 

RT 90 SLM + sol. 980°C/1h + 
ag. 720°C/8h, 620°C/8h 201 1131 ± 30 1319 ± 39 16 ± 6 [140] 

RT 90 
SLM + sol. 980°C/1h + 
ag. 720°C/8h, 55°C/h, 

620°C/8h 
- 1084 1371 10.1 [180] 

RT 90 
SLM + sol. 980°C/1h + 
ag. 760°C/10h, 55°C/h, 

650°C/8h 
- 1227 ± 1 1447 ± 10 10.1 ± 0.6 [176] 

RT 90 
SLM + sol. 1065°C/1h + 

980°C/1h + 
ag. 760°C/10h, 55°C/h, 

650°C/8h 

- 1222 ± 26 1417 ± 4 15.9 ± 1 [176] 

RT 90 
SLM + sol. 1080°C/1.5h 

+ 980°C/1 sol. h + 
ag. 720°C/8h, 55°C/h, 

620°C/8h 

- 1046 1371 12.3 [180] 

RT 90 
SLM + sol. 1100°C/1h, 
ag. 720°C/8h, 100°C/h, 

620°C/10h 
199 ± 15 1159 ± 32 1377 ± 66 8 ± 6 [175] 

RT 90 
SLM + sol. 982°C/0.5h 

+ 
HIP at 

1163°C/4h/100MPa 

- 890 1200 28 [159] 

RT - 
SLM + sol. 954°C/1h + 
ag. 718°C/8h, 50°C/h, 

621°C/8h + HIP at 
1163°C/4h/100 MPa 

200 1125 - - [161] 

450 0 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 1026 1160 15.9 [184] 

450 45 
SLM + sol. 980°C/1h + 

ag. 718°C/8h + 
621°C/8h 

- 1080 1255 12.8 [184] 

450 90 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 1033 1216 12.4 [184] 

650 0 SLM* + sol. 850°C/2h - - - - [179] 
650 0 SLM** + sol. 850°C/2h - - - - [179] 

650 0 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 860 992 14.2 [184] 

650 0 SLM* + HIP at 
1180°C/3h/150MPa - 626 ± 8 857 ± 14 29 ± 1 [179] 

650 0 SLM** + HIP at 
1180°C/3h/150MPa - 479 ± 5 665 ± 7 28 ± 2 [179] 
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continued 

650 0 

SLM* + HIP at 
1180°C/3h/150MPa + 

sol. 1065°C/1h + 
ag. 760°C/10h, 55°C/h, 

650°C/8h 

- 942 ± 11 1078 ± 8 20 ± 2 [179] 

650 0 

SLM** + HIP at 
1180°C/3h/150MPa + 

sol. 1065°C/1h + 
ag. 760°C/10h, 55°C/h, 

650°C/8h 

- 872 ± 13 1005 ± 12 17 ± 4 [179] 

650 45 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 855 1074 5.8 [184] 

650 90 SLM + sol. 980°C/1h + 
ag. 718°C/8h, 621°C/8h - 870 1011 3.6 [184] 

* produced at P = 250 (set of process parameters n.2 in table 1.12) 
** produced at P = 950 (set of process parameters n.3 in table 1.12) 



 

Chapter 2 

Materials and characterization 
methods 

2.1 Starting powders 

The gas atomized Inconel 718 powders used as a feedstock material to produce 
the samples were supplied by EOS GmbH. The nominal composition of the 
powders is reported in table 2.1. 

Table 2.1. Nominal composition (%) of the Inconel 718 powders used in this study. Provided by 
EOS: [185]. 

The feedstock powders should have a suitable shape, as spherical as possible in 
order to guarantee a sufficient flowability to allows the deposition of the layers at 
each deposition step without difficulties. Eventual internal porosities are unwanted 
because the gas trapped in them can cause the formation of bubbles and consequent 
voids and cavities in the produced material during the SLM process [146]. 
Monomodal and narrow size distribution of the powders are usually preferred to 
facilitate a uniform deposition of the powder layer. A large powders size limits the 
obtainable resolution, the dimensional accuracy and the surface finish of the part. 
Conversely, a too low powders size is also unwanted because the small particles 
tend to form agglomerates with consequent reduction of the flowability. 

The cross sections shown in figure 2.1 demonstrate that the used powders have 
a quite regular and spherical shape, furthermore they have substantially no or very 
limited internal porosities. The micrograph in figure 2.1-C, obtained after Kalling’s 

etching (1 g CuCl2 in 20 ml HCl and 20 ml of ethanol), shows an equiaxed dendritic 

Ni Cr Nb Mo Ti Al Fe 
50- 55 17-21 4.74-5.5 2.8-3.3 0.65-1.15 0.2-0.8 balance 

Co Cu C Si + Mn P + S B  
<1 <0.3 <0.08 <0.35 <0.015 <0.006  
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structure that is formed due to the extremely fast cooling and solidification during 
the powder production through atomization process. 

 

 
Figure 2.1. Optical micrographs showing the cross sections of the Inconel 718 powders used for 

this study. Not etched (A and B) and etched with Kalling's n.2 etchant (C). 

The SEM micrograph shown in figure 2.2-A confirms the spherical 
morphology of the powder particles and reveals the presence of some small satellite 
particles agglomerated on the surface of the bigger ones. The powder size 
distribution, obtained through laser diffraction with a Fritsch model Analysette 22 
Compact system, is also reported in figure 2.2-B. It is possible to observe that the 
size distribution is monomodal with a median value of about 25 m. 

 
Figure 2.2. SEM micrograph showing the morphology of the Inconel 718 powders used for this 

study (A) and relative size distribution obtained with laser diffraction technique (B). First 
published in [186]. 
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2.2 SLM equipment and procedure 

All the samples used in this thesis were produced through Selective Laser 
Melting (SLM) technique using an EOSINT M270 Dual mode machine equipped 
with a fiber continuous Yb laser system with nominal power 200 W and wavelength 
1060-1100 nm. The pieces are produced based on a digital 3D CAD model, some 
support structures are included in the digital drawing when required by the 
geometry of the part. 

Before the production step, the powders are sieved and loaded on the dispenser. 
The chamber is fill with Ar inert gas, the oxygen level in the atmosphere is kept 
below 0.1% to avoid oxidation of the powders and of the produced part during the 
process. After this preliminary step, the procedure of additive production is 
completely automatized. At each deposition step, a powder layer with a thickness 
of 200 m is spread with a blade, after that the laser beam with a spot size of 100 
m scans the layer with the process parameters set by the user: laser power, scan 
speed and hatching distance. The EOS recommended parameters for the used 
feedstock powders are: 

• Laser power:  195 W 
• Scan speed:  1200 mm/s 
• Hatching distance: 0.09 mm 

The first layer is spread on a stainless steel support plate, which has to substain 
the powder and the piece under construction during the SLM process and to 
dissipate the heat generated during the laser scan. The scan of every single layer is 
performed following a bidirectional scanning path and between each layer the 
scanning direction is rotated of 67° (figure 2.3). This scan strategy prevents the 
incidence of periodic repetitions in the scan direction between neighbor layers with 
the aim to reduce the anisotropy of the produced piece on the plane of the deposited 
layers. 

 
Figure 2.3. Schematic representation of the scan strategy adopted in this study: bidirectional 

scanning path with rotation of 67° at each layer. From: [187]. 
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After the scanning of each layer, the laser beam performs a second rapid scan 
along the contours of the current section in order to improve the tolerance of the 
geometry on the base of the starting CAD model. After that, the base platform 
moves down for a length equal to the layer thickness and a new powder layer is 
deposited. The above described steps are repeated until the product is completed. 

It is possible to produce the metal part directly on the support plate or, 
alternatively, on support structures produced on the stainless steel platform during 
the first depositions. This latter strategy allows more easily removing the piece from 
the platform at the end of the process. If the support structures are used, the pieces 
can be removed manually from the platform, otherwise the electrical discharge 
machining (EDM) is necessary to remove the pieces from the support plate. 

Some of the produced samples were submitted to a stress relieving heat 
treatment at 450°C for 2 hours before to remove them from the support plate. This 
heat treatment step reduces the risk of deforming the piece after the detachment 
related to the internal stresses developed in the material during the SLM production. 

2.3 Preliminary study on the effects of the SLM process 
parameters 

The effects of the process parameters, in particular of the laser power, the scan 
speed and the hatching distance, on the density, the porosity level and the hardness 
of the produced material were investigated as a starting point for the subsequent 
characterizations. This preliminary study was performed according to a 33 factorial 
experimental plane, in which three levels for each of the three process factors are 
taken into account. The factorial plane allows to evaluate efficiently both the effect 
of each single factor and the eventual interaction between them [188]. The adopted 
level values of the three factors of the plan and the relative 27 combinations are 
reported in table 2.2. 
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Table 2.2. Factors and respective levels of the 33 factorial plane on the study of the SLM process 
parameters and set of all the performed combinations of them. 

One sample of about 15x15x10 mm in size was produced for each of the 
parameter combination reported in table 2.2. The apparent density of each sample 
was evaluated through Archimede’s method [189] using a precision balance with 
resolution 0.1 mg. The apparent density 𝜌𝑎𝑝 is calculated through equation 2.1: 

 
𝜌𝑎𝑝 = 𝜌𝐻2𝑂

𝑤

𝑤−𝑤𝐻2𝑂
 eq. 2.1 

 

Factors Level 
low medium high 

P (W) 175 185 195 
v (mm/s) 600 900 1200 
hd (mm) 0.07 0.09 0.11 

ID 
Sample P (W) v (mm/s) hd (mm) VED 

(J/mm3) 
1 175 600 0.09 162.04 
2 195 600 0.09 180.56 
3 175 900 0.07 138.89 
4 175 1200 0.11 66.29 
5 175 1200 0.07 104.17 
6 185 600 0.09 171.30 
7 185 1200 0.11 70.08 
8 185 900 0.07 146.83 
9 175 1200 0.09 81.02 
10 185 900 0.11 93.43 
11 195 900 0.07 154.76 
12 185 600 0.07 220.24 
13 195 600 0.07 232.14 
14 195 1200 0.09 90.28 
15 175 600 0.07 208.33 
16 195 1200 0.11 73.86 
17 195 900 0.09 120.37 
18 185 900 0.09 114.20 
19 185 1200 0.07 110.12 
20 185 1200 0.09 85.65 
21 175 900 0.09 108.02 
22 175 600 0.11 132.58 
23 195 600 0.11 147.73 
24 195 1200 0.07 116.07 
25 185 600 0.11 140.15 
26 195 900 0.11 98.48 
27 175 900 0.11 88.38 
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where 𝑤 is the weight of the sample, 𝑤𝐻2𝑂is the weight of the sample immersed 
in distilled water and 𝜌𝐻2𝑂 is the density of the water at room temperature, equals 
to 0.997 ± 0.001 g/cm3. 

The surface of samples used for such measurements was lapped with SiC 
abrasive paper before the measurement in order to reduce the high surface 
roughness arising from the SLM process, which would lead to difficulties in the 
weigh measurements due to the trapping of air and the consequent formation of 
bubbles on the surface of the sample. 

An estimation of the porosity level of each sample was also obtained through 
image analysis of optical micrographs. For this analysis, one face of each sample 
was polished with diamond pastes with decreasing grade until 1 m. Each collected 
optical image covers an area of 1.8 x 1.4 mm and for each sample a total of 28 
images were collected, therefore a total area of about 73.6 mm2 was examined. The 
images were binarized by setting a threshold value of grey, then the porosity value 
was obtained in terms of percentage coverage of the observed voids on the total 
area of the image. Figure 2.4 reports an example of the applied procedure. A lower 
and higher boundaries estimations of the porosity were derived for each treated 
image using two different threshold values. 

 
Figure 2.4. Example of porosity evaluation through image analysis of an optical micrograph. The 
lower and higher estimations are represented in the magnified figure by the red areas and the blue 

areas respectively. 

The Brinell hardness was measured by performing five indentations on each 
sample. For the Brinell hardness measurements an EMCO TEST M4U instrument 
(see paragraph 2.10.1) was used. 

The results of the preliminary study on the effect of the main SLM process 
parameters, listed at paragraph 2.3, has confirmed the EOS recommended values of 
P, v and hd (reported at paragraph 2.2) as suitable to obtain high densification level. 
Therefore, all the subsequent characterizations were performed on samples 
produced by adopting these parameters. 
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2.4 Heat treatment study 

In a second stage of the research the effect of the solution annealing treatment 
on Inconel 718 samples was investigated. In particular, the influence of the heat 
treatment on the microstructure and the distribution of second phases, as well as 
their impact on the hardness and microhardness and oxidation resistance of the 
material was evaluated. Furthermore, an optimization study of the complete cycle 
of heat treatment, consisting of a solutioning step and a double aging step, was 
performed and the effect of each heat treatment step on the hardness and 
microhardness was assessed. 

2.4.1 Solutioning 

Samples obtained from a bar produced trough SLM and submitted to stress 
relieving were used for the study of the solution heat treatment. The samples were 
inserted in the preheated chamber of a BICASA mod B.E. 35 muffle furnace and 
exposed at a temperature Tsol for a definite soaking period of tsol. After this holding 
time, the samples were rapidly cooled through water quench. In order to evaluate 
the effect of the solutioning parameters on the microstructure, three temperature 
levels Tsol and 2 durations tsol were adopted; the resulting combinations used for the 
microstructural study are reported in table 2.3. 

Table 2.3. Set of all the recipes used for the investigation of the effect of the solution treatment on 
the microstructure of the SLM produced Inconel 718 alloy. 

In addition to the standard solution temperatures, i.e. 980°C and 1065°C, the 
effect of a high solution temperature (1200°C) was also tested to promote an 
extremely high level of homogenization. Actually, this is the operability limit of the 
alloy as using higher solution temperature is not possible due to the risk of incipient 
melting. 

The solution treatment was performed also on some samples as a preliminary 
treatment before the oxidation tests. The solution treatment performed before the 
short-term oxidation tests were conducted with the Bicasa muffle furnace using the 
parameters reported in table 2.3, but excluding the treatments at 1200°C. Some of 
the samples used for the study of the oxidation behavior in the middle and long term 
tests were previously submitted to solutioning at 1065°C for 2 hours in vacuum (10-

2 mbar) using a TAV minijet HP oven. After the solution treatment in vacuum, the 
samples were quenched in nitrogen gas. 

Solution treatment 
temperature (°C) 

Solution treatment 
time (hours) 

980 1 
980 2 
1065 1 
1065 2 
1200 1 
1200 2 
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The samples used for the study of the complete cycle of heat treatment were 
obtained from bars produced through SLM and not stress relieved. Each heat 
treatment was performed by inserting the samples in the preheated chamber of a 
Nabertherm RHTC 80-710/15/P330 horizontal tubular programmable furnace. At 
the end of each heat treatment, the samples were removed from the tube and cooled 
in calm air. In the first step of the study, the effect of the temperature Tsol and the 
soaking time tsol of solutioning on the Brinell hardness of the alloy was investigated. 
The parameters used for this study are reported in table 2.4. 

Table 2.4. Set of all the recipes used for the investigation of the effect of the solution treatment on 
the Brinell hardness of SLM Inconel 178 alloy. 

2.4.2 Study of the aging response 

In order to evaluate the response of the solutioned samples to the successive 
heat treatments, some samples were solutioned and then analyzed through DSC and 
TMA techniques (see paragraph 2.8), which allow to determine the characteristic 
temperatures of the alloy at which the main phenomena of precipitation and 
dissolution of second phases occur. 

On the base of the results derived by the thermal analysis, a deepening on the 
microstructural modifications provided to the material by progressive exposure to 
the characteristic temperatures was performed. The samples used in this study were 
submitted to a preliminary solution annealing at 1065°C for 2 hours followed by air 
quenching and then exposed at a definite aging temperature Tag. After a first 
exposition period tag1, the samples were removed from the furnace and cooled in 
calm air. After this aging step these samples were cut and one of the two halves was 
exposed again at the same temperature Tag for a second period tag2. At this stage, 
some samples were submitted to a further exposition period tag3 according to the 
same strategy applied as before. Table 2.5 summarizes temperatures and times of 
the whole heat treatment runs performed for this study. 

Tsol (°C) tsol (hours) 
980 1 
980 2 
980 4 
980 8 
1065 1 
1065 2 
1065 4 
1065 8 
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Table 2.5. Set of all the heat treatments performed for the investigation of the aging response of 
SLM Inconel 718 alloy previously solution annealed at 1065°C for 2 hours. 

The durations of each exposition step were chosen on the base of the thermal 
phenomena occurring at the specific temperature studied Tag. Justifications about 
these aspects will be given in the result and discussion section. 

2.4.3 Optimization of the aging cycle 

Based on the outcome of thermal analysis and the observation of the material 
response to the aging treatment reported above, a systematic study of the heat 
treatment cycle until the first aging step was carried out by investigating the 
following parameters: 

• solution annealing temperature (Tsol) varied between 980°C and 1065°C 
• solution annealing time (tsol) varied between 1 and 2 hours 
• first aging temperature (Tag1) varied between 650°C and 720°C 
• first aging time (tag1) varied between 4 and 8 hours 

A complete 24 factorial design was used for this study containing all the 
possible combination of the above listed values of the heat treatment parameters. 
Furthermore, also samples submitted to direct aging from the as built condition, i.e. 
not submitted to preliminary solution annealing, were prepared. Table 2.6 
summarizes all the 20 samples treated for this study. 

Tag (°C) tag1 (hours) tag2 (hours) tag3 (hours) ttot = tag1 + tag2 + tag3 
565 4 20 - 24 
740 2 6 16 24 
800 4 20 - 24 
870 4 4 16 24 
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Table 2.6. Set of all the heat treatments performed for the optimization study until the first aging 
step. 

All the samples prepared for this optimization study were preliminary heat 
treated in the tubular Nabertherm furnace. 

In addition to the heat treatments reported in table 2.6, the extra cycles reported 
in table 2.7 were also performed in order to evaluate the effects of a prolongation 
of the preliminary solution annealing and of an increase of the aging temperature 
on the determined optimal condition. 

Table 2.7. Additional heat treatments performed to evaluate the effect of prolonging the solution 
annealing step or increasing the aging temperature. 

Once the heat treatment recipe until the first aging step was frozen, the complete 
HT cycle optimization was concluded by adding a second aging step. Four samples, 
previously submitted to solution annealing at 1065°C for 2 hours and air quenched, 
were used for this last part of the optimization study. The samples were submitted 
to a double aging following the procedure described below: 

• the sample is inserted in the tubular Nabertherm furnace preheated at 720°C; 
• holding at temperature for 8 hours; 
• furnace cooling from 720°C at the second aging temperature Tag2 in 2 hours; 

Tsol (°C) tsol (hours) Tag1 (°C) tag1 (hours) 
- 0 650 4 
- 0 650 8 
- 0 720 4 
- 0 720 8 

980 1 650 4 
980 1 650 8 
980 1 720 4 
980 1 720 8 
980 2 650 4 
980 2 650 8 
980 2 720 4 
980 2 720 8 
1065 1 650 4 
1065 1 650 8 
1065 1 720 4 
1065 1 720 8 
1065 2 650 4 
1065 2 650 8 
1065 2 720 4 
1065 2 720 8 

Tsol (°C) tsol (hours) Tag1 (°C) tag1 (hours) 
980 8 720 8 
1065 8 720 8 
1065 2 760 8 
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• holding at the temperature Tag2 for a time tag2; 
• removal of the sample from the furnace and cooling in calm air. 

Two values of Tag2, 520°C and 630°C, and two durations, 4 and 8 hours, were 
tested. Table 2.8 summarizes the combination of parameters used for the 
investigation of the second aging step and the total time of aging for each sample. 

Table 2.8. Set of the second aging recipes performed on samples previously submitted to solution 
annealing at 1065°C for 2 hours and first aging at 720°C for 8 hours. ttot indicate the total duration 

of the aging step (including the cooling time). 

2.5 Oxidation tests 

The oxidation behavior of SLM Inconel 718 was investigated through short, 
medium and long term runs at high temperature in oxidative environment. 

The short term oxidation tests were performed using plate 25x25x2 mm sample 
with a total superficial area A between 14.75 and 15.15 cm2. Some of the tested 
samples were previously submitted to solution annealing in the Bicasa furnace and 
then quenched in water. Before to start the oxidation test, the surfaces of the samples 
were lapped with SiC abrasive papers with progressive grade until 1200 in order to 
reduce the excessive roughness of the as built samples, remove the superficial oxide 
scale formed on the solutioned samples during the heat treatment and obtain 
uniform surface finishing for all the tested samples. 

Short-term tests were performed at two exposition temperatures, Tox, of 850°C 
and 900°C, respectively. In both the tests, 5 plate like samples were used: one 
sample was tested in the as built metallurgical state, the others were previously 
solutioned at 980°C for 1 and 2 hours and at 1065°C for 1 and 2 hours, respectively. 
The samples were previously weighed using a precision balance with guaranteed 
resolution of 0.1 mg and then submitted to cyclic oxidation. After each thermal 
cycle, the mass variation of all the samples was recorded. Each thermal cycle was 
performed by inserting the samples together in the preheated chamber of the Bicasa 
furnace and leaving them exposed to the temperature Tox in simple air for a definite 
time, then the samples were removed and cooled in calm air. The durations of all 
the performed oxidation cycles of the short-term tests are summarized in table 2.9. 

Tag2 (°C) tag2 (hours) ttot (hours) 
520 4 14 
520 8 18 
630 4 14 
630 8 18 
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Table 2.9. Durations (tcycle) of the cycles performed during the short term oxidation tests and total 
oxidation time (tox) after each thermal cycle. 

The middle-term oxidation test was performed at 850°C in simple air for a total 
exposition time of 215 hours using samples cut from SLM specimens. During this 
test the effect of the following two factors on the oxide growth rate were 
investigated: 

• the oxidation mode, i.e. isothermal and oxidation via thermal cycling; 
• the atmosphere used during the preventive solutioning heat treatment, in 

particular the difference that arises by performing solutioning in air or in 
vacuum (10-2 mbar). 

Actually, a negligible superficial oxide scale is formed during solution 
annealing in vacuum due to the low oxygen partial pressure. However, a darkening 
of the surface of the Inconel 718 samples was observed after thermal exposure in 
vacuum because of the formation of a very thin superficial layer. This phenomenon 
is already reported by other authors [190] [191] and it is explained as the result of 
the oxidation of the niobium segregated at the surface. This thin Nb-rich layer can 
play a role in the growth of the passivating oxide scale during the following thermal 
exposure. In order to evaluate this effect, a direct comparison between the growth 
rate of samples pre-treated respectively in air and in vacuum was performed during 
the middle term oxidation test. 

A total of 14 samples were used with a superficial area that falls between 2.97 
and 3.90 cm2. They were oxidized under the conditions reported below and 
summarized in table 2.10: 

• 1 reference sample wasn’t submitted to heat treatment and was oxidized in 

isothermal condition; 
• 1 reference sample wasn’t submitted to heat treatment and was oxidized via 

thermal cycling; 
• 3 samples were submitted to a preventive solubilization treatment at 1065 

°C for 2 hours in air atmosphere, then quenched in water and post oxidized 
in isothermal condition; 

• 3 samples were submitted to a preventive solubilization treatment at 1065 
°C for 2 hours in air atmosphere, then quenched in water and post oxidized 
via thermal cycling; 

• 3 samples were submitted to a preventive solutioning treatment at 1065 °C 
for 2 hours in vacuum, then quenched in nitrogen gas and post oxidized in 
isothermal condition; 

n. cycle 1 2 3 4 5 6 7 8 9 10 11 12 13 14 
tcycle 

(hours) 0.5 0.5 0.5 0.5 1 1 1 1 2 2 6 8 16 16 

tox 
(hours) 0.5 1 1.5 2 3 4 5 6 8 10 16 24 40 56 
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• 3 samples were submitted to a preventive solutioning treatment at 1065 °C 
for 2 hours in vacuum, then quenched in nitrogen gas and post oxidized via 
thermal cycles. 

Table 2.10. Set of the samples used during the middle term oxidation test with the atmosphere of 
the preliminary solution annealing at 1065°C for 2 hours (air or vacuum) and the oxidation mode 

(isothermal or cycled oxidation). 

The samples subjected to solutioning treatment in vacuum were previously 
lapped with SiC abrasive paper until 1200 grid and no further surface preparation 
was done after the heat treatment. On the contrary, the samples subjected to 
solubilization treatment in air were lapped after the quench to remove the oxide 
scale formed during the heat treatment. All the samples were finally cleaned and 
weighted before to start the oxidation test. The thermal cycled samples were 
subjected to a total of 6 cycles: each of the first four cycles had a duration of 23 
hours, the fifth cycle has lasted 70 hours, the last cycle was of 53 hours. The mass 
variation per unit of exposed area was recorded after each cycle. The samples 
submitted to isothermal oxidation were exposed in the furnace for a total time of 
215 hours without interruptions. 

The long-term oxidation test was performed on nine Inconel 718 samples 
obtained from a bar produced through SLM and with an area falling between 3.7 
and 4.4 cm2. These samples were exposed to the temperature of 850°C in air for 
different times of isothermal oxidation. The SLM Inconel 718 samples were 
previously solution treated at 1065°C for 2 hours in vacuum (10-2 mbar) and then 
cooled in nitrogen gas. Then, the samples were lapped with SiC abrasive papers 
with progressive grade until 1200 to remove the oxide scale and obtain the same 
superficial finish of the samples used for the previous tests. For comparison, also 
twelve samples of Inconel 600, with an area falling between 4.4 and 5 cm2, were 
exposed to oxidizing environmental test together with Inconel 718 ones. All the 
samples were heated to 850°C and isothermally oxidized at this temperature, then 
at fixed steps an Inconel 718 sample and an Inconel 600 one were removed at the 
same time from the furnace chamber. After each predetermined time, samples were 
cooled in air and then weighted to annotate the mass variation after the oxidation 
period. After 351 hours, the remaining samples (2 of Inconel 718 and 5 of Inconel 
600, were all removed at the same time and cooled). After collecting the mass gain 
of all the samples submitted to isothermal oxidation and fitting the obtained data 

  Oxidation mode 

  Isothermal 
oxidation 

Cycled 
oxidation 

Preliminary 
solution 

annealing 

Not 
solubilized 1 sample 1 sample 

Solutioned 
in air 3 samples 3 samples 

Solutioned 
in vacuum 3 samples 3 samples 
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with a parabolic curve, a second oxidation run was performed: the samples exposed 
for the complete period of 351 hours during the first run were heated again at 850°C. 
The second oxidation run was done in order to confirm that the parabolic trend 
determined during the first run can be extrapolated for longer oxidation time. The 
last samples (one of Inconel 718 and one of Inconel 600) were removed after 557 
hours from the beginning of the second run, therefore these samples were submitted 
to a total oxidation time of 908 hours. The oxide scale formed on the tested samples 
were examined in cross section at the optical and electronic microscopes to 
determine its thickness, morphology and structure. The chemical composition of 
the oxide scale was also evaluated through EDS analysis. 

2.6 Pack aluminization tests 

The aluminization tests were performed on samples obtained from a bar 
produced through SLM with the optimized parameters and then submitted to stress 
relieving at 450°C for 2 hours before detaching from the support plate. The generic 
aluminization process consists in embedding the sample to be coated in a powder 
mixture, containing an aluminum source, an activator and an inert component, and 
then performing an appropriate heat treatment. The powders used for the 
aluminization mixtures are: 

• Alfa Aesar Aluminum powder, -325 mesh, chemical composition given in 
table 2.11; 

• Sigma-Aldrich Ammonium Chloride (NH4Cl), 99.99%; 
• Alfa Aesar Aluminum Oxide powder (Al2O3), 99%, 32-63 Micron APS 

Powder, S.A. 200 m2/g. 

Table 2.11. Nominal composition (%) of the aluminum powder used in this study. Provided by 
Alfa Aesar: [192]. 

The general procedure for the pack aluminization tests followed in this study is 
reported below. The mixtures of powder are prepared by adding at the Al2O3 inert 
a definite amount of Al and of NH4Cl activator salt powder, measured through a 
balance with a resolution of 1 mg. Once prepared, the powder packs were inserted 
in ceramic crucibles and a sample was completely embedded in the powder in each 
of them. All the surfaces of the samples were preliminary polished with SiC 
abrasive paper until 1200 grade in order to remove the roughness arising from SLM 
process and to obtain the same surface finishing. The crucibles with samples 
embedded in powder packs were submitted to a series of degassing cycles in a glove 
box. At each degassing cycle, vacuum is made in the glove box and then flushing 
with nitrogen gas is applied. After degassing cycles, the crucibles were placed in a 
stainless steel foil bag (Nabertherm). The folding and consequent plastic 
deformation of the edges of the stainless steel foil bag guarantees its hermetic 
closure. The use of stainless steel foil bag is twofold: it avoids direct exposure of 

Al Fe Si Cu Mn Cr Ni Zn Ti Ga 
99.78 0.11 0.04 0.01 < 0.01 < 0.01 < 0.01 < 0.01 0.02 0.01 



2.6 Pack aluminization tests 79 

the packs to the air during the heat treatment and it prevents the aluminizing vapors 
produced during the process to diffuse in the furnace chamber, thus avoiding 
damages at the electrical resistors and the refractory walls. The heat treatment 
consists of a heating step at ca. 7-8 °C/min up to the process temperature, followed 
by a holding step for a predetermined period of time. Finally, the cooling step at 
room temperature is carried out inside the furnace chamber at about 2-3 °C/min. 
After the heat treatment, the powder of the pack becomes lumpy and agglomerated, 
therefore the flowability of the powder mixture is drastically reduced. The samples 
were weighted with a precision balance with a resolution of 0.1 g before and after 
the aluminization tests in order to evaluate the mass gain during the coating process. 

A first pack aluminization test was carried out at 900 °C for 5 hours in order to 
study the influence of the amount of Al and activator in the pack. The mass 
compositions of the trial packs used in this test, that will be referred in the follows 
as the “intermediate temperature test”, are reported in table 2.12. 

Table 2.12. Set of the pack compositions used for the aluminizing test performed at 900 °C for 5 
hours. 

The morphology and structure of the coatings produced in the intermediate 
temperature test were investigated in cross section view using optical microscopy, 
SEM and FESEM. Chemical analysis of the layer constituents was performed 
through EDS. Standard polishing procedure using SiC abrasive paper and diamond 
paste until 1 m was followed to prepare the samples for the microscopy analysis. 

A possible modification of the procedure consists in placing the sample over 
the pack instead of putting it embedded in the powder mixture [109]. This is referred 
as over-pack aluminizing mode. In order to evaluate the results that can be achieved 
in such over-pack mode, an aluminizing test was performed by adopting the same 
heat treatment parameter, i.e. at 900°C for 5 hours, and using two short bars (about 
30.7 mm in length) as substrates. The bars were immersed only half in the powder 
mixtures leaving the other half in over-pack condition. The composition of the 
powder packs used to coat the bars are reported in table 2.13. 

Table 2.13. Set of the pack compositions used for the aluminization of the bars half embedded in 
the powder mixture. 

Samples Pack composition 
(wt. %) 

Al source/activator 
ratio 

A1 10% Al,   5% NH4Cl, 85% Al2O3 2 
A2 15% Al,   5% NH4Cl, 80% Al2O3 3 
A3 10% Al, 10% NH4Cl, 80% Al2O3 1 
A4 15% Al, 10% NH4Cl, 75% Al2O3 1.5 

Samples Pack composition 
(wt. %) 

Al source/activator 
ratio 

B1 15% Al, 3% NH4Cl, 85% Al2O3 5 
B2 15% Al, 7% NH4Cl, 80% Al2O3 ̃ 2 
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After the aluminization process, the structure of the coatings was observed via 
optical microscope in the different zones of the bars, i.e. on the embedded part, near 
the pack surface and far from the pack surface. 

Two further aluminization test types were carried out in different temperature 
regimes. In the following, these tests will be referred as the “high temperature test”, 

performed at 1065°C for 2 hours, and the “low temperature test”, performed at 

800°C for 5 hours. The compositions of the powder pack sets used in high and low 
temperature tests are reported in table 2.14 and 2.15, respectively. In both the tests, 
the samples were totally embedded in the powder packs. 

Table 2.14. Set of the pack compositions used for the aluminizing test performed at 1065 °C for 2 
hours. 

Table 2.15. Set of the pack compositions used for the aluminizing test performed at 800 °C for 5 
hours. 

The developed coatings were studied in terms of microstructure and stability, 
so as to identify the optimal aluminization recipe. Once the optimized recipe was 
defined, the possibility to apply the pack aluminization technique for the coating of 
hard accessible surfaces was evaluated. In particular, the possibility to coat internal 
surfaces of narrow channels for heat exchanger application was investigated. To 
this purpose, modules with channels of triangular section produced via SLM were 
used. The geometry and size of the channels are shown in figure 2.5. 

Samples Pack composition 
(wt. %) 

Al source/activator 
ratio 

H1   9% Al, 3.0% NH4Cl, 88.0% Al2O3 3 
H2   9% Al, 4.5% NH4Cl, 86.5% Al2O3 2 
H3 15% Al, 5.0% NH4Cl, 80.0% Al2O3 3 
H4 15% Al, 7.5% NH4Cl, 77.5% Al2O3 2 

Samples 
Pack composition 

(wt. %) 
Al source/activator 

ratio 
L1 15% Al, 3.75% NH4Cl, 81.25% Al2O3 4 
L2 15% Al, 5.00% NH4Cl, 80.00% Al2O3 3 
L3 20% Al, 5.00% NH4Cl, 75.00% Al2O3 4 
L4 20% Al, 6.67% NH4Cl, 73.33% Al2O3 3 
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Figure 2.5. Module with internal channels of triangular section produced by SLM. 

The same procedure as described above was used for the aluminization of these 
modules. The external surfaces of the modules were lapped with SiC abrasive paper 
until the 1200 grade, instead the as built surface finishing of the internal surfaces of 
the channel was not altered. The composition of the packs used for the 
aluminization of the modules is the same used for sample A2 in table 2.12 (15% Al, 
5% NH4Cl, 80% Al2O3), on which the best coating quality was observed as 
discussed at paragraph 6.1. Modules were embedded in the pack with their channels 
placed in vertical position. Also, the channels were filled with the powder mixture. 
The aluminization process was carried out at 900°C for 5 hours. As a consequence 
of the loss in flowability of the powder pack, after the aluminization process, some 
difficulty was encountered for the complete removal of powders from the channels. 
Actually, mechanical coupling can form between the compacted powders and the 
superficial asperities of the rough internal surfaces of the channels. 

The cross section of the coatings formed on both the external and the internal 
surfaces of the modules were exanimated via optical microscope along the cut lines 
shown in figure 2.6. 

 
Figure 2.6. Scheme of the cuts performed on the aluminized modules for the cross section 

examination. 

The diagonal cut on module n.1 allows to evaluate the variation of the 
microstructural features of the coating moving from the bottom part of the module 
towards the top part of it, being such locations respectively representative of the 
deepest embedded portion and the shallowest one within the pack. 
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The bottom of module n.2, shown in figure 2.6, was used to perform a cyclic 
oxidation test with the aim to evaluate the stability of the obtained coating in 
oxidizing environment and the consequent level of protection that it can guarantee. 
The modification of the aluminide coating after each thermal cycle were observed 
with the optical microscope. The thermal cycles were performed by inserting the 
sample in the muffle furnace chamber preheated at 850°C and leaving it exposed in 
simple air. At the end of every thermal cycle, the sample was removed from the 
furnace and cooled in calm air, then the cross section was polished so as to perform 
the optical microscope examination. A total of 5 thermal cycles were carried out on 
the aluminized piece, whose duration was of 1, 2, 4, 6 and 15 hours, respectively. 

The graph in figure 2.7 summarizes all the thermal histories investigated in this 
thesis and described in the previous paragraphs, including all the heat treatment 
cycles and the oxidation and aluminization tests. 

 
Figure 2.7. Summary diagram collecting all the thermal histories of the SLM Inconel 718 samples 
which characterization is reported in this thesis. Starting from a square, representing the as built 
(gray) or a solution annealing condition (blue), each subsequent step of a thermal history can be 
reached by following the arrows. Green points represent the first (dark green) and second (light 
green) aging treatments; orange points represent the thermal treatments performed to investigate 
the aging response; red bars represent all the short, middle and long oxidation isotherms; yellow 
points represent the pack aluminization treatments. T: treatment temperature; t: treatment time. 
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2.7 Microscopy 

2.7.1 Metallographic preparation 

The samples analyzed through optical and electronic microscopy were 
submitted to the standard metallographic preparation steps: cutting, eventual 
mounting in resin, grinding, polishing and etching. 

The cutting step is necessary to expose the representative metallographic 
surface and it must be performed avoiding damages of the surface and alterations 
of the samples caused by the developed heat. A precision linear cutting machine 
was used to perform the cuts with abrasive aluminum oxide blades or diamond 
blades. The surfaces exposed by cutting the sample transversally respect to its 
building direction will be referred in the following as “horizontal planes”, instead 

the surfaces obtained with a cut path parallel to the building direction will be 
referred as “vertical planes”. 

Some samples were cold mounted in bi-component acrylic resin or hot mounted 
in conductive epoxydic resin to make them easier to handle or to avoid introducing 
damages during the successive preparation steps. During the grinding stage, the 
surface of the sample was lapped through successive steps using SiC abrasive 
papers progressively finer up to 2400-2500 grade. At each step the scratches 
produced during the previous step are removed. Then, the sample is submitted to 
polishing using short napped polishing cloths and diamond pastes with a decreasing 
granulometry down to 1 m. Eventually, 0.3 m alfa alumina and 0.05 m gamma 
alumina suspensions were also used to further improve the surface finish when 
required. 

Two different etching procedures were performed on the as built samples to 
reveal the microstructure: chemical etching with waterless Kalling’s n.2 solution 

and electrochemical etching in a solution of 100 ml HNO3 and 10 ml water. The 
chemical etching was done by soaking or swabbing the metallographic surface for 
30-60 seconds at room temperature. The electrochemical etching was performed on 
samples previously mounted in a cylinder of conductive resin in which a screw that 
act as electrode was inserted. During the electrochemical etching, the sample is 
immersed in the acid solution and a voltage of 1-2 V is applied for few seconds. In 
both the procedures, the etching is interrupted by immersing the sample in fresh 
water for about 5 seconds, then the metallographic surface is carefully cleaned with 
ethanol o other alcohol based solvent and dried with a flow of warm air. 

2.7.2 Optical microscopy 

A Leica DMI 5000 M optical microscope, equipped with a digital camera for 
the acquisition of the images, was used. The optical microscope was widely used in 
each part of this study and, in particular, it allowed to evaluate: 

• shape and microstructure of the starting powders (paragraph 2.1); 
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• the porosity of the as built samples obtained at different SLM process 
parameters (paragraph 2.3); 

• the microstructure and the second phases of samples produced through SLM 
process at the as built state and after different solution treatment (paragraph 
2.4.1) on horizontal and vertical planes; 

• the thickness and morphology of the thermally grown oxides formed during 
the oxidation tests (paragraph 2.5); 

• the features of the coating obtained with the pack aluminization tests 
(paragraph 2.6). 

2.7.3 SEM - scanning electron microscope 

A Leo1450 thermo-ionic scanning electronic microscope (SEM) was used 
during this study. For finer morphological analysis Field Emission Scanning 
Electronic Microscopes (FESEM) were used when higher resolution micrographs 
at high magnification were required: Merlin Zeiss, Zeiss SupraTM 40, Carl Zeiss 
ULTRA. 

Secondary electrons probe was used for the microstructural study of the as built 
samples and of the heat-treated ones, previously prepared according to the general 
procedure described at paragraph 2.7.1 and etched with waterless Kalling’s n.2 

solution. The secondary electrons are emitted due to inelastic scattering between 
the primary beam and the valence electrons of the specimen atoms. These electrons 
have an energy lower than 50 keV, therefore only the ones generated in the more 
superficial layers can escape from the material and be detected. This allows to 
obtain micrographs with high depth of field and detailed topological information 
on the examined surface. In the images constructed using the secondary electrons 
signal, the surface that are tilted with respect to the primary beam appear in bright 
contrast due to the edge effect (figure 2.8). 

 
Figure 2.8. Representation of the edge effect and secondary electrons yield in function of the tilt 

angle of the specimen surface. From: [193]. 

Secondary electrons (SE) micrographs were collected with the FESEM to 
evaluate the mean volume fraction of second phases in the alloy in the as built state 
and after the solution treatments reported in table 2.3. To collect these images the 
voltage was set to 5 kV, the aperture size to 30 m and the working distance to 6 
mm. The volume fraction of the observed second phases was estimated by 
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computing the ratio between the area occupied by them and the total image area. 
The implicit assumption made for this analysis is that the collected data of area 
fractions are valid estimators of the volume fractions of the detected precipitates in 
the samples. In particular, 6 SE-FESEM micrographs were collected at different 
magnifications on the as built samples: two of them have length scale 14.7 nm/pixel 
and cover an area of 152.1 m2 each, other two have length scale 4.9 nm/pixel and 
cover an area of 16.7 m2 each; finally the remaining two have length scale 2.4 
nm/pixel and cover an area of 4.2 m2 each. Therefore, the total extension of the 
examined surface on the as built sample is equal to 346 m2. On each solutioned 
sample, 5 SE-FESEM images with length scale 14.7 nm/pixel covering 152.1 m2 
each and 5 images with length scale 4.9 nm/pixel covering 16.7 m2 each were 
collected. Therefore, an overall area of 844 m2 was examined for each solutioning 
condition. The image analysis of the collected micrographs also allowed to obtain 
the size distributions of the detected precipitates on the solutioned samples. Some 
specific MATLAB routines were used for this analysis, which allows to identify 
and tag the objects detected in an image on the base of the contrast levels. All the 
detected precipitates were sub-divided in size classes and the volume fractions of 
the precipitates in each size class was calculated. The partition in size classes is 
carried out based on the linear size ℒ of each precipitate: 

 
ℒ [𝑛𝑚] = √(𝑆 [𝑛𝑚/𝑝𝑖𝑥𝑒𝑙])2 ∙ 𝒫 eq. 2.2 

 
where 𝒫 is the number of pixels of the image occupied by the precipitate and S 

is the length scale of the analyzed image, whose value for all the used images has 
been reported above. An example of image analysis of a FESEM micrograph 
acquired on the sample solutioned at 1065°C for 2 hours with the relative obtained 
size distribution is shown in figure 2.9. 

 
Figure 2.9. Example of image analysis of a FESEM micrograph collected on the sample solutioned 

at 1065°C for 2 hours and the derived size distribution with average volume fractions and 
cumulative volume fractions of the precipitates. First published in [194]. 

The electronic microscope was also used for the cross section examination of 
the microstructure of the oxide scale thermally grown on the samples submitted to 
oxidation tests (paragraph 2.5) and of the coatings obtained in the aluminization 
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tests (paragraph 2.6). During the metallographic preparation, these samples were 
cold mounted in acrylic resin in order to avoid damaging the superficial scale or 
coating during the polishing steps. No etching was performed on these samples after 
polishing. The observation in cross section of the oxide scales and the aluminized 
coatings were performed using backscattered electrons mode. The backscattered 
electrons are electrons of the primary beam that are reflected by elastic scattering 
with the specimen atoms and have a higher energy then the secondary electrons, 
therefore the information carried by them comes from a deeper region. The 
backscattered electrons emission is highly sensitive to the atomic number of the 
constituent atoms of the specimen, therefore they provide compositional 
information: the zones where lighter elements are present appear in darker contrast 
in the images obtained with backscattered electrons (figure 2.10). 

 
Figure 2.10. Backscattered electron fraction in function of the atomic number Z on the spot 

illuminated by the primary beam. From: [193]. 

Energy Dispersive Spectroscopy (EDS) was also used to obtain information on 
the chemical composition of the oxide scales and the aluminide coatings. The 
percentage quantities of the elements got with EDS analysis are not very accurate 
because of the physical limit of the technique, therefore they should be used with 
care. However, even if EDS analysis cannot provide the exact chemical 
composition, it can be effectively used to make qualitative and semi-quantitative 
comparisons between different areas. On the other hand, EDS technique was found 
to be unsuitable for investigating the microsegregation of the chemical elements at 
the very fine dendrite scale and the chemical composition of the small precipitates 
(lower than 1 m) present in the as built and heat treated samples. This limit is 
caused by the volume of interaction between the electron beam and the analyzed 
sample, which depends mainly on the imposed voltage and the density of the 
material. This interaction volume is too large to guarantee the resolution that would 
be needed. Figure 2.11 shows that the interaction volume on nickel alloy (density 
of about 8.2 g/cm3) using a voltage of between 15 and 20 kV, necessary to obtain 
an adequate signal. One can note that this is included between 0.8 and 2 m, that is 
to say a size comparable with the length scale of the dendrites and higher than most 
of the present precipitates. 
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Figure 2.11. Nomogram for evaluate the diffusion range of the electron in the Scanning Electron 

Microscopy in function of the specimen density and the used voltage. Adapted from: [195]. 

2.7.4 EBSD analysis 

The characterization through Electron BackScattered Diffraction (EBSD) using 
a Zeiss Supra 40 system equipped with a Bruker detector was performed both on 
the horizontal and the vertical planes on the as built material produced adopting the 
optimized SLM parameters in order to investigate the crystallographic texture 
arising from the SLM process. The EBSD analysis is based on the Bragg diffraction 
of the backscattered electrons coming from the surface of the specimen and allows 
to determine the local crystallographic orientation on each zone of the surface. The 
samples characterized through EBSD analysis were hot mounted in conductive 
resin and submitted to the polishing procedure described at paragraph 2.7.1. The 
durations of the final polishing steps must be longer with respect to the normal 
preparation because EBSD technique requires a very high surface finish [196] 
[197]. In particular, the samples were polished with 0.3 m alfa alumina suspension 
for 15 minutes and with 0.05 m gamma alumina suspension for about 2 hours in 
total. Just before the analysis, the samples were further polished for 20-40 minutes 
with the 0.05 m gamma alumina suspension in order to remove any eventual thin 
oxide scale on the surface. After the polishing steps, the surfaces of the samples 
were carefully cleaned with isopropyl alcohol and a delicate cloth. 

Before the EBSD analysis, the so called argus image [198] is acquired using 
the forescattered and backscattered electrons. The argus image already provides a 
coarse crystallographic information and it can be obtained rapidly allowing the user 
to explore the surface of the sample in order to find and select the area of interest 
on which perform the actual EBSD analysis. Then, the selected area is sub-divided 
in a square grid of points and each of them is illuminated with the electronic beam 
for a certain exposure time during which the screen detects the Kikuchi diffraction 
bands generated by the interaction between the beam and the crystal. The 
information contained in the Kikuchi bands is automatically elaborated by the 
software to obtain the crystallographic orientation of each analyzed point. The 
crystallographic orientation of the crystal with respect to the sample coordinate 
system is given through the three Euler angles , ,  (see figure 2.12). 
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Figure 2.12. Scheme of the EBSD set up and an example of the Kikuchi diffraction bands, 

detected on a single spot on the examined surface, which allow to obtain the orientation of the 
local UVW coordinate system respect to the XYZ sample coordinate system in term of the Euler 

angles , , . 

In the current study, the EBSD characterization was performed imposing a 
voltage of 20 kV and an exposition time of 150 ms or 200 ms. The sample was 
placed at an angle of 70° with respect to the electronic beam and at a distance with 
the detector of about 30 mm. The tilt angle of the detector was regulated before 
each analysis in order to obtain the best quality of the signal. On the sample cut 
along a horizontal plane, the building direction is parallel to the Z axis of the sample 
coordinate system, i.e. it is normal to the analyzed surface. Instead, the sample cut 
along the vertical plane was oriented in the SEM chamber in such a way to put its 
building direction parallel to the Y axis of the sample coordinate system. On the 
horizontal plane, an area of 215 x 170 m was analyzed imposing a step size 
between the points of the grid of 1.41 m and a detector tilt angle of 4.52°. A further 
smaller area of 30 x 25 m was acquired with higher resolution using a step size of 
0.35 m and a detector tilt angle of 4.77°. Instead, on the vertical plane, an area of 
150 x 190 m was analyzed with a step size of 1.41 m and a detector tilt angle of 
4.52° and a further area of 60 x 90 m at higher resolution with a step size of 0.7 
m and a detector tilt angle of 3.77° was also acquired. 
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After the data acquisition step, it is possible to compute the grains present in 
the analyzed area and the relative grain boundaries positions through a post-
processing algorithm of the data. This was done by calculating, for each point, the 
highest mis-orientation mis with respect to the 8 neighbor points. A grain boundary 
is present between two spots if their mis-orientation is equal or higher than a 
previously chosen threshold value th, usually set to 10° (see figure 2.13) This 
procedure allows to assign a crystalline grain at each spot, therefore it is possible to 
determine the number of present grains, their shape and size after the data 
elaboration step. 

 
Figure 2.13. Scheme explaining the criterion used to establish the position of the grain boundaries. 

A grain boundary is present between two spots when their highest mis-orientation mis between 
them is higher than a threshold value th. 

The crystallographic texture, i.e. the tendency of the grains of the sample to 
have a favored orientation rather than to be randomly oriented, can be graphically 
represented using the pole figures (PF) and the Inverse Pole Figures (IPF). Both the 
representations allow to visualize a crystallographic direction in the 3D space on a 
2D plane through the stereographic projection. Each half line r, that starts from the 
origin O of the coordinate system, is associated to a point Pr through stereographic 
projection (see figure 2.14): Pr is the point in which the segment s, that joins the 
intersection point P between r and the unit sphere S with the south pole of S, 
intersects the equatorial plane of S. If the direction of r is represented by the unit 
vector (𝑢, 𝑣, 𝑤), then the coordinates of point Pr can be obtained by: 

𝑥𝑃𝑟 =
𝑢

𝑤+1
, 𝑦𝑃𝑟 =

𝑣

𝑤+1
 and 𝑧𝑃𝑟 = 0. 
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Figure 2.14. Stereographic projection of a direction r in the 3D space on the 2D unitary circle. 

A pole figure (PF) is obtained by adopting the sample coordinates system and 
representing, inside the unit circle, the average orientation of a certain family of 
crystallographic planes through stereographic projection (see figure 2.15). Each 
grain detected during the EBSD analysis is associated to a point in the PF. A not 
uniform distribution of the points indicates a crystallographic texture. 

 
Figure 2.15. Representation of the {100}, {110} and {111} crystallographic directions through 

pole figures. 

On the contrary, an inverse Pole Figure (IPF) is obtained by adopting the 
sample coordinate system of the crystallographic cell and consequentially rotating 
the axes of the sample coordinate system. After that, the stereographic projection 
of one of the X, Y or Z axes of the sample coordinate system obtained (see figure 
2.16). This procedure is repeated for each spot on the analyzed surface. Because of 
the symmetries of the cubic cell, the unit circle can be subdivided in equivalent 
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areas and all the stereographically projected directions can be represented inside the 
so called standard triangle (see figure 2.16). This representation allows to visualize 
the overall orientation of the crystallographic directions in the analyzed area with 
respect to the axes of the sample coordinate system. 

 
Figure 2.16. Representation of the orientation of the lattice cell through inverse pole figures. 

The IPF can be used also to directly show the crystallographic orientation of 
each grain through the colored IPF maps, in which each analyzed spot is colored on 
the base of its position in the standard triangle. Examples of IPF maps from the 
literature are reported in the previously shown figure 1.42. 

2.7.5 TEM microscopy and SAED analysis 

A FEI Titan scanning/transmission electron microscope (STEM) equipped with 
energy dispersive X-ray spectrometry (EDS) detector was used to observe the 
microstructure of the as built material, produced with the optimized parameters, at 
the length scale of the single dendrite. The Transmission Electron Microscope 
allows to obtain high resolution images and higher magnification through the 
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detection of the electrons of the primary beam that cross the sample, that must have 
a very low thickness. For the preparation of the sample before the STEM 
observation, a thin lamella of material was prepared using a Carl Zeiss Auriga 
focused ion beam (FIB) system. The lamella was obtained along a vertical plane of 
the as built sample, therefore the building direction lays on the plane of the analyzed 
material. 

The transmission electron configuration allows also to perform EDS analysis 
going beyond the limits, discussed at paragraph 2.7.3, of the technique in the SEM 
systems and obtaining a close to atomic resolution. However, even in this 
configuration the EDS analysis can be used only as a semi-quantitative 
characterization. The EDS technique was used in this study to verify the micro-
segregation of each of the main alloying element at the length scale of the single 
dendrite and to obtain information on the nature of the present inter-dendritic 
second phases. 

The detection of the diffracted beam from the lamella allows also to obtain 
crystallographic information through the Selected Area Electron Diffraction 
(SAED) patterns. Each spot in a SAED pattern represents a set of parallel 
crystallographic planes for which the constructive interference conditions are 
satisfied allowing the detection of the diffracted beam. The revealed spots depend 
on the orientation of the crystal with respect to the electronic beam, which 
determines the establishment of specific diffraction conditions. The SAED patterns 
reveal the symmetries present in the periodic crystalline structure of the analyzed 
material, therefore they give indications for the identification of the present phases. 

The reciprocal lattice and the Ewald sphere are useful constructions that allow 
to visualize the angles at which the Laue condition of constructive interference is 
satisfied. 

The reciprocal lattice is defined as the set of vectors 𝑹 that satisfied equation 
2.3: 

 
𝑒2𝜋𝑖𝑼∙𝑹 = 1 eq. 2.3 

 
for each vector 𝑼 = 𝑢𝒖𝟏 + 𝑣𝒖𝟐 + 𝑤𝒖𝟑 of the direct lattice, i.e. the crystalline 

structure of the irradiated material. Equation 2.3 is satisfied when 𝑼 ∙ 𝑹 = 𝑁, where 
𝑁 is an integer. Each reciprocal vector 𝑹 can be expressed as equation 2.4: 

 
𝑹 = ℎ𝒓𝟏 + 𝑘𝒓𝟐 + 𝑙𝒓𝟑 eq. 2.4 

 
where ℎ, 𝑘 and 𝑙 are integers that correspond to the Miller indices of the set of 

parallel crystallographic plane in the direct space associated with 𝑹; the length of 
𝑹 is equal to 1/𝑑{ℎ𝑘𝑙}, where 𝑑{ℎ𝑘𝑙} is the interplanar distance of the {ℎ𝑘𝑙} planes. 
The Laue condition states that the scattering vector ∆𝒌 = 𝒌𝒅 − 𝒌𝒊, where 𝒌𝒊 and 
𝒌𝒅 are the wavevectors of the incident and the diffracted beams respectively, 
belongs to the reciprocal lattice. 
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The basis vectors of the reciprocal lattice can be determined uniquely from the 
basis vectors of the crystal lattice through equations 2.5: 

 
𝒓𝟏 =

𝒖𝟐∧𝒖𝟑

𝒖𝟏∙(𝒖𝟐∧𝒖𝟑)
  

𝒓𝟐 =
𝒖𝟑∧𝒖𝟏

𝒖𝟐∙(𝒖𝟑∧𝒖𝟏)
  

𝒓𝟑 =
𝒖𝟏∧𝒖𝟐

𝒖𝟑∙(𝒖𝟏∧𝒖𝟐)
 eq. 2.5 

 
As specific cases, using equations 2.5 is possible to ascertain that the reciprocal 

lattice of a simple cubic lattice with parameter 𝑎 is simple cubic too with parameter 
1/a and that the reciprocal lattice of the hexagonal lattice with parameters 𝑎 = 𝑏 
and 𝑐 is a hexagonal lattice rotated of 30° with parameters 2/𝑎√3 and 1/𝑐. 

The Ewald sphere is centered at the origin of the reciprocal lattice and has a 
radius equal to 1/𝜆, where 𝜆 is the wavelength of the incident wave (figure 2.17-
A). All the points of the reciprocal lattice that lay on the Ewald sphere represent an 
elastically scattered beam for which the Laue condition is satisfied, as illustrated by 
figure 2.17-B. 

In the case of electron diffraction, the follow two conditions occur: 

• the De Broglie wavelength of the electron beam is very short, in the 
order of 2-4 pm, which leads to a very large radius of the Ewald sphere 
(1/ ≈ 250-500 1/nm) respect to the basis vectors of the reciprocal 
lattice; 

• the irradiated crystal is very thin, about 10-100 nm, which means the 
zero-dimension points of the ideal reciprocal lattice, obtained by 
assuming an infinitely extended crystal, become rods elongated along 
the thickness of the lamella. 

Because of the above conditions, the diffraction pattern generated during the 
SAED analysis corresponds approximately to the reciprocal lattice plane normal to 
the beam direction (figure 2.17-C). 

 
Figure 2.17. Ewald construction. The Ewald sphere radius is equal to 1/, where  is the 

wavelength of the incident radiation. The origin O of the reciprocal lattice lays on the Ewald 
sphere, 𝒔𝟎 and 𝒔 are the unit vectors along the directions of the incident and the diffracted beams 
respectively (A), for each point G of the reciprocal lattice laying on the Ewald sphere, a beam is 
diffracted (B). Case of electron diffraction (C), the curvature of the Ewald sphere is exaggerated 

for clarity. From: [199]. 
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The crystallographic direction [𝑢, 𝑣, 𝑤] that correspond to the line of the 
incident beam is usually referred as Zone Axis (ZA); the relative electron 
diffraction pattern contains spots with Miller indices ℎ, 𝑘, 𝑙 that satisfied: 𝑢ℎ +

𝑣𝑘 + 𝑤𝑙 = 0. 
The kinematic theory of electron diffraction [199] assumes a negligible 

attenuation of the incident beam along the specimen thickness, i.e. each atom of the 
irradiated crystal receives the same wave amplitude and therefore atoms of the same 
kind scatter waves of the same amplitude. According to the kinematic theory, the 
diffracted wave 𝜓𝑹 associated with the scattering vector ∆𝒌 = 𝑹 is given by the 
summation (equation 2.6) of the electron waves scattered by each atom of the 
crystal considering the respective phase differences 𝜙𝑛 = 2𝜋𝑷𝒏 ∙ 𝑹 [199]: 

 
𝜓𝑹 ∝ 𝐹(𝑹) = ∑ 𝑓𝑛𝑒−2𝜋𝑖 𝑷𝒏∙𝑹

𝑛 = ∑ ∑ 𝑓𝑚𝑒−2𝜋𝑖 (𝑼𝒑+𝒑𝒎)∙𝑹𝑀
𝑚=1𝑝 =  

= ∑ 𝑒−2𝜋𝑖 𝑼𝒑∙𝑹
𝑝 ∑ 𝑓𝑚𝑒−2𝜋𝑖 𝒑𝒎∙𝑹𝑀

𝑚=1 = 𝐿(𝑹) ∙ 𝑆(𝑹) eq. 2.6 
 
where 𝑓𝑛 is the atomic form factor, depending on the kind of scattering atom, 

𝑷𝒏 = 𝑼𝒑 + 𝒑𝒎 is the position vector on n-th atom given by the lattice vector 𝑼𝒑 
and the fractional coordinates 𝒑𝒎 of the atom in the p-th unit cell reference. The p 
summation over all the unit cells in the crystal gives the lattice factor 𝐿, the m 
summation over all the 𝑀 atoms in each unit cell gives the structure factor 𝑆. 

The intensity of the diffracted wave is proportional to 𝐹2 = 𝐹𝐹∗, where 𝐹∗ 
indicates the complex conjugate of 𝐹. If the irradiated crystal contains only one 
atom for each lattice point (𝑀 =  1), then the phases of each scattered waves is 
equal and so they interfere constructively given the spot signal. The presence of 
other atoms in position with fractional coordinates can modify the relative intensity 
of the spots and eventually leads to the kinematic extinction of some spots with 𝐹 =

0 because of the occurring of destructive interference. 
As an example, let’s consider the face centered cubic structure, which can be 

described as a simple cubic lattice with four atoms for each lattice point with 
coordinate: 
𝑝0 = (0,0,0), 𝑝1 = (1 2⁄ , 1 2⁄ , 0), 𝑝2 = (1 2⁄ , 0, 1 2⁄ ), 𝑝3 = (0, 1 2⁄ , 1 2⁄ ). 

The respective structure factor is: 
 

𝑆(ℎ, 𝑘, 𝑙) = ∑ 𝑒𝑖 𝒑𝒎∙𝑹4
𝑚=1 = 1 + 𝑒2𝜋𝑖 

ℎ+𝑘

2 + 𝑒2𝜋𝑖 
ℎ+𝑙

2 + 𝑒2𝜋𝑖 
𝑘+𝑙

2  eq. 2.7 
 
when the indices ℎ, 𝑘 and 𝑙 are all odd or all even: 
 

𝑆(ℎ, 𝑘, 𝑙) = 1 + 𝑒2𝜋𝑖 𝑁1 + 𝑒2𝜋𝑖 𝑁2 + 𝑒2𝜋𝑖 𝑁3 = 1 + 1 + 1 + 1 = 4 eq. 2.8 
 
where 𝑁1, 𝑁2 and 𝑁3 are integers. Instead, if h is odd and k and l are even: 
 

𝑆(ℎ, 𝑘, 𝑙) = 1 + 𝑒𝜋𝑖 (𝑁1+
1

2
) + 𝑒𝜋𝑖 (𝑁2+

1

2
) + 𝑒2𝜋𝑖 𝑁3 = 1 − 1 − 1 + 1 = 0 eq. 2.9 
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which means that these kinds of reflections are systematically absent. 
Analogously, the structure factor 𝑆 is null each time the rule of the indices ℎ, 𝑘 

and 𝑙 all odd or all even is not satisfied. Therefore, by cancelling out the above 
determined forbidden reflections from the simple cubic lattice, a body centered 
cubic lattice is obtained, which is precisely the reciprocal lattice of the face centered 
cubic structure. 

The above described kinematic theory give a simple and useful tool for the 
interpretation of the SAED patterns, however it is worth to consider that dynamical 
effects can determine deviations from the spots intensities evaluated using the 
kinematic theory for complex structures. 

2.8 Thermal analysis 

Differential Scanning Calorimetry (DSC) and Thermomechanical analysis 
(TMA) were carried out in order to study the modifications of the material 
microstructure during the thermal treatments or the exposition to the service 
temperature. These analyses allow to reveal the temperature ranges at which the 
main thermal phenomena occur, usually phase transformation. Both the types of 
analysis were performed by submitting the analyzed samples to a heating run at a 
definite heating rate and to a following cooling run. During the cooling, it is not 
possible to accurately control the cooling rate, therefore the signals collected during 
this stage should be treated with care. As a consequence, the gathered data during 
the cooling stage will be omitted when they don’t add new substantial information 

with respect to those already derived by the heating run. 

2.8.1 DSC 

DSC analysis allows to detect the emitted (exothermic phenomena) or absorbed 
(endothermic phenomena) heat from the sample during the phase transformations. 
In this study, the exothermic phenomena of interest are the solidification and the 
precipitation of second phases, whereas the detected endothermal phenomena are 
the fusion and the dissolution of second phases. In the plots reported in chapter 5, 
the exo-up convention is adopted, therefore a peak indicates the occurrence of an 
exothermic phenomenon conversely, a valley indicates the occurrence of an 
endothermal phenomenon. 

A Thermal analyser Setaram DSC/TGA 92 16.18 was used to perform all the 
DSC analyses. The ranges of fusion and solidification of the as built alloy was 
established firstly. A small material sample embedded in alumina powder was used 
for this analysis. The sample was melted during a heating run until 1400°C at a 
heating rate of 12°C/min, then the sample was cooled until room temperature with 
a cooling rate of about 28°C/min. This preliminary analysis was used mainly to 
establish a maximum safety temperature at which the following analyses were 
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performed avoiding the melting of the sample and consequently damaging of the 
measuring equipment. 

The DSC analyses performed in the next steps of the research aim at studying 
the transformations that occur in solid state. Such analysis were performed using 
cylindrical samples produced with SLM technique using the optimized parameters. 
Samples with both parallel and perpendicular axis to the building direction were 
produced. They will be referred in the follow as vertical and horizontal samples, 
respectively. Three vertical samples were analyzed in the as built state by setting 
the heating rates at 20°C/min for the first two samples and at 5°C/min for the third. 
The comparison between the analysis performed with a heating rate of 20°C/min 
was done to verify the reproducibility. Furthermore, three horizontal samples were 
also analyzed at the as built state by setting the heating rates at 5°C/min, 10°C/min 
and 20°C/min, respectively, in order to evaluate the influence of the heating rate on 
the detected signal. The temperature trends during the DSC analysis with set heating 
rates at 5°C/min, 10°C/min and 20°C/min are shown in figure 2.18. 

Further DSC analyses were performed for the preliminary study of the thermal 
treatment and the aging response of the material (paragraph 2.4). To the latter 
purpose, vertical samples solutioned and then air quenched at the following 
conditions were used: 980°C for 2 and 8 hours, 1065°C for 2 and 8 hours. A fixed 
heating rate of 20°C/min was used for the analysis of the solutioned samples. As 
for the cooling rate, all the above mentioned DSC analyses were performed at about 
20°C/min, as this parameters was not investigated. 

2.8.2 TMA 

TMA technique allows to measure the coefficient of thermal expansion (CTE) 
of the material as a function of temperature (T). When a phase transformation 
occurs with an expansion or a contraction, a peak or a valley is detected in the CTE 
vs T curve, respectively. The formation of precipitates in the matrix causes a 
reduction of the solute content dissolved in the solid solution, this in turn causes a 
reduction of the reticular distortion. Therefore, the precipitation of second phases 
occurs with a general contraction of the sample. Conversely, the dissolution of 
precipitates increases the solute content in solid solution with consequent increase 
of the reticular distortion, therefore the sample slightly expands. 

A TMA-SETSYS Evolution Setaram instrument was used to perform all the 
TMA analyses in an Argon flow of 50 ml/min. Parallelepiped samples were 
produced by SLM technique, using the optimized parameters, for the TMA 
analyses. Both vertical samples, whose measured side during the TMA ramp is 
parallel to their building direction, and horizontal ones, whose measured side is 
perpendicular to their building direction, were used. Two vertical samples were 
analyzed in the as built state by setting the heating rate at 5°C/min and 20°C/min, 
respectively. Two as built horizontal samples were also analyzed with a heating rate 
of 5°C/min and 20°C/min, respectively. The temperature trends measured during 
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the TMA analysis with set heating rates at 5°C/min and 20°C/min are shown in 
figure 2.18. 

In support to the results obtained with the DSC technique, further TMA 
analyses were performed on two vertical samples previously submitted to solution 
annealing at 980°C for 8 hours and at 1065°C for 8 hours, respectively, and 
quenched in air. As for the DSC tests, a fixed heating rate of 20°C/min were adopted 
for the analysis of solutioned samples. 

 
Figure 2.18. Thermic ramps measured during DSC and TMA analysis at different set heating rates. 

2.9 XRD analysis 

The X-Ray Diffraction (XRD) analysis was used to collect information on the 
phases constitution in the samples aged at the characteristic temperatures 
(paragraph 2.4.2) in support to the results obtained with the thermal analysis. An 
X-Pert Philips diffractometer was used for such characterization using the Cu-K 
radiation, a voltage of 40 kV and an anode current of 40 mA being applied. The 
XRD analyses were carried out by performing a scan between 30° and 100° with a 
step size of 0.013° and with an exposure time of 25 s in Bragg-Brentano 
configuration. During the scan, a signal peak is revealed whenever the conditions 
of constructive interference between the beams reflected by the families of lattice 
planes are realized, i.e. when the Bragg equation is satisfied: 
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𝑛𝜆 = 2𝑑 sin 𝜃 eq. 2.10 
 
where n is an integer number called diffraction order, 𝜆 is the wavelength of 

the incident radiation, d is the inter-planar distance of the lattice planes family that 
cause the diffraction and 𝜃 is the angle at which the diffraction is realized. The 
diffraction peaks allow to identify the present phases in the analyzed samples, then 
the reticular parameter of them can be obtained through the Bragg equation. 

In this study, the Bragg equation was used to obtain the cell parameter of the  
matrix after the heat treatments listed in table 2.5. The  phase is identified by five 
characteristic XRD peaks; sometimes double peaks are recorded due to the presence 
of the K1 (𝜆 ≅ 0.1541 𝑛𝑚) and K2 (𝜆 ≅ 0.1544 𝑛𝑚) radiations in the incident 
beam. The peak due to K1 was used to calculate the cell parameter when a double 
peak was encountered, otherwise the average value of K was used (𝜆 ≅

0.1542 𝑛𝑚). The cell parameter was obtained by averaging the values obtained 
from the first 4 peaks (the fifth is usually too weak). 

2.10 Durometers 

2.10.1 Brinell tester 

The Brinell hardness was measured using an EMCO TEST M4U instrument. 
All the Brinell indentations reported in this thesis were obtained using a spherical 
indenter with a diameter D of 2-5 mm and imposing a normal load F and an 
indentation time of 62.5 kgf (F/D2 = 10) and 15 s, respectively. The Brinell tester 
was used to evaluate the mechanical properties of the samples of the 33 factorial 
plane during the study on the effects of the SLM process parameters (paragraph 
2.3). Five indentations were performed for each of these samples. 

Brinell hardness measurements were also collected during the study on the heat 
treatment cycle: five indentations were performed on each solutioned samples in 
table 2.4, four indentations were performed on each sample previously submitted 
to solution annealing and first aging (table 2.6) and each sample submitted to the 
complete heat treatment cycle (table 2.8). As for samples listed in table 2.7, three 
Brinell indentations were performed on the those submitted to prolonged solution 
annealing for 8 hours and four indentations on those aged at 760 °C. 

2.10.2 Vickers microhardness tester 

The Vickers microhardness was measured using a Tester VMHT with Leica 
Camera. All the indentations reported in this thesis were obtained using a normal 
load of 100 gf applied for 15 seconds. The Vickers microhardness of the solutioned 
samples listed in table 2.3 was evaluated through ten indentations per sample and it 
was put in correlation with the volume fraction of precipitates obtained with the 
image analysis of the FESEM micrographs (paragraph 2.7.3). 
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Vickers microhardness measurements were also collected in support to the 
Brinell ones during the study for the definition of the heat treatment, in particular 
ten microindentations were performed on each solutioned sample in table 2.4 and 
five microindentations on each of the aged samples listed in table 2.7 and doubled 
aged samples listed in table 2.8. 

Finally, the Vickers microhardness of the samples treated at the characteristic 
temperatures (table 2.5) was measured through a total of ten microindentations for 
each sample and the obtained results were used together with the XRD and FESEM 
analysis to infer information about the microstructure. The microhardness 
modification after the aging treatment was evaluated by comparing the above data 
with other Vickers measurements collected on a sample in the as built state and on 
a sample solutioned at 1065°C for 2 hours in the same treatment conditions of the 
samples listed in table 2.5. A total of 14 and 10 microindentations were performed 
on the as built and the solutioned samples, respectively. 

 





 

Chapter 3 

Features and microstructure of 
SLM Inconel 718 alloy 

3.1 Study on the SLM parameters process 

The first part of the study has the aim to evaluate the influence of the main 
parameters of the SLM process on the quality of the produced material. Part of this 
investigation has been previously published in [186]. The process parameters taken 
into consideration for this study are the laser power (P), the scan speed (v) and the 
hatching distance (hd). The response of the material at each combination of these 
parameters is evaluated using two quality indicators: porosity and Brinell hardness. 
An estimation of the porosity level in the material is evaluated through apparent 
density measurements with the Archimede’s method and image analysis of optical 

micrographs. The measured apparent densities of each sample are reported in figure 
3.1 (see table 2.2 for the SLM process parameters associated at each sample). 

 
Figure 3.1. Apparent density measurements of the SLM samples produced for each set of process 

parameters combination in comparison with the theoretical density values. Data published in 
[186]. 
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It is possible to observe that all the tested samples are near full dense and that 
the process parameters have not a clear effect on the apparent density of the material 
in the considered ranges. In general, the presence of small and uniformly distributed 
pores from 5 to 10 m in size is observable in figure 3.2 (some examples of them 
are marked with blue ellipses). Some larger and usually round shaped pores of 20-
30 m (like the one marked with the red ellipse in figure 3.2) are detectable in the 
collected optical images. 

 
Figure 3.2. Optical micrograph of sample n.18 (P = 185 W, v = 900 mm/s, hd = 0.09 mm) as 

example of the general porosity condition of the SLM samples with presence of small pores (blue 
ellipses) and some bigger rounded pores (red ellipse). 

The porosities ranges obtained for each tested sample through image analysis 
are reported in figure 3.3. The results of this analysis confirm that the porosity level 
of all the sample is very low on average (< 0.25% apart samples n.4 and n.11). Not 
evident influence of the SLM process parameters on the overall porosity level can 
be deduced from the plot in figure 3.3. However, a careful inspection of the 
collected micrographs reveals that the sample obtained with the lower scan speed 
(v = 600 mm/s) tend to have some bigger spherical porosities (red ellipses in figure 
3.4-A), probably due to trapped gas. A low scan speed determines a high absorbed 
energy, which in turn can actually cause partial vaporization of the molten pool 
leading to the formation of porosities due to the entrapment of the formed vapor. 
Nevertheless, sample n.22, that is the only one out of those obtained with a scan 
speed of 600 mm/s that was fabricated applying a low VED, don’t exhibit a large 

number of gas porosities. Therefore, the low value of laser power and the high 
hatching distance allow to prevent the formation of bubbles even when v is low. 



3.1 Study on the SLM parameters process 103 

 
Figure 3.3. Porosity area fraction ranges obtained on the SLM samples produced for each set of 

process parameters combination. Data published in [186]. 

On the sample n.11, the revealed porosity is comparable to the general one 
shown in figure 3.2, however there are some zones, especially near the edges, 
characterized by an anomalous density of pores (figure 3.4-B). This sample is 
associated to the highest VED value between the ones obtained with a scan speed 
higher than 600 mm/s. According to the present analysis such conditions lead to an 
unstable consolidation process and, as a consequence, they should be avoided. 

  
Figure 3.4. Sample n.15 (P = 175 W, v = 600 mm/s, hd = 0.07 mm) as example of the porosity 

condition (red ellipses indicate gas porosities) in most of the samples obtained with v = 600 mm/s 
(A) and sample n.11 (P = 195 W, v = 900 mm/s, hd = 0.07 mm) obtained with the highest VED 

between the samples produced with v > 600 mm/s (B). 

On sample n.4, associated to the lower VED value applied, the porosity level is 
the highest found. A large number of big voids, mainly irregularly shaped and 
probably caused by lack of fusion, are present on this sample (some examples of 
them are marked with red ellipses in figure 3.5-A). This kind of porosity can also 
be observed on sample n.16, but with a much lower frequency. With respect to 
sample n.4, the number 16 is fabricated at the same scan speed and hatching 
distance, but with a higher laser power (195 W). This reduces drastically the 
problem of lack of fusion (figure 3.5-B). 
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Figure 3.5. Sample n.4 (P = 175 W, v = 1200 mm/s, hd = 0.11 mm) obtained with the smallest 
VED value (A) and sample n.16 (P = 195 W, v = 1200 mm/s, hd = 0.11 mm) obtained with a 

higher value of laser power (B). The red ellipses indicate some lack of fusion voids. 

In general, abnormal porosity is not found on samples obtained with 
intermediate VED values. 

As far as the Brinell hardness is concerned, all the collected mean values fall 
between 250 ± 3 HB10 (sample n.12, obtained with P = 185 W, v = 600 mm/s and 
hd = 0.07 mm) and 266 ± 3 HB10 (sample n.5, obtained with P = 175 W, v = 1200 
mm/s and hd = 0.07 mm). The sample produced by adopting the EOS recommended 
parameters has a mean Brinell hardness of 264 ± 9 HB10, very close to the highest 
measurement. 

The main effects of the SLM process parameters and of the second order 
interactions between them on the Brinell hardness are shown in the plots reported 
in figure 3.6. 

 
Figure 3.6. Main and interaction effects of the SLM process parameters on the Brinell hardness of 

Inconel 718 alloy. Data published in [186]. 

Porosity can affect the hardness, however the observed correlation between the 
collected data is weak because also concur to this property, for example the 
microstructure and the development of second phases. Table 3.1 contains the 
ANOVA treatment relative to the hardness of the tested samples. Linear model 
based ANOVA is probably not very suitable for describing complex nonlinear 
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phenomena involved in the SLM process that can influence the final hardness. 
However, some rules of thumb can be derived from this analysis: 

• v is the parameter that mostly affects the hardness, which decreases when v 
is lower in the analysed range; this is probably again related to the 
development of gas porosities, as noted on samples produced with v equal 
to 600 mm/s; 

• higher hardness is obtained at higher v and lower values of hd, the latter 
parameter being effective in reducing the risk to develop voids due to lack 
of fusion; 

• it’s better to adopt a higher value of hd when a high P is used and, 

conversely, a lower value of hd leads to higher hardness when P is lower, 
the balance between these two parameters allows to obtain an intermediate 
value of VED and prevents the formation of abnormal porosity; 

• intermediate value of P leads to lower hardness, especially if a low scan 
speed is adopted. 

Table 3.1. Analysis of Variance (ANOVA) on the dataset made by 5 Brinell hardness 
measurements for each sample of the 33 factorial plane with the main effects of P, v and hd and 

their interactions until the second order. DOF: degrees of freedom; SS: sum of squares; MS: mean 
squares; F: F-ratio. 

The optical micrographs of the samples at the vertices of the factorial plane 
showing the microstructure revealed after etching with Kalling’s solution are 
reported in figures 3.7 and 3.8. The segregation between laser tracks and at grain 
boundaries appears more intense when the higher value of v is adopted, probably 
because it determines a faster cooling rate during solidification. Furthermore, some 
voids between laser tracks are visible on the sample produced with the lower VED 
value (P = 175 W, v = 1200 mm/s, hd = 0.11 mm). 

 DOF SS MS F p-value 

Main effects      

P 2 189.26 94.63 5.66 0.0045 

V 2 938.86 469.43 28.08 < 0.0001 

Hd 2 22.68 11.34 0.68 0.5094 

Second order interactions      

P*v 4 339.32 84.83 5.07 0.0008 

P*hd 4 235.90 58.97 3.53 0.0094 

v*hd 4 380.30 95.07 5.69 0.0003 

Residuals 116 1938.99 16.72   
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Figure 3.7. Micrographs on the horizontal plane of the samples produced with v = 600 mm/s. The 

red ellipses indicate gas porosities and other defects. Kalling's n.2 etchant. 

No further differences in the general microstructural features which could be 
clearly ascribed to the modulation of the SLM process parameters are detectable at 
this inspection length scale. 

 

  
Figure 3.8. Micrographs on the horizontal plane of the samples produced with v = 1200 mm/s. The 

red ellipses indicate some lack of fusion voids between laser tracks. Kalling's n.2 etchant. 

The above reported results demonstrate that the production of Inconel 718 
through SLM process has a high robustness around the EOS recommended 
parameters. Near full dense material can be obtained without abrupt changes in 
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residual porosity level with a limited modification of the main process parameters. 
This is especially true if extreme value of VED are avoided. Even the Brinell 
hardness is only slightly affected by parameters values, although in this case some 
marked effects were detected, especially due to modulation of the scan speed. For 
these reasons, samples for all the following characterizations reported in this thesis 
were fabricated through SLM process parameters recommended by EOS, that also 
according to our investigation were confirmed to be the optimal ones for 
densification purpose. 

3.2 As built microstructure features 

After SLM production, Inconel 718 alloy is characterized by a very 
heterogeneous and complex microstructure which derives from the particular 
manufacturing conditions. In the following paragraphs, the main microstructural 
features of the as built material and the interactions between them are presented 
through the use of different characterization techniques, i.e. optical microscopy, 
EBSD analysis, SEM and TEM microscopy and EDS analysis. Part of the work 
concerning the characterization of the alloy at the as built state has been previously 
published in [186]. The relationship between process conditions and such 
microstructural features are also discussed. 

3.2.1 Grains and laser related boundaries 

Due to the directional asymmetry of the SLM process, the microstructural 
aspect of the as built material appears different on the horizontal and vertical cross 
sections. In the optical micrograph of figure 3.9, taken on the horizontal plane of an 
as built sample, nearly perpendicular to the building direction, parallel structures of 
laser tracks are clearly visible after electrochemical etching. The directions of the 
laser tracks are a consequence of the adopted scanning strategy using 67° rotation 
at each layer, that allows to reduce the microstructural anisotropy on the horizontal 
plane arising from the parallel laser scans. 
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Figure 3.9. Optical micrograph of the horizontal plane of the SLM as built material showing the 

typical laser tracks. Electrochemical etching. 

The optical micrographs of figure 3.10 were collected on the horizontal plane 
after chemical etching with Kalling’s solution. It is possible to note that the grain 

structure is better revealed by using this etching. Although the grain size on the 
horizontal plane has the same order of magnitude of the width of the laser tracks, 
the grains appear not strictly constrained by them. In fact, it is possible to observe 
that some grains were able to develop across two laser tracks. This feature is a first 
indication of the occurring of the epitaxial growth during the solidification of the 
molten pools, which allows to the partially melted grains in the zone of overlapping 
between consecutive laser scan lines to grow beyond the border of the laser track 
in which it was formed. 
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Figure 3.10. Optical micrographs collected on the horizontal plane of the as built sample showing 

the grain boundaries, the laser tracks boundaries and the sub-granular structure. Kalling's n.2 
etchant. 

The optical micrographs in figure 3.11 show the general aspect of the as built 
material on the vertical plane, i.e. nearly parallel to the building direction of the 
sample. After etching, the laser related boundaries between the arc shaped melt 
pools become visible. Similarly to what observed on the horizontal plane, the grains 
are not constrained by the single powder layer thickness and by the boundaries 
between the melt pools. In fact, the grains assume an elongated shape with their 
major axis oriented along the building direction and can develop across several melt 
pools during consecutive depositions. 

These observations confirm that, at each laser pass, the released heat causes the 
partial remelting of the grains grown at the previous pass. After this the 
solidification of the molten pool occurs through epitaxial growth of these grains. 
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Figure 3.11. Optical micrographs collected on the vertical plane of the as built sample showing the 
melt pool boundaries (A), the grains crossing the deposited layers and the sub-granular columnar 

dendrites (B). Kalling's n.2 etchant. 

3.2.2 Grain morphology and crystallographic texture 

The grain maps obtained through EBSD analysis on both the horizontal and 
vertical plane of the built sample are shown in figure 3.12. The low-angle 
boundaries, defined as the boundaries with a maximum mis-orientation angle 
ranging between 10° and 4°, are shown in the maps of figure 3.12 as lighter blue 
lines. On the other hand, the high-angle boundaries, with a mis-orientation angle of 
at least 10°, are marked in dark blue. The grains are here defined as the regions that 
are completely delimited by high-angle boundaries. Some of the largest grains are 
composed by sub-grain domains which are delimited also by low-angle boundaries. 
These domains are depicted in figure 3.12 using different color shades. It’s possible 

to observe that some grains contain up to 11 or even more sub-granular domains. 
On the horizontal plane, the grains have substantially equiaxed morphology. In 

the analyzed area, the mean grain size, expressed as equivalent diameter, is equals 
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to 11 m (only the grains that don’t touch the edges of the area are considered in 

this statistic). However, the dispersion on grain sizes is very high (standard 
deviation: 9 m) and large grains of 30-50 m are also present. 

In agreement to what observed from the optical micrographs of figure 3.11, the 
grain map obtained along the vertical plane shows that grains have mostly an 
elongated shape with their longer axis oriented parallel to the building direction of 
the part. The calculated average values of the major axis of the grains is 28.5 m, 
however a high heterogeneity on the grain size can also be note along the vertical 
plane (standard deviation: 29.5 m) with the presence of grains up to 180 m along 
the major axis. The ratio between the major and the minor axes of the grains 
detected on the vertical plane has an average value, weighted on the grain sizes, 
equal to 5.4. 

Laser related boundaries are not evidenced by the grain maps because, as 
already pointed out, the crystallographic orientation of the grains is independent 
from the laser scan lines and the deposited layers due to the occurring of epitaxial 
growth. For this reason, the longer grains can cross up to ten deposited layers 
leading to a good metallurgical bonding between them. 

 
Figure 3.12. Grain maps obtained through EBSD analysis of the as built material on the horizontal 
plane (A) and vertical plane (B). The grains, defined here as the regions completely delimited by 
high-angle boundaries, are shown in the maps on the left. In the maps on the right, different color 
shades are used for indicating the sub-grain domains, the high-angle boundaries (mis-orientation 
of at least 10°) are marked in dark blue and the low-angle boundaries (maximum mis-orientation 

angle between 10° and 4°) are marked in lighter blue. First published in [186]. 
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The mean crystallographic orientation of each grain in the maps of figure 3.12 
is shown through the {100}, {110} and {111} pole figures obtained on the 
horizontal plane (figure 3.13) and the vertical plane (figure 3.14), respectively. In 
these figures, the big squares represent the mean orientation of the detected grains 
with respect to the sample coordinates system. On the contrary, the small circles 
indicate the mean crystallographic orientation of the respective sub-granular 
domains. 

For comparison, simulated pole figures representing the same number of grains 
detected on the horizontal plane, but with random orientation, are also reported in 
figure 3.13. The target of such comparison is to show the aspect of the pole figures 
if no crystallographic texture would be present. 

 
Figure 3.13. Experimental pole figures relative to the EBSD analysis on the horizontal plane, each 

colored square represent the mean orientation of the respective grain of figure 3.12-A respect to 
the sample coordinate system. The small circles represent the mean orientation of the sub-granular 

domains. Simulated pole figures for a material without preferential orientation with the same 
number of grains are also reported. First published in [186]. 

This analysis clearly demonstrates that the SLM built material has a strong 
preferential orientation of the {100} lattice planes along the building direction with 
respect to a material with a random crystallographic orientation. 
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Figure 3.14. Experimental pole figures relative to the EBSD analysis on the vertical plane, each 
colored square represent the mean orientation of the respective grain of figure 3.12-B respect to 

the sample coordinate system. The small circles represent the mean orientation of the sub-granular 
domains. First published in [186]. 

The crystallographic texture can also be assessed from the Inverse Pole Figure 
(IPF) charts. In the following discussion, the axis of the sample coordinates system 
that is parallel to the building direction of the sample will be referred as R1 axis. 
Instead, the other two axes will be referred as R2 and R3. It is worthwhile to note 
that the building direction is represented by Z axis in figures related to samples 
analyzed on the horizontal plane and by Y axis in figures related to samples 
analyzed on the vertical plane,  

In the IPF chart relative to the R1 axis of figure 3.15, the density of the points 
collected on the horizontal plane increase near the [001] vertex of the standard 
triangle. Instead, the density of the points decreases near the [111] vertex of the IPF 
charts relative of both the R2 and R3 axes. A similar distribution of the points was 
obtained on the vertical plane. 

 
Figure 3.15. Inverse Pole Figure (IPF) charts relative to the three axes on both the horizontal and 

vertical planes. First published in [186]. 



114 Features and microstructure of SLM Inconel 718 alloy 

These distributions of the points can be understood by observing the path 
followed by the representative point of the orientation of a cubic cell on the IPF 
charts during the rotation of this cell around its [001] axis. When the rotation axis 
has a small inclination with respect to the R1 axis of the sample coordinate system, 
the followed path is similar to the ones shown in figure 3.16 as examples. Actually, 
each of these paths describes a 90 degrees rotation of the cell around its [001] axis, 
that corresponds to a continuous variation of the  Euler angle, during which both 
the  and  angles are kept to a fixed value. The paths of figure 3.16 are referred to 
the horizontal plane, in which the  angle represents the inclination of the [001] axis 
respect the building direction (i.e. the R1 axis). Similar paths are also followed in 
the vertical plane. 

The example paths of figure 3.16 show that, whenever the angle  is low and 
the other Euler angles don’t assume preferential values, the points of the IPF charts 

are disposed along an arch near the [100] vertex of the standard triangle relative to 
the R1 axis and, in the meanwhile, they cover the region of the triangle opposite to 
the [111] vertex on the IPF charts relative to both the R2 and R3 axes. This is, 
precisely, the situation experimentally found and reported in figure 3.15, which 
therefore denotes both a preferential orientation of the <100> type axes along the 
building direction and a uniform random orientation with respect to the other 
dimensions. 

 
Figure 3.16. Paths of the representative point on the IPF charts during the rotation of a crystal 

around the [001] direction oriented at a low angle to the building direction (R1 axis). This example 
is referred to the horizontal plane, the paths relative to the vertical plane are analogous. 

An intuitive representation of the <100> crystallographic texture of the as built 
material is given by the IPF maps (figure 3.17) of the horizontal plane and the 
vertical plane. These maps allow to visualize the crystallographic orientation of 
each grain detected with the EBSD analysis. A map with balanced color tones 
denotes an isotropic orientation respect to the reference axis of the map, instead 
crystallographic a texture is visible as a more uniform colored map. From the IPF 
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maps relative to the R1 axis on both the horizontal and vertical planes, it is possible 
to observe that most of the detected grains has a <100> crystallographic axis nearly 
oriented along the building direction. Conversely, the other IPF maps don’t reveal 

a similar texture, as it was expected because the material is substantially isotropic 
along the other spatial directions as already pointed out in previous discussion. 

 
Figure 3.17. IPF maps on both the Horizontal plane (H. p.) and the vertical plane (V. p.) relative to 

the three axes. The IPF-Z maps have been previously published in [186]. 

3.2.3 Sub-granular structure 

Higher resolution EBSD analysis were also carried out on shorter areas in order 
to reveal an eventual sub-granular structure. The results of these analysis are 
reported in figures 3.18 and 3.19 as IPF maps. On the horizontal plane it is possible 
to note the prevalence of grains with a <100> texture along the build direction as 
already discussed in the previous paragraph, but no new noteworthy features are 
visible. On the contrary the high resolution EBSD analysis on the vertical plane 
reveals an interesting intragranular structure, in fact it is possible to distinguish 
distinct regions with a slight mis-orientation (1-2°) inside the central grain. These 
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features indicate a zig-zag growth characterized by abrupt change of 90° in the 
growth direction. 

 

   
Figure 3.18. Argus image and higher resolution IPF maps on the horizontal plane of the areas 

marked by the green box. First published in [186]. 

Furthermore, a columnar intragranular structure (marked by the circle in figure 
3.19) oriented along the growth direction can be note on the Z axis IPF map. 

 

   
Figure 3.19. Argus image and higher resolution IPF maps on the vertical plane of the areas marked 
by the green box. Note the zig-zag features of the slightly mis-oriented intragranular zones and the 

columnar intragranular structure (black circle in the IPF-Z map). First published in [186]. 
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These structures, which can be observed also from the optical micrographs of 
figures 3.10 and 3.11, are made by sets of parallel columnar dendrites, generally 
without secondary branches and with an arm spacing in the order of 1 m. The 
EBSD analysis shows that the sub-granular dendrites share the same 
crystallographic orientation, no mis-orientation, or a very small one, exists between 
them. 

The dendritic structure is shown in more detail with FESEM micrographs 
representative of the horizontal plane (figure 3.20) and of the vertical plane (figure 
3.21). 

 
Figure 3.20. FESEM micrograph of the horizontal plane showing the sub-granular dendrite 

structure. Sets of dendrites grown parallel and perpendicular to the Building Direction (BD) are 
visible. 

From these images, it is possible to note that, generally, the dendrites tend to 
develop aligned to the building direction of the sample. Therefore, on the horizontal 
plane most of the colonies of dendrites are cut along their transversal cross section 
and then the so called cellular microstructure can be observed (figure 3.20). 
However, it is also possible to find some exceptions to this general rule, that are 
regions in which the growth axis of the dendrites is not oriented along the building 
direction. An example of this is clearly visible in figure 3.20, where the lateral side 
of a set of dendrites can be observed on the horizontal plane. 
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Figure 3.21. FESEM micrographs of the vertical plane. Most of the columnar dendrites are parallel 

to the Building Direction (BD), but some changes in the growth direction are visible along the 
melt pool boundaries (an example is indicated by the ellipse in the higher magnification 

micrograph). 

The dendritic sub-granular structure is dependent from the laser related 
boundaries. Actually, it is possible to observe that abrupt changes of both the arm 
spacing and the growth direction of the columnar dendrites occurs in 
correspondence of some boundary between melt pool. Some examples of these 
abrupt changes are shown in the SEM micrographs of figures 3.22 and 3.23, 
collected on the vertical plane of the sample. The size of the dendrite tends to 
increase moving from the bottom of the melt pool toward the top of it, then it 
suddenly reduce when the boundaries between the next melt pool is crossed. This 
difference on the size is probably due to a variation of the cooling rate, which is 
very high at the bottom of the molten pool, where the material solidifies first, and 
decreases moving toward the top, where the last liquid solidifies. 
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Figure 3.22. FESEM micrograph of the vertical plane showing the abrupt change of the dendrite 

arm spacing across a melt pool boundary. 

The growth direction tends to be aligned with the building direction and it is 
generally maintained when a melt pool boundary is crossed near the center of the 
laser track. On the contrary it sometimes rotates by an angle of 90 degrees at laser 
track boundaries. The 90-degree rotation of the growth direction can also lead to a 
zig-zag growth of the grain as observed in the argus image of figure 3.19 and in the 
FESEM micrograph of figure 3.23. 

 
Figure 3.23. FESEM micrographs of the vertical plane showing the abrupt change of the dendrite 

arm spacing and growth direction (indicated by the arrows in the higher magnification 
micrograph) across a melt pool boundary. First published in [186]. 
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3.2.4 Sub-dendrite structure 

At the dendrite length scale, it is possible to observe the presence of second 
phases at the interdendritic boundaries that appear in bright contrast in the FESEM 
micrographs (figure 3.24). Such second phases are formed during the solidification 
in the SLM process and they can be classified in two categories: 1) small rounded 
precipitates of about 25-50 nm in size and 2) coarser precipitates of irregular shape 
of about 100-120 nm in size. The distribution of these precipitates is not uniform. 
Actually, relatively coarser and irregular ones (some examples are highlighted with 
brown ellipses in figure 3.24), are located predominantly at the triple points of 
contact between dendrites. Conversely, the rounded and finer precipitates, marked 
by green ellipses in figure 3.24, are located mostly near to dendrites boundaries and 
their density tends to decrease moving towards the core of the dendrites. 

   
Figure 3.24. FESEM micrographs of the horizontal plane on zones in which the dendrites grew 
parallel (A) and perpendicular (B) to the building direction. Green and brown ellipses indicate 
some rounded and smaller precipitates and coarser precipitates of irregular shape, respectively. 

The distribution of these second phases is not uniform throughout the material. 
Actually, isolated precipitates are formed in the internal zones of the laser tracks as 
reported in figure 3.20, whereas they tend to form a continuous network of second 
phases between the cells in the zones nearer the boundaries between laser tracks, as 
shown in the FESEM micrographs of figure 3.25. 
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Figure 3.25. FESEM micrographs of the horizontal plane showing the formation of a continuous 

intercellular network of second phases along the laser track boundaries. 

The two detected types of precipitates are also present on the vertical plane of 
the as built sample. In figure 3.26 it is possible to observe both the fine rounded 
precipitates (green ellipses), which are predominantly disposed near the edges of 
the dendrites, and the coarser precipitates (brown ellipses), which tend to assume 
an elongated shape and to dispose themselves long the interdendritic boundaries. 

 
Figure 3.26. FESEM micrograph of the vertical plane. Green and brown ellipses indicate some 

rounded and smaller precipitates and coarser precipitates of irregular shape, respectively. 
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Besides the above reported two types of precipitates, a further population of 
extremely fine precipitates, dispersed inside the core of the dendrites, has been 
detected on some samples in the as built state. An example of this is given in figure 
3.27, in which some of these small particles are highlighted by blue ellipses. 

 
Figure 3.27. FESEM micrographs of the horizontal plane in a zone in which very small particles 
(blue ellipses) precipitate in the core of the cells in addition to the other two kinds of precipitates 

(green and brown ellipses, see figures 3.24 and 3.26). First published in [194]. 

To further deepen the study of these features the structure of a single dendrite 
was analyzed by TEM. In figure 3.28, STEM images are reported showing the 
presence of a high density of dislocations which tend to accumulate at the edge of 
the dendrite and, in particular, around the interdendritic precipitates. 

 
Figure 3.28. STEM images at the dendrite length scale showing the dislocations around a 

interdendritic precipitate. First published in [186]. 
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The EDS line analysis along the width of the dendrite shows the distribution of 
the alloying elements at the length scale of a single dendrite. It is possible to observe 
that Nb and Ti and, to a lesser extent, Mo and Al tend to segregate at the 
interdendritic boundaries, instead the contents of Ni, Cr and Fe are higher in the 
core of the dendrite and decrease toward the boundaries. The point EDS analysis 
reported in figure 3.29 indicates that the detected precipitates are rich in Nb, Mo 
and Ti, and thus they form at the interdendritic boundaries where these elements 
tend to preferentially segregate. The elemental composition detected through EDS 
analysis of these precipitates, together with their morphology and disposition inside 
the dendrite, suggests that the small rounded precipitates are carbides rich in Nb 
and Ti, instead the coarser compounds of irregular shape are intermetallic Laves 
phases. 

 

 
Figure 3.29. EDS analysis: line analysis across the dendrite showing the microsegregation of the 

alloying elements, point analysis on the matrix (point 3) and on the precipitates (carbides, points 1 
and 4, and Laves, point 1). First published in [186]. 

The SAED patterns shown in figure 3.30 were collected respectively on the two 
side of the boundary between the dendrite and an interdendritic precipitate. 
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Figure 3.30. TEM image showing the matrix  phase (dark contrast, area 1) and an interdendritic 
precipitate (bright contrast, area 2). Selective Area Electron Diffraction (SAED) patterns taken 

along the [001] Zone Axis of the  phase. First published in [186]. 

The SAED pattern of area 1, got from the dendrite portion, clearly indicates the 
face centered cubic structure of the  matrix and the interplanar distances are very 
close to the theoretical values (equation 3.1): 

 
1

𝑑{200}
=

2

𝑎
≅ 5.56 1/𝑛𝑚 eq. 3.1 

 
Note that the {100} spots are systematically absent because of kinematic 

extinctions (equation 2.9). 
The interpretation of the SAED pattern of area 2 is more difficult. The figure is 

given by a superposition of different patterns, which indicates the presence of 
multiple phases at the interdendritic boundary. The cubic arrangement of spots 
circled in red in figure 3.31-A is equal to the one obtained from area 1, due to the  
phase, furthermore another phase is present which regular pattern of spots circled 
in green can be observed. 

It is possible to assume that area 2 is made of an eutectic Laves/ mixture 
formed at the end of the solidification. Laves is the most likely phase that can 
generate the observed SAED pattern as shown in the following part of this 
paragraph. No other phases commonly found in Inconel 718 alloy (paragraph 1.3.1) 
can be considered as suitable candidates because their crystallographic structure 
and lattice parameters [18] [178] are not compatible with the experimental SAED 
pattern. Some examples of SAED patterns of ', '' and  phases and MC carbides 
in Inconel 718 alloy are available for comparison [9] [50]. 

The arrangement of the spots circled in green in figure 3.31-A can be 
reproduced by translating the two parallelograms shown in figure 3.31-B; the 
resultant pattern contains some extra spots, marked with red crosses, which are not 
present in the experimental one. If these extra spots are added, the pattern coincides 
with the [11̅2] Zone Axis of the Laves hexagonal structure, as shown in figure 3.31-
C. 



3.2 As built microstructure features 125 

 

 
Figure 3.31. SAED pattern on area 2 of figure 3.30 showing the spots given by the  phase, circled 
in red, and the ones supposed to be due to the Laves phase, circled in green (A). Construction of 

the second pattern by translating the repetitive unit drawn in blue and extra spots marked with red 
crosses (B). Indexed calculated pattern at the [11̅2] Zone Axis of the Laves structure (C). 

The two measured distances between spots shown at figure 3.30 are consistent 
with the theoretical lattice parameters (equation 3.2): 

 
1

𝑑{330}
=

6

𝑎
≅ 12.37 1/𝑛𝑚  

1

𝑑{22̅2̅}
= √

16

3𝑎2 +
4

𝑐2 ≅ 5.39 1/𝑛𝑚 eq. 3.2 

 
The experimental pattern is given by strong spots rows with ℎ + 𝑘 = 3𝑁 and 

by weaker spots rows with ℎ + 𝑘 ≠ 3𝑁, where N is an integer and ℎ, 𝑘, 𝑙 are the 
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Miller’s indices of the lattice planes. In the strong rows, the spots with 𝑙 odd are 
absent, instead the spots with 𝑙 even are absent in the weaker rows. The observed 
systematic absences cannot be explained by the cancellation of the structure factor 
𝑆 in equation 2.6 calculated with the set of atoms in the unit cell of the Laves 
structure (shown in figure 1.4), but they could be caused by the interference of the 
waves scattered by crystalline domains deriving from the presence of extended 
defects as dislocations, twins and stacking faults. 

In particular, figure 3.32-B shows that a sequence of slips 𝑠 = (1 6⁄ )[223] on 
non-basal planes has the effect to introduce crystalline domains characterized by 
the follow displacement vectors 𝑫𝒎: 𝐷0 = (0,0,0), 𝐷1 = (1 3⁄ , 1 3⁄ , 1 2⁄ ), 𝐷2 =

(2 3⁄ , 2 3⁄ , 0), 𝐷3 = (0,0, 1 2⁄ ), 𝐷4 = (1 3⁄ , 1 3⁄ , 0), 𝐷5 = (2 3⁄ , 2 3⁄ , 1 2⁄ ), 
which determine the kinematic extinction of the spots with 𝑙 odd in the strong rows 
and of all the spots with ℎ + 𝑘 ≠ 3𝑁 because of the cancellation of the lattice factor 
𝐿 in equation 2.6. The modified lattice factor 𝐿′, which takes into account the phase 
difference between the waves scattered by crystalline domains, is given by equation 
3.3: 

 
𝐿′(𝑹) = ∑ 𝑒−2𝜋𝑖 𝑼′

𝒑∙𝑹
𝑝 = ∑ ∑ 𝑒−2𝜋𝑖 (𝑼𝒒+𝑫𝒎)∙𝑹5

𝑚=0𝑞 =  
= ∑ 𝑒−2𝜋𝑖 𝑼𝒒∙𝑹

𝑞 ∑ 𝑓𝑚𝑒−2𝜋𝑖 𝑫𝒎∙𝑹5
𝑚=0 = 𝐿(𝑹) ∙ 𝐶(𝑹) eq. 3.3 

 
where 𝑼′

𝒑 = 𝑼𝒒 + 𝑫𝒎 is the vector position of the p-th atom after the slip, as 
shown in figure 3.32-A; 𝐿 is the lattice factor when no defects are presents and 𝐶 is 
the corrective factor depending on the displacement vectors between the crystalline 
domains. 

The model shown in figure 3.32-B assumes the different kinds of crystalline 
domains to have the same volume, i.e. the same number of unit cells, however small 
deviations from this hypothesis can be tolerated because they cause the formation 
of spots with an intensity too low to be detected and which can be considered as 
practically absent. 

The detection of the spots with 𝑙 odd in the weaker rows can be explained by 
assuming the occurrence of slips 𝑠′ = (1 3⁄ )[110] in proper positions. Figure 3.32-
C shows, as an example, how a slips sequence like 𝑠′𝑠𝑠′𝑠𝑠𝑠 has the effect to 
generate a pattern qualitatively equal to that obtained experimentally due to the 
introduction of the new displacement vectors 𝐷′1 = (1 3⁄ , 1 3⁄ , 0) and 𝐷′2 =

(2 3⁄ , 2 3⁄ , 1 2⁄ ). 
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Figure 3.32. Scheme of the domain boundary along a slip and respective displacement vector 𝑫𝒎 

(A). Domains formed by a sequence of 𝑠 slips (B) and by a slips sequence 𝑠′𝑠𝑠′𝑠𝑠𝑠 (C). The 
configuration in B causes the kinematic extinction of the spots with 𝑙 odd in the strong rows and of 

all the spots with ℎ + 𝑘 ≠ 3𝑁; the configuration in C restore the weaker spots. 

The presence of the 𝑠 and 𝑠′ slips can be explained by the deformation caused 
by the stresses developed during the SLM process. Further research is required to 
investigate the arrangement of the crystal defects and fully clarify the reason of the 
observed systematic absences; however this would be beyond the scope of this 
thesis. The above discussion and the proposed solution have just the aim to 
demonstrate that the recorded SAED pattern can in principle be generated by the 
hexagonal Laves phase structure. 

3.2.5 Origin of the as built microstructural features  

The microstructural features observed at different length scale in the as built 
material are caused by the particular manufacturing conditions that are established 
during the SLM process. The high microstructural heterogeneity of the as built state 
is due to the several solidification steps that characterize the construction of the 
product. The laser passage causes the local fusion of the powder bed, but the 
penetration of the beam is sufficient to partially melt also the underlying material, 
formed during the deposition of the previous layer, and to thermally re-treat few 
layers below the melt ones. The molten pools, that are generated during the laser 
scans, are rapidly cooled down and the heat adsorbed from the laser beam is 
transferred to the environment and the substrate below through conduction, 
convection and radiation [200]. The evolution of the temperature field in the molten 
pool is extremely complex and characterized by high thermal gradients and cooling 
rates [201] [202] [203], which in turns affect the solidification of the alloy. 
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Therefore, the resulting microstructure can vary between different zones depending 
on the established local cooling conditions. 

On the base of the observations reported in the previous paragraphs, it is 
possible to state that the solidification occurs mainly through the follow two 
mechanisms: 

• heterogeneous nucleation of new grains at the solid/liquid interface; 
• epitaxial growth of the partially re-melted grains under the molten pool. 

The epitaxial growth allows the grains to maintain their crystallographic 
orientation during several steps of melting and re-solidification. Therefore, the 
grains are not constrained by the thickness of a single powder layer, but they can 
develop through a large number of layers as assessed both with optical microscope 
(figure 3.11) and EBSD analysis (figure 3.12-B). 

The strong crystallographic texture detected through EBSD analysis (figures 
3.13, 3.14 and 3.15) is due to the growth of crystals that belong to the cubic lattice 
systems is faster along the <100> crystallographic directions. Because of this 
asymmetry in the crystallographic direction, the orientation of the grains has an 
influence on the growth speed of them: the lower the misalignment angle between 
the <100> axis of the crystal the local thermal gradient, the faster is the growth of 
the crystal along the direction of the gradient. Therefore, a competitive growth 
occurs during the solidification of each molten pool [204], in which more favorably 
oriented grains prevail on the others. 

If at the solid/liquid interface there are some favored oriented grains, the 
solidification of the liquid volume of the molten pool occurs predominantly by 
epitaxial growth of them. Conversely, if at the solidification front there are not 
favored oriented grains, then new grains with random orientation can form through 
the heterogeneous nucleation process, however only the grains which are nucleated 
with a favored orientation can further develop. 

At the length scale of 10-5-10-6 m, it is possible to observe that the grain growth 
occurs by destabilization of the planar front of solidification and consequent 
formation and advancement of columnar dendrites without secondary branches. 
The dendrite formation is due to the thermal gradients in the molten pool, that lead 
to constitutional undercooled liquid ahead the dendrite tips, and the high 
solidification velocity (see paragraph 1.3.2.2). The dendrites that are originated 
from the same grain have virtually the same crystallographic orientation, however 
a small mis-orientation angle between sub-granular dendrites (< 2°) is reported by 
Divya et al. [169] for SLM CM247LC Ni alloy and by Chlebus et al. [175] and Choi 
et al. [154] for SLM Inconel 718 alloy. The greatest resolution used for the EBSD 
analysis in this study, i.e. 0.71 m/pixel, is not sufficient to detect mis-orientation 
at the length scale of the dendrites, however the EBSD analysis has revealed the 
presence of sub-granular domains delimited by low-angle boundaries inside the 
largest grains. Unlike the material obtained with conventional cast and wrought 
processes, the grains obtained through SLM technique have not a well-defined and 
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uniform crystallographic orientation, but rather an orientation gradient can form 
inside them due to the slight mis-orientation between the sub-granular dendrites. It 
is possible to suppose that the sub-granular domains shown in figure 3.12 form 
because of an atoms rearrangement that allow the reduction of the mis-orientation 
energy related to the orientation gradient. This rearrangement process is probably 
activated by the repeated thermal cycles at which each layer is subjected during the 
deposition of the following ones. 

Slightly mis-oriented intragranular zones are also visible at figure 3.19, 
revealing the effective presence of a sub-granular structure, made by slightly mis-
oriented colonies of dendrites, that develops following a zig-zag path with abrupt 
variation in the growth direction of 90 degrees. A systematic zig-zag growth with 
90 degrees angles is reported also in other studies [165] [166] [204] in which a 
powder injection technology is adopted and the scan direction is alternated at each 
deposition of a new layer. This occurs because the direction of the horizontal 
component of the thermal fluxes in the molten pool to inverted at each layer. Even 
Deng et al. observed a rotation of 90° of the growth direction of the dendrite across 
the melt pool boundaries without a change in the crystallographic orientation in an 
Inconel 718 alloy produced through SLM [160]. 

In the present work, the zig-zag growth of the dendrites is only occasionally 
observed due to the scan strategy used to make the samples, that includes a rotation 
of 67° of the scan direction at each layer and prevents periodic repetitions of the 
direction of the thermal gradients between successive depositions. This allows to 
obtain a greater isotropy on the horizontal plane, where no crystallographic texture 
was revealed. Conversely, a <101> crystallographic texture can originate on the 
horizontal plane if the rotation of the scan direction is not applied [154] [205]. 

On a macroscopic scale, the thermal fluxes are aligned on average along the 
building direction during the SLM process. This determines the elongated shape of 
the grains on the vertical plane. However, at the length scale of the molten pools, 
the local thermal gradients can be highly complex because they depend on the 
adopted process parameters and scan strategy and they are influenced by liquid 
fluxes due to convective phenomena and the Marangoni effect, deriving from a 
surface tension gradient due to the temperature gradient in the molten pool [141] 
[206]. As a first approximation, it is possible to consider the thermal fluxes as 
aligned along the direction normal to the arc shaped solidification front [151] [204] 
[207]. 

The dendrites which have a favored crystallographic orientation, that means 
one of the <100> axis oriented at a low angle respect to the local heat flux, can grow 
more quickly and so prevail against the ones not favorably oriented [208]. 
Therefore, whenever a new molten pool is formed during the SLM process, the 
partially melted dendrites can evolve by following one of these three possibilities, 
schematically illustrated in figure 3.33: 

1. if the <100> axes, along which the growth of the dendrite has occurred 
during the previous layer deposition, is still aligned along the local thermal 
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flux that establishes at the solidification front, then the dendrite can grow 
again along the same direction (e.g. like in figure 3.22); 

2. if the local thermal gradient is not aligned to any <100> axis, the growth of 
the dendrite is stopped and the solidification can occur through the growth 
of other favored oriented dendrites or in alternative, in absence of any 
favorably oriented dendrites, through the heterogeneous nucleation of new 
grains at the solid/liquid interface and the selection of the ones with a 
favored crystallographic orientation; 

3. if the <100> axes, along which the growth of the dendrite has occurred 
during previous layer deposition, is no more favorably oriented with respect 
to the local thermal flux, but one of the other two <100> axis of the system 
is aligned to it, then the growth direction of the dendrite changes through a 
90° degrees angle rotation (e.g. like in figure 3.23). 

The arm spacing of the dendrites is related to the cooling rate. In this study, the 
observed mean arm spacing is very small, in the order of 0.5-1 m, and it is 
comparable to what is generally reported in the literature [139] [140] [142] [156] 
[159] [173] [183]. In other works [158] [177] [179], where higher laser power and 
lower scan speed are adopted, larger arm spacings, from 2 to about 20 m, are 
obtained. 

The micrograph collected on the vertical plane demonstrate that the cooling rate 
is not constant during the solidification of the molten pool. In fact, the dendrite size 
tends to be lower at the base of the melt pool, where the solidification occurred with 
a high cooling rate, and to increase moving toward the upper portion of the melt 
pool because of the gradual reduction of the cooling rate. Abrupt variations in the 
dendrite growth direction and arm spacing in the laser overlapping regions are also 
reported by Mostafa et al. [178]. The change of the dendrite size across a melt pool 
boundary is also shown in the paper of Wan et al. [151]. 

 
Figure 3.33. Scheme illustrating the possible ways in which the solidification of a new melt pool 
can occur depending on the crystallographic orientation of the dendrites with respect to the local 

thermal fluxes (orange arrows). 
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The microsegregation of the alloying elements and the presence of carbides and 
Laves phases at the interdendritic boundaries can be explained by considering the 
solidification path followed by Inconel 718 alloy in conditions of rapid cooling 
determined by Knorovsky and discussed at paragraph 1.3.2.3. Solidification 
proceeds through the advancement of the austenitic  phase dendrites, during which 
the remaining liquid between the growing dendrites is progressively enriched in 
those elements having a partition coefficients k lower than 1 (table 1.6), i.e. Nb, Ti, 
Mo and Al, in accordance to what obtained with the line EDS analysis of figure 
3.29. In particular, Nb is strongly segregated because of its very low k coefficient 
and its large atomic radius, that leads to a low diffusivity in the  phase that prevents 
redistribution through solid state diffusion. 

The rejection of the alloying elements with k < 1 in the liquid keep going until 
carbides start to form near the interdendritic boundaries through the binary eutectic 
reaction L → L +  + carbides. The solidification terminates with the binary eutectic 
reaction L →  + Laves, which take place at the triple points of contact between 
dendrites where the last remaining liquid is concentrated. The scheme reported in 
figure 3.34 illustrates the above described solidification steps and the resultant 
spatial distribution of the second phases at the dendrites length scale.  

The greater cooling rate at the laser related boundaries is also confirmed by the 
presence of a higher volume fraction of eutectic products along them, with 
consequent formation of an interdendritic network (figure 3.25). According to the 
Brody-Flemings equation 1.5, a faster local solidification leads to a greater quantity 
of remaining liquid when the eutectic transformations occur, therefore a higher 
level of microsegregation at the interdendritic boundaries. 

 
Figure 3.34. Schematic representation of the solidification process and consequent distribution of 

the eutectic products (carbides and Laves phases) in the dendrite structure. 

The microstructural heterogeneity of Inconel 718 produced through SLM 
process, that is observable at this length scale, can be further increased due to the 
repeated thermal cycles at which the solidified material is submitted because of the 
heat coming from the deposition of the subsequent layers [153]. As already 
discussed in the literature review section (paragraph 1.4.2.1), Tian et al. [177] report 
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that these thermal cycles can eventually cause a partial dissolution of the 
interdendritic eutectic products and a redistribution of the solute, in particular of 
Nb, in the core of the dendrite. After that, the subsequent thermal peaks with 
decreasing intensity cause the precipitation of ’’ phases. A similar phenomenon 

can explain the occasional presence of the nanometric particles in the cells core in 
the as built state (e.g. blue ellipses in figure 3.27), which could be ’ or ’’ 

precipitates formed due to the release of Ti, Al and Nb from the interdendritic 
eutectic products. Conversely, no signs of formation of plate-like  precipitates 
were found in the as built material. The formation of the  precipitates is probably 
inhibited by the too high cooling rates and by the Nb sequestration in the eutectic 
phases at the interdendritic boundaries. 

In addition to the heterogeneous population of precipitates, dendrites are also 
characterized by the presence of dislocations, which indicate the development of 
internal stress states due to the high thermal gradients established in the deposited 
material and the thermal cycles during the SLM process. The dislocation density 
increases when moving towards the edge of the dendrite, furthermore they tend to 
accumulate at the interface between the  matrix and the inter-dendritic precipitates, 
probably because of the stresses generated by the thermal expansion mismatch. The 
microsegregation of the alloying elements, with consequent formation of carbides 
and Laves phases, and the dislocation network at the interdendritic boundaries are 
also reported by Tucho et al. [183] at the as built state. The accumulation of 
dislocations at the interdendritic boundaries allows to accommodate the slight mis-
orientation between the cells, as reported also in other studies [169] [209]. 

3.3 Conclusion 

The preliminary study has demonstrated that is possible to obtain near full 
dense Inconel 718 samples if the process parameters are set near the values 
recommended by the powder supplier. The process is sufficiently robust to prevent 
the formation of an excessive number of pores or big microstructural alterations due 
to the variation of the laser power, scan speed or hatching distance in the 
investigated ranges. However, as a rule of thumb it is better to adopt intermediate 
VED value, because a low VED value leads to voids due to lack of fusion. On the 
contrary, too high VED values can cause formation of big porosities due to gas 
entrapment. 

The microstructure of Inconel 718 alloy produced through SLM technique 
appears extremely complex, anisotropic and heterogeneous as a consequence of the 
particular process conditions. The complicate thermal history of the deposited 
material, which can vary between different zones, is the main responsible for this. 
The main observed microstructural features are due to the strongly oriented thermal 
gradients and high cooling rates established during the solidification of the molten 
pools, to remelting and resolidification in the overlapping regions of the laser scans 
and to the thermal cycles generated by the deposition of successive layers. All the 
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detected microstructural features of the as built material are summarized in the 
follow and classified on the base of their characteristic length scale: 

Microstructural features at the length scale of 10-3-10-5 m: 

• prevalence of crystalline grains stretched along the building direction of the 
sample and quite independent from the laser related boundaries; 

• presence of sub-granular domains delimited by low-angle boundaries that 
form to accommodate the cumulative mis-orientation between the 
intragranular columnar dendrites; 

• preferential crystallographic orientation of the grains, which tend to have a 
<100> aligned to the building direction of the sample; 

• absence of crystallographic texture along the other spatial directions. 

Microstructural features at the length scale of 10-5-10-6 m: 

• sub-granular structure made by colonies of columnar dendrites without 
secondary branches and with an arm spacing of about 0.5-1 m; 

• growth direction of the dendrites determined by the reciprocal orientation 
between the <100> crystallographic axes and the local heat flux, which can 
cause occasional sharp turns of the dendrites at boundaries between melt 
pools with consequent formation of zig-zag sub-granular structure; 

• slight increase of the dendrite size moving towards the upper part of the melt 
pool because of differences on the local cooling rate. 

Microstructural features at the length scale of 10-6-10-8 m: 

• not uniform distribution of the alloying elements inside the dendrite because 
of microsegregation phenomenon occurred during the solidification; 

• formation of eutectic compounds, i.e. carbides and Laves phases, at the 
interdendritic boundaries; 

• interdendritic continuous network of second phases at the laser related 
boundaries; 

• occasional presence of a population of very small particles on the core of 
the dendrites; 

• high density of dislocation along the edges of the dendrites and around the 
interdendritic precipitates. 

The microstructural heterogeneity of the material at the as built state requires a 
mandatory post-heat treatment of solutioning and homogenization. The main 
purpose of this treatment is to dissolve the second phases at the inter-dendritic 
boundaries, in particular the brittle Laves phases, and to release Nb and the other 
alloying elements that are needed to obtain a uniform distribution of ’ and ’’ 

strengthening precipitates during the annealing steps. The microstructural evolution 
of the as built material after the successive heat treatment is investigated in the 
follow chapter. 

 





 

Chapter 4 

Study on the effect of the post heat 
treatment 

After the production through Selective Laser Melting (SLM), the as built 
Inconel 718 possesses some microstructural features that can be advantageous for 
specific applications. For instance, it has very fine sub-granular dendritic structure, 
which confer mechanical strengthening to the alloy, and grains elongated with 
respect to the building direction, that can be favorable to the creep resistance when 
the load is applied along this direction. However, the as built state is also affected 
by negative aspects which preclude its direct use after the SLM process. To this 
purpose it is worthwhile to mention the material anisotropy and the microstructural 
inhomogeneity. In particular, the microsegregation of the alloying elements at the 
dendrites scale can lead to negative effects on the oxidation and corrosion 
resistance, because it can hinder the formation of a uniform protective scale. 
Furthermore, the extensive presence of Laves phases can lead to embrittlement and 
lack of mechanical properties due to the blocking of the alloying elements that are 
thus not available for the precipitation of the strengthening phases ’ and ’’. 

For the above mentioned reasons, it is often necessary to submit the as built 
material to one or more post heat treatment(s) in order to correct the unwanted 
microstructural features and obtain the most suitable distribution of second phases 
for the final application. However, due to the peculiar initial situation arising from 
the SLM process, the microstructural evolution of the as built material during the 
heat treatments can strongly differ from that of the conventional ones. 

In this chapter, the response of the SLM as built material is investigated using 
DSC and TMA thermal analysis to identify the potential heat treatment ranges. 
After that, the microstructure of the material after different solution treatments is 
studied in greater details to identify the best condition in terms of microstructural 
homogenization and of the population of the remaining second phases (this work 
has been previously published in [194]). The study proceeds with the optimization 
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of the complete cycle of heat treatment, consisting on a solution annealing step and 
two aging steps (see figure 1.19). The response of the solutioned material to the 
successive heat treatments is investigated through DSC and TMA thermal analysis 
in order to obtain the temperature ranges at which the precipitation of the ’, ’’ and 

 second phases occurs. Furthermore, the microstructural evolution of the material 
submitted to aging treatment at the identified temperatures is studied through XRD 
and FESEM analysis and measurements of the Vickers microhardness. Part of this 
work has been previously published in [186]. 

On the base of the obtained information, the impact of the parameters 
(temperatures and durations) concerning the solutioning and first aging step on the 
mechanical properties of the alloy is determined through Brinell hardness 
measurements. Finally, also the effect of temperature and time of the second aging 
step is considered. The resulting microstructure after each step during the complete 
heat treatment cycle is observed through FESEM analysis and discussed. 

4.1 Microstructural response to thermal exposure 

The first DSC analysis was carried out to identify the melting and solidification 
ranges of the alloy. The presence of the non-equilibrium eutectics in the as built 
material can lead to the formation of liquid phase at temperatures lower than the 
theoretical expected one. Figure 4.1 reports the DSC analysis into the fusion range. 
In comparing the heating and cooling curves, it is important to consider that the 
signal peaks associated to thermal phenomena are slightly shifted to higher 
temperatures during the heating run and to lower ones during the cooling stage. This 
is due to kinetics reasons and these shifts depend on the heating and cooling rates, 
respectively [210]. As a consequence, the melting and resolidification peaks (figure 
4.1) are not perfectly overlapped because of these shifts. 

 
Figure 4.1. DSC analysis across the melting/solidification range. The detected peaks are indicated 

by the arrows. 
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During the heating step, two distinct endothermic peaks are detected. They are 
probably due to the formation of the first liquid phase at about 1230-1250°C in the 
interdendritic zones, where the low melting eutectics products are preferably 
located, and the final melting of the  phase at about 1320-1340°C, respectively. 
For comparison, the melting ranges of Inconel 718 manufactured through 
conventional processes are 1205-1345°C for the cast and 1260-1335°C for the 
wrought products [66]. 

During the cooling stage, the exothermic peak related to solidification of the  
phase is the prevalent part of the collected signal. A very slight peak is also present 
at lower temperature and it is probably due to the occurring of the eutectic reactions 
that complete the solidification. The asymmetry between the heating and the 
cooling detected curves is due to the initial far from the equilibrium condition of 
the AM as built material, characterized by a large volume fraction of eutectic 
products. The solidification range during the cooling stage was assessed using a 
28°C/min cooling rate, that is a very low cooling rate with respect to the one that 
occurs during the SLM process. Therefore, this cooling condition leads to a 
markedly different solidified microstructure and, in particular, to a lower level of 
eutectics formation than in real AM process. 

Once determined the starting point of melting, thermal runs until 1200°C were 
carried out to detect the thermal phenomena that take place in the solid state using 
DSC and TMA combined techniques. DSC recorded curves for as built samples 
carried out at different heating rates are reported in figure 4.2. These samples were 
removed along the horizontal plane, i.e. on the plane perpendicular to the building 
direction. It is possible to note that the detected peaks become more intense and 
slightly shifted to higher temperature when the heating rate is increased. Therefore, 
a clearer signal of such peaks is obtained by adopting a higher heating rate. 
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Figure 4.2. DSC curves of heating and cooling relative to the horizontal samples. The arrows 

indicate the detected peaks. 

The DSC analysis reported in figure 4.3 indicate that the growth direction of 
the sample doesn’t affect the DSC signal and related analysis, since no significant 
differences were detected between samples grown along the BD (vertical samples) 
or perpendicular to BD (horizontal samples). 
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Figure 4.3. Comparison of the DSC curves of vertical and horizontal samples at the heating rate of 

5°C/min and 20°C/min. 

The signals collected during the TMA analysis of the as built samples are 
reported in figure 4.4. In this experimental set, it is possible to observe that clearer 
signals can be generally obtained using lower heating rate, it is to say in the 
experimental conditions opposite to what applied for DSC analysis. Furthermore, 
the comparison between the TMA curves collected on vertical and horizontal 
samples shows a difference starting from about 870°C, in particular an extra 
contraction peak (marked as “Contraction 3”) is observable in the vertical sample 

and the last expansion peak (Expansion 2) is greater than the one detected in the 
horizontal peak. Therefore, an anisotropy effect can be revealed by TMA, whereas 
DSC analysis were not capable to detect any difference along the different 
directions analyzed. An explanation of this difference will be given later. 

 
Figure 4.4. TMA heating curves of horizontal and vertical samples at the heating rate of 5°C/min 

and 20°C/min. 

Apart from these differences in the sensitivity to anisotropy effects, the signals 
recorded with DSC and TMA analysis (Figure 4.5) are in good agreement and 
provide an efficient crosscheck. It is possible to observe that exothermic 
phenomena provide a reduction of the CTE, whereas endothermic ones lead to an 
increase of the CTE. Actually, the exothermic peaks are related to precipitation of 
second phases with consequent reduction of the solute dissolved in the  phase. 
Therefore, the lattice distortion of the  phase is reduced during precipitation with 
consequent decrease of the volume detected by the TMA equipment. Conversely, 
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endothermic peaks indicate dissolution of second phases in the matrix that causes 
increase of the solute in the  matrix and lattice expansion. 

 
Figure 4.5. Comparison between the collected DSC and TMA curves at the heating rate of 

5°C/min and 20°C/min. Dotted boxes indicate the overlapping signal peaks. 

The above reported thermal analyses reveal the following thermal phenomena 
occurring in the as built material: 

• precipitation of ’ (EXO 1) at 450-600°C; 
• precipitation of ’’ (EXO 2) at 650-720°C; 
• dissolution of ’ and ’’ (ENDO 1) at 780-930°C; 
• precipitation of  (EXO 3) at 860-920°C; 
• dissolution of  and preexisting second phases, in particular Laves phases, 

(ENDO 2) at 950-1040°C. 
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The above reported temperature ranges are obtained from the analyses 
performed with a heating rate of 5°C/min. They are quite compatible with the CCT 
curves of a conventional Inconel 718 alloy reported at figure 1.2. Furthermore, a 
similar sequence of exothermic peaks is also reported by Niang et al. [43]. 

During the cooling ramps, all conducted at the same cooling rate of 20°C/min, 
an exothermic peak is detected. Such peak is probably related to the co-precipitation 
of ’ and ’’. By increasing the heating rate of the heating stage (dotted arrow in 

figure 4.2), during cooling an extra exothermic peak become visible. This extra 
peak is probably related to the growth of  precipitates. When the heating is faster, 
some  nuclei remain after passing through the high temperatures and can grow 
during the following cooling stage. On the other hand, a slower heating dissolves 
completely the  phase, which have no time to nucleate again during the cooling 
ramp. 

The DSC analysis doesn’t reveal any difference between the response of the 

vertical and horizontal samples to the thermal ramps. Therefore, the difference that 
is observed in the TMA curves for vertical and horizontal samples (figure 4.4) 
cannot be due to an effective different evolution of the second phases. It is more 
likely to ascribe such effect to the starting heterogeneity and anisotropy of the as 
built material. The peak of contraction, that indicates solubilization at high 
temperature (ENDO 2), is lower in the horizontal sample. This occurs because, as 
already observed in the previous chapter, the second phases are not evenly 
distributed in the as built material, but they form predominantly at the interdendritic 
boundaries. Therefore, the solutioning of the pre-existing second phases leads to a 
lattice expansion that is not uniform in the material volume, but is greater at the 
interdendritic boundaries, where the release of solute in the matrix is more intense. 
Since the dendrites are predominantly aligned along the building direction, the 
increase of the measured CTE would be greater along this direction, where the 
interdendritic boundaries are disposed in parallel on average. On the other hand, 
along the transversal directions, where the interdendritic boundaries are disposed in 
series, the measured CTE will be lower. The simplified scheme in figure 4.6 
explains such concept. 
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Figure 4.6. Scheme illustrating the not uniform expansion during the dissolution of the 

interdendritic phases in the SLM material. The expansion is lower of a  along the transversal 
direction of the interdendritic boundaries. 

A similar explanation can be given also to explain the suppression of the 
contraction peak indicating the precipitation of  phase (EXO 3). As it would be 
shown later in this chapter,  phase tends to form precipitates with plate-like 
morphology and with a certain relationship with the matrix (see paragraph 1.3.1.3) 
that leads to the formation of a parallelepiped grid oriented along the building 
direction (figure 4.35). Since the plate-like  precipitates are not randomly oriented, 
their formation leads to non-uniform lattice contraction that is therefore revealed in 
the vertical samples but not in the horizontal samples. 
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4.2 Response to the solution annealing 

During the solution step, the main aim is to homogenize the microstructure and 
dissolve most of the second phases avoiding excessive loss of the mechanical 
properties due to grain coarsening. The two standard temperatures of solution 
annealing for Inconel 718 according to AMS standards, i.e. 980°C and 1065°C, fall 
respectively at the onset and at the offset of ENDO 2 peak detected through the 
thermal analysis (figure 4.2). In addition to these two standard temperatures, a third 
solution annealing at 1200°C is also tested in order to achieve the highest possible 
level of homogenization. In fact, a further increase in the solution temperature is 
risky because it can lead to incipient melting at the grain boundaries or at the 
interdendritic region where low melting eutectics are located. Further to 
temperature also a modulation of soaking time from 1 to 2 hours is investigated in 
order to optimize the solution step. 

All solutioned samples are evaluated by optical and FESEM analysis. By image 
analysis processing the FESEM images an assessment of second phases distribution 
is investigated and, finally, microhardness measurements are performed. 

4.2.1 Solution annealing at 980°C 

After the solution treatment, the laser track boundaries are strongly blurred, but 
they are still recognizable after solution annealing at 980°C for 1 and 2 hours (figure 
4.7). The heterogeneity of the grains size is increased because some new small 
grains form at the laser track boundaries due to the presence of a larger residual 
stress state in these regions [163] [164] and consequent greater driving force for 
local partial recrystallization, as also reported by Zhang et al. [180]. 
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Figure 4.7. Optical micrographs of the horizontal plane after solution annealing at 980°C for 1 

hour and 2 hours. Dotted ellipses indicate small recrystallized grains at the laser track boundaries. 

On the vertical view the grains maintain their columnar shape oriented along 
the building direction of the sample. After solution annealing at 980°C, grain 
boundaries become completely decorated by plate-like  precipitates (figure 4.8). 
The formation of  phase is expected because the heat treatment occurs under the 
solvus temperature. Therefore precipitation of  can take place as soon as part of 
the Nb atoms previously entrapped in the eutectic phases, is released into solid 
solution and at disposal for further precipitation [179]. 
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Figure 4.8. Optical micrographs of the vertical plane after solution annealing at 980°C for 1 hour 
and 2 hours. Dotted ellipses indicate small recrystallized grains at the laser track boundaries. The 

higher magnification micrographs show the interdendritic and intradendritic plate-like  
precipitates. 

Smaller plate-like  precipitates also form inside the grain but mostly at the 
interdendritic boundaries (figures 4.8 and 4.9). The formation of interdendritic  
makes the intragranular columnar texture still visible after solution annealing at 
980°C. 

 
Figure 4.9. SEM micrograph of the vertical plane after solution annealing at 980°C for 1 hour 

showing the columnar dendrite texture still visible due to the formation of interdendritic  
precipitates. 

SE FESEM micrographs (figure 4.10) show the different kinds of precipitates 
present within the material after solution annealing at 980°C. In addition to the 
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intergranular and intragranular plate-like  phases, residuals of the interdendritic 
eutectic products are detectable. 

 

  
Figure 4.10. SE FESEM micrographs of the horizontal plane after solution annealing at 980°C for 
1 hour and 2 hours. Newly formed plate-like  precipitates and residuals of the eutectic products 

are the main present second phases. 

Size distribution of precipitates were calculated through image analysis of 
FESEM micrographs in order to compare the population of second phases after 1 
and 2 hours of heat treatment. The obtained size distributions are reported in figure 
4.11. The contributions to the volume fraction given by precipitates with and 
without plate morphology is shown in figures 4.11-B and 4.11-C. In the image 
analysis, the detected objects larger than 20 pixels and with a ratio between its two 
main axes larger than 4 were identified as plate-like precipitates. More than half of 
the total volume fraction of second phases is given by precipitates smaller than 150-
200 nm, i.e. residuals of the eutectic phases. In particular, globular carbides that are 
extremely stable and very hard to completely dissolve during solution annealing. 
Larger precipitates are mainly plate-like  compounds. The sample solutioned for 
2 hours contains a higher fraction of precipitates smaller than 80 nm with respect 
to the one solutioned for 1 hour. On the contrary, the volume fraction of precipitates 
with a size between 80 and 220 nm is reduced when longer solution treatment is 
applied. The formation of new stable carbides can explain the increase of the 
volume fraction related to precipitates finer than 80 nm. Actually, the progressive 
dissolution of the metastable Laves phases during the solution annealing, leads to 
an increase of available Nb atoms at the interdendritic boundaries, where nucleation 
of carbides can preferentially occur. The volume fraction of precipitates larger than 
350 nm, which predominantly have plate-like morphology (figure 4.11), is also 
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increased after 2 hours of solution annealing due to the progressive growth of  
phase at this solution temperature. 

 
Figure 4.11. Size distributions relative to the samples solutioned at 980°C (A). Contributions of 

the precipitates with plate-like morphology and without plate-like morphology after 1 hour (B) and 
2 hours (C) of treatment at 980°C. First published in [194]. 

4.2.2 Solution annealing at 1065°C 

After solution annealing at 1065°C the laser track boundaries are strongly 
blurred, although some edges between melt pools are occasionally still visible 
(figures 4.12 and 4.13). 

  
Figure 4.12. Optical micrographs of the horizontal plane after solution annealing at 1065°C for 1 

hour and 2 hours. 
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The grains maintain their elongated shape and the boundaries between them 
appear decorated with a large amount of intergranular precipitates. On the contrary, 
 phase doesn’t form during the heat treatment because the solution temperature is 

above the solvus point. 

 

  
Figure 4.13. Optical micrographs of the vertical plane after solution annealing at 1065°C for 1 

hour and 2 hours. 

As a consequence the dissolved interdendritic phases inside each grain are no 
more substituted by  phases and so the dendritic sub-granular structure is no more 
visible after the heat treatment at 1065°C (figure 4.14). 

 
Figure 4.14. SEM micrograph of the vertical plane after solution annealing at 1065°C for 1 hour 

showing the grain boundaries decorated with newly formed precipitates. The columnar structure is 
no more visible. 
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SE FESEM micrographs show the presence of blocky and relative large 
precipitates formed during the heat treatment at the grain boundaries (figure 4.15). 
Based on similar observations reported in the literature [33] [175] [178] [179] [183] 
and on the EDS analysis reported below (figure 4.18), it is possible to state that 
these intergranular precipitates with blocky morphology are MC type carbides. 

Furthermore, the SE FESEM micrographs also reveal the persistence of small 
intragranular precipitates, which are both undissolved eutectic products and new 
small precipitates formed due to the progressive release of Nb atoms when 
solutioning occurs. 

 

  
Figure 4.15. SE FESEM micrographs of the horizontal plane after solution annealing at 1065°C for 

1 hour and 2 hours. Newly formed intergranular carbides and intragranular precipitates are the 
main present second phases. 

The intragranular precipitates are slightly reduced by increasing the heat 
treatment time from 1 hour to 2 hours as it can be seen from the size distributions 
reported in figure 4.16. Actually, this analysis shows a small decrease in the volume 
fraction of the precipitates with a linear size between 50 and 120 nm. This is due to 
the progressive dissolution of metastable phases. However, an increase in volume 
fraction of precipitates larger than 450 nm was also detected after 2 hours of heat 
treatment. This size class is mostly formed by the relative coarse blocky carbides 
located at the grain boundaries. These intergranular precipitates can prevent the 
grain to coarsen due to a pinning mechanism of grain boundaries. 
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Figure 4.16. Size distributions relative to the samples solutioned at 1065°C. First published in 

[194]. 

4.2.3 Solution annealing at 1200°C 

After solution annealing at 1200°C, the laser track boundaries are completely 
canceled (figures 4.17). Furthermore, a remarkable grain coarsening occurs during 
such heat treatment. It is worthwhile to note that coarsened grains still maintain an 
elongated shape oriented along the building direction. 

 

  
Figure 4.17. Optical micrographs of the horizontal and vertical planes after solution annealing at 

1200°C for 1 hour and 2 hours. First published in [194]. 

The previous profiles of the grain boundaries are still visible because of the 
presence of cluster of Nb-rich carbides formed along them (figure 4.18). These 
precipitates form because of the Nb segregation at grain boundaries. Nevertheless, 
at a so high solution temperature such precipitates are not able to pin the boundaries, 
contrary to what happens during the heat treatment at 1065°C. The diffusion of Nb 
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is not fast enough to follow the migration of the grain boundaries, therefore during 
the heat treatment carbides form and growth in the zones initially occupied by the 
original grain boundaries rather than along their new location. Consequently, the 
grain boundaries observed after solution annealing at 1200°C appear almost free 
from precipitates (figures 4.18 and 4.19). 

 

 
Figure 4.18. SEM micrograph of the vertical plane after solution annealing at 1200°C for 1 hour 

showing the carbides clusters along the previous positions of the grain boundaries and a new grain 
boundary unconstrained by the carbides after recrystallization (compare with figure 14). EDS 
point analysis on a Nb-rich carbides cluster (point 1) in comparison to the intragranular matrix 

zone (point 2). 

The collected SE FESEM micrographs demonstrate that the removal of the 
interdendritic eutectic products is not complete even after achieving at 1200°C such 
a high dissolution degree. The complete dissolution of the second phases at the 
dendrite length scale cannot be obtained both because of the high thermal stability 
of the carbides formed by eutectic reaction during solidification in the SLM process 
and because of the formation of new very small precipitates resulting from the 
release of Nb after dissolution of the Laves phases. 
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Figure 4.19. SE FESEM micrographs of the horizontal plane after solution annealing at 1200°C for 
1 hour and 2 hours. Note the grain boundaries free from precipitates and the presence of residuals 

of the interdendritic precipitates inside the grains (higher magnification images). 

The increase in volume fraction of the finest precipitates (less than 130 nm), 
provided by the increase in solution soaking time from 1 hour to 2 hours of heat 
treatment, is evident by comparing the two size distributions reported in figure 4.20. 
Conversely, the volume fraction of the coarser particles, in particular the ones larger 
than 370 nm, is reduced by increasing the heat treatment duration. 

 
Figure 4.20. Size distributions relative to the samples solutioned at 1200°C. First published in 

[194]. 

The size distribution obtained for each solution condition are reported for sake 
of comparison in figure 4.21 where the effect of the solution temperature is 
considered at fixed time. As it was expected, the higher the solution temperature, 
the lower is the total volume fraction of the detected second phases. The major 
difference between the size distributions regards the peak related to precipitates 
finer than 100-120 nm, which in most cases is reduced as the solution temperature 
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increases. After 1 hour of treatment, the samples solution annealed at 1065°C 
contain a higher amount of precipitates finer than 80 nm with respect to the one 
solution annealed at 980°C, but the volume fraction of the larger precipitates is 
strongly reduced. The formation of new small precipitates during the heat treatment 
is faster at 1065°C because part of the Nb released at 980°C is used to form inter-
dendritic  phases, as earlier discussed. However, after 2 hours of heat treatment, 
the volume fraction of precipitates on sample treated at 1065 °C is lower for almost 
all dimensional ranges with respect to the one recorded on samples solutioned at 
980°C. On the other hand, the measured volume fractions at 1200 °C are lower with 
respect to the ones recorded at 1065°C for almost all dimensional ranges both after 
1 hour and 2 hours of heat treatment. 

 
Figure 4.21. Size distributions: comparison between different solution temperature after 1 hour (A) 

and 2 hours (B) of heat treatment. First published in [194]. 

The total volume fraction of precipitated second phases is tightly connected 
with the hardness of the material. The relationship between the mean Vickers 
microhardness of the as built sample and the solution annealed samples and their 
relative volume fraction of detected precipitates is graphically shown in figure 4.22. 
A clear linear correlation stands for all the samples apart from the ones solution 
annealed at 1200°C, for which a Vickers microhardness lower than the value 
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predicted by the linear regression line was recorded. The lack of hardness in these 
samples, further to their lower amount of second phases, is due to the irreversible 
grain growth occurred during this heat treatment. Therefore, the loss of mechanical 
properties cannot be recovered anymore with a subsequent aging treatment. For this 
reason, despite the higher solution efficiency that can be obtained at 1200°C, such 
solution temperature is no more considered in the following study of the complete 
heat treatment cycle. 

 
Figure 4.22. Correlation between the Vickers microhardness and the average volume fraction of 

precipitates in the as built sample (the volume fraction of the as built sample is obtained 
considering the eutectic products and neglecting eventual very small intradendritic precipitates as 
those in figure 3.27) and the solutioned samples. The vertical error bars refer to 95% confidence 
intervals on HV0.01, the horizontal error bars refer to standard deviations of the volume fractions. 

The regression line with relative 95% confidence band is obtained excluding the points of the 
samples solutioned at 1200 °C. First published in [194]. 

4.3 Optimization study of the complete heat treatment 
cycle 

The study on the microstructural evolution of the as built material during the 
homogenization/solution heat treatment, reported in the previous paragraph, allows 
to discard the high solution temperature of 1200°C, at which severe grain 
coarsening occurs. On the other hand, the solubilization step at the two standard 
temperatures, i.e. 980°C and 1065°C, is hereby further investigated focusing on the 
effect of different treatment durations on the material softening, evaluated by 
Brinell hardness measurements, and on its response to the subsequent aging 
treatment. 

The obtained results are the starting point for the evaluation of the best 
combination of solubilization + first aging. The ultimate aim of this optimization is 
to maximize the hardness level and to achieve a regular and uniform microstructure. 
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Finally, this chapter is concluded with the results of the optimization of the second 
aging. 

4.3.1 Solution annealing step 

The effects of both solution temperature and time on the Brinell hardness and 
the Vickers microhardness of the alloy are reported in figure 4.23. The material 
softens with the increase of the heat treatment duration, especially at 1065°C. The 
hardness is less affected by the time of the solution annealing at 980°C probably 
because of the occurrence of the  phase precipitation, which is stable at this 
temperature and provides a certain resistance to the plastic deformation. 

 

  
Figure 4.23. Brinell hardness (HB10) and Vickers microhardness (HV0.01) in function of the 

temperature (Tsol) and time (tsol) of the solution annealing. 

The general microstructure of the samples solutioned for 4 and 8 hours are 
reported in figure 4.24. The same features already observed in the previous 
paragraph (figures 4.8 and 4.12) are also found after longer solutioning times, in 
particular the presence of a large number of intergranular and intragranular plate-
like  precipitates after heat treatment at 980°C and a lot of equiaxed particles along 
the grain boundaries after heat treatment at 1065°C. 
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Figure 4.24. Optical micrographs of the horizontal plane of samples solutioned at 980°C and 

1065°C for 4 and 8 hours. 

The SEM micrographs reported in figure 4.25 show with finer details the two 
different kinds of intergranular precipitates formed at the two solution temperatures. 
The presence of intragranular precipitates in both the samples is also visible. 

Grain coarsening is not detectable. This is due to the pinning effect exerted by 
the intergranular precipitates, that is effective also for prolonged times of solution 
annealing. 

  
Figure 4.25. SEM micrographs of the horizontal plane of the samples solutioned for 8 hours at 

980°C and 1065°C showing the different intergranular precipitates. 
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4.3.2 Aging response 

The aging response of samples solutioned at 980°C and 1065°C for 2 and 8 
hours is analyzed through DSC technique. The DSC curves obtained on solution 
annealed samples are compared with the as built one on figure 4.26. The EXO 1 
and EXO 2 peaks, related to the precipitation of the strengthening phases ’ and ’’, 

are not markedly modified by the solution annealing. A slight shift of about 20 
degrees of the EXO 2 peak through lower temperature can be observed and it can 
be explained by the higher availability of Nb in the matrix in the solutioned state 
that leads to a faster precipitation of ’’. The EXO 3 peak, related to the formation 
of  phase, is not detectable in the sample solutioned at 980°C. However, this is not 
surprising because  compounds already precipitate during the solution annealing 
as shown previously (figures 4.8 and 4.10). ENDO 2 is present in samples 
solutioned at 980°C and appears slightly shifted through higher temperature with 
respect to the as built state: in these samples the ENDO 2 peak is related to the 
dissolution of the  phases formed during the solution annealing. Conversely, the 
ENDO 2 peak is not present in samples solutioned at 1065°C. This is again expected 
because most of the dissolution of the pre-existing second phases already occurs 
during the solution treatment and  phase doesn’t form in this case. 

 
Figure 4.26. Comparison between the DSC heating curves collected on the as built material and on 

the previously solutioned samples. Heating rate: 20°C/min. The as built and the 1065°C/2h 
solution annealing curves have been previously published in [186]. 

TMA analysis of vertical samples solutioned for 8 hours at 980 and 1065°C 
were also carried out at the same heating rate of the DSC analysis in order to 
confirm the obtained result. As already pointed out, the quality of TMA signal is 



158 Study on the effect of the post heat treatment 

lower at higher heating rate, however it is possible to observe a good agreement 
between the two types of thermal analysis (figure 4.27). 

 
Figure 4.27. Comparison between the DSC and TMA heating curves collected on the samples 
previously solutioned at 980°C and 1065°C for 8 hours. Heating rate: 20°C/min. Dotted boxes 

indicate the overlapping signal peaks. 

Based on the above reported thermal analyses, the subsequent study on the 
aging was focused on the follow temperatures of interest obtained from the DSC 
ramp performed at heating rate of 20°C/min on the sample solutioned at 1065°C for 
2 hours (see table 2.5): 

• peak of EXO 1: 565°C; 
• peak of EXO 2: 740°C; 
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• offset of EXO 2: 800°C 
• peak of EXO 3: 870°C 

For study the effect of the first aging step on the Brinell hardness (paragraph 
4.3.4), the temperatures of 650 and 720°C were considered (see table 2.6). These 
temperatures were chosen because they delimitated the growing side of the EXO 2 
peak. The choice to use the lower values was done to avoid the coarsening of the 
’’ phase and the formation of  phase during the first aging, however an aging 
treatment at 760°C, i.e. the highest temperature detected for the EXO 2 peak in the 
performed thermal analyses, was also considered (see table 2.7). 

Finally, for the study of the second aging step (paragraph 4.3.5), the 
temperatures delimitating the peak EXO 1, i.e. 520 and 630°C (see table 2.8), were 
investigated. 

4.3.3 Aged microstructure 

The evolution of the microstructure during aging is further investigated through 
FESEM observations of SLM Inconel 718 samples submitted to different aging 
treatments at the characteristic temperatures obtained from the thermal analysis 
reported previously in this chapter (figures 4.5 and 4.26). The samples used for this 
study were previously submitted to a solution annealing treatment at 1065°C for 2 
hours in order to remove the microstructural features of the as built state and obtain 
a small initial number of preexisting precipitates, making easier the identification 
of the new formed ones. 

Table 2.5 summarized the thermal history of the aged samples used for this 
investigation. The number of the exposition steps at the characteristic temperatures 
and the respective durations were chosen in order to obtain some indication on the 
precipitation and coarsening kinetics of the second phases which are expected to 
form. At 565°C the formation of ’ phase is expected, the comparison between the 

microstructure after a relatively short exposition (4 hours) and a prolonged one (24 
hours) allows to determine if a short time is sufficient to reach a saturation level of 
the ’ content in the aged alloy. The precipitation of ’’ is reported to be more 

sluggish with respect to ’ [1] [17] [211], therefore the observation after a very short 
period (2 hours) of exposition at 740°C is performed to verify that ’ formation 

precedes the ’’ phase. Conversely, the prevalence of ’’ on ’ is expected after 8 

hours of exposition. The aging treatments at 800°C have the aim to verify an 
eventual transformation of the metastable ’’ into . Finally, at 870°C both ’’ and 
 phases could form. The latter is expected to prevail on the former with the 
proceeding of the exposition. The overall aging period is 24 hours for all samples, 
the analysis after this period allows to verify an eventual coarsening of the phases 
’, ’’ and  phases. 

The collected Vickers microhardness are reported in figure 4.28, they provide 
a preliminary feedback of the evolution of the strengthening particles in the alloy 
during the aging treatment. 
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Figure 4.28. Mean Vickers microhardness obtained on the samples solutioned at 1065°C for 2 
hours and then aged at the characteristic temperatures of the alloy. The bars indicate the 95% 

confidence ranges. Data published in [186]. 

The x-ray patterns obtained on the as built sample and on the 1065°C for 2 
hours solutioned one are shown in figure 4.29. The peaks relative to the face 
centered cubic (FCC)  matrix are clearly recognizable. No peaks related to second 
phases are detected. However, the present peaks are modified by the solution 
treatment, in fact they become narrower and shifted at a lower value of 2 angle. In 
figure 4.29 is shown, as an example, the magnification of the main peak, the Full 
Width at Half Maximum (FWHM) of the peaks relative to the as built and the 
solutioned samples are 0.307° and 0.0895°, respectively. The reduction of the 
FWHM values is probably due to the release of the internal stresses in the as built 
material during solution treatment. The shift of the peaks toward lower 2 angle, 
which corresponds to a greater value of the interplanar distance d according to the 
Bragg’s law (equation 2.10), is due to the increase of the lattice distortion arising 
from the increase of the solute content. In particular Nb is progressively released in 
solid solution and this is in agreement with the results obtained with the TMA 
analyses (figures 4.4 and 4.27). Therefore, the shift of the peaks, also reported for 
Inconel 625 alloy [212] [213], is an indirect proof of the dissolution of the second 
phases present in the as built material during solution annealing. 
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Figure 4.29. X-ray diffractograms of the as built sample and the sample solutioned at 1065°C for 2 

hours. First published in [186]. 

The x-ray patterns obtained on the differently aged samples are shown in figure 
4.30. An additional peak at 2𝜃 ≅ 46° is revealed only on samples treated at 870°C 
for 8 and 24 hours. This peak can be indexed as the (211) of the  phase, which is 
the stronger peak of this compound [44]. No one of the other diffraction peaks of 
the  phase was detected during the XRD analysis; similar spectra are also reported 
by Cao et al. on SLM Inconel 718 alloy after solution treatment at 1065°C for 1 
hour and double aging at 760°C for 10 hours and 650°C for 8 hours [46]. The x-ray 
diffraction peaks related to the  phase are typically observed on Inconel 178 alloy 
after thermal treatment between 850°C and 990°C [49] [214] [215]. 

The presence of the ’ and ’’ phases cannot be ascertained by XRD analysis 

because their peaks are superimposed to the ones of the  matrix. Nevertheless, the 
precipitation of these new phases can be deduced from the shift of the peaks (a 
magnification of the main peak is shown in figure 4.30 as an example). 
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Figure 4.30. X-ray diffractograms of the samples aged at the characteristic temperatures of the 

alloy with magnification on the  (200) peak in order to observe the shift respect to as solutioned 
state. First published in [186]. 

The values of lattice parameter determined on the samples evaluated by XRD 
analysis are shown in figure 4.31. The lattice parameter decreases with the time and 
the temperature of the aging treatment due to the progressive transfer of the solute 
from the solid solution to the precipitates. Zhang et al. also report a reduction of the 
lattice parameter of the FCC matrix of an Inconel 625 alloy, produced by powder 
bed additive manufacturing technique, during the post heat treatment caused by the 
precipitation of  precipitates and the consequent reduction of the Nb content from 
the solid solution [216]. 

 
Figure 4.31. Values of the lattice parameter of  phase with different thermal histories obtained 

from the XRD analyses. Data published in [186]. 
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Most of the precipitates present after aging at 565°C are residuals of the eutectic 
phases, in particular small carbides that were not dissolved during the previous 
solution annealing, and intergranular carbides formed during the solution 
annealing. Also ’ is expected to form at such temperature, but it is probably too 
fine to be clearly defined through FESEM images, although a population of very 
small particles can be observed after 24 hours of aging (figure 4.32). However, the 
increase of the Vickers microhardness during aging at 565°C is an indirect proof of 
the formation of ’ strengthening phases at this temperature and it also demonstrates 

that the saturation level is not reached after 4 hours of exposure at this temperature, 
since the microhardness can still be increased by prolonging the heat treatment. 

 

  
Figure 4.32. FESEM micrographs of the samples aged at 565°C. The micrographs acquired on the 

sample aged for 24 hours have been already published in [186]. 

After aging at 740°C the microstructural modification is more pronounced and 
an important formation of strengthening phases occurs that lead to a strong increase 
of the Vickers microhardness. It can be observed that new precipitates are formed 
already after 2 hours of treatment. The density of newly formed precipitates is not 
homogeneous: the interdendritic boundary are decorated with a larger number of 
precipitates respect to the core of each dendrite. After 2 hours the formed 
precipitates are extremely small, most of them are probably ’ that form with a 

higher kinetics with respect to ’’. Conversely, discoidal ’’ precipitates are clearly 

identifiable after longer aging time. Comparing the FESEM images after 8 and 24 
hours of aging, it is possible to observe that coarsening of ’’ occurs that leads to a 
progressive reduction of the Vickers microhardness. 

The ’’ precipitates have a clear crystallographic relationship with the matrix, 

how it can be seen in figure 4.33. In each grain the ’’ precipitates form along one 
of the two orthogonal directions. The ’’ disks form parallel to the {100} planes of 
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 with the following reciprocal crystallographic orientation [46] [47]: 
(001)𝛾′′  ∥  {100}𝛾    ,    [100]𝛾′′  ∥  〈001〉𝛾. 

 

  
Figure 4.33. FESEM micrographs of the samples aged at 740°C. Formation of discoidal ’’ after 

longer aging time. 

During aging at 800°C,  precipitates start to form at the grain boundaries 
(figure 4.34). Inside the grain, discoidal ’’ undergo further coarsening. A 

precipitates depleted zone forms along grain boundaries in which ’’ precipitates 

are dissolved due to the formation of intergranular  compounds that reduce the 
local availability of Nb. In this depleted zone, ’ particles are still present because 

their formation does not require Nb availability. Similar observations (absence of 
’’ precipitates near the intergranular  plates) are also reported by Wlodek and 
Field [18]. 

After 24 hours of exposition, the intergranular  phase is coarser and 
precipitates with plate-like morphology are detectable also inside the grains. 
Intragranular  precipitates can nucleate on the stacking fault of preexisting 
precipitates of ’’ [23]. Therefore at this temperature the population of ’’ is 

progressively substituted by  phases leading to a decrease of the Vickers 
microhardness. 
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Figure 4.34. FESEM micrographs of the samples aged at 800°C. Formation of intergranular  and 

further coarsening of discoidal ’’. 

After the aging temperature of 870°C the strengthening phases ’ and ’’ are 

completely absent and a lot of plate-like  precipitates form (figure 4.35). At the 
grain boundaries the formation and growth of  precipitates are faster, therefore 
coarser plates can be observed in these zones with respect to the intragranular areas. 
Inside each grain, the plates form a regular pattern consisting of arrays disposed in 
a parallelepiped grid. This regular disposition of the intragranular  phase is due to 
its crystallographic relationship with the matrix (as reported at paragraph 1.3.1.3) 
[19] [44] [46] [47]: (010)𝛿  ∥  {111}𝛾    ,    [100]𝛿  ∥  〈11̅0〉𝛾. 

The plates of each array continue to growth with time and merge leading to the 
formation of very long precipitates of about 6-8 m (bottom right panel of figure 
4.35). 
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Figure 4.35. FESEM micrographs of the samples aged at 870°C. Intergranular and intragranular 

plate-like  precipitates form and grow during aging. 

4.3.4 First aging step 

The samples submitted to different combinations of preliminary solution 
annealing and first aging treatment (see table 2.6) were studied using Brinell 
hardness. The results are plotted on figure 4.36. 

  

  
Figure 4.36. Effects on the Brinell hardness of the heat treatment factors, the solution treatment 

temperature (A) and time (B) and the aging treatment temperature (C) and time (D), and their most 
significant interactions. 



4.3 Optimization study of the complete heat treatment cycle 167 

The analysis of variance (ANOVA) of the 24 factorial plan reported in table 4.1 
allows to identify the most significant factors and interactions on the final hardness 
of the material. 

Table 4.1. Analysis of Variance (ANOVA) on the dataset made by 4 Brinell hardness 
measurements for each sample of the 24 factorial plane with the main effects of the heat treatment 
factors, Tsol, tsol, Tag1, tag1, and their interactions until the second order. DOF: degrees of freedom; 

SS: sum of squares; MS: mean squares; F: F-ratio. 

In the considered ranges of the experimental parameters, the hardness increases 
with temperature and time of aging. The effects of these two factors are clearly the 
most significant ones. As a consequence, the aging treatment at 720°C for 8 hours 
is considered the best solution for each condition of solutioning. Brinell hardness 
and Vickers microhardness measurements were also collected after solution 
annealing at 1065°C for 2 hours and first aging at 760°C for 8 hours. The plots in 
figures 4.37 show that the final hardness after the aging step reaches a maximum at 
720°C, then decreases with further increasing of the first aging temperature. 
According to the outcome reported in paragraph 4.3.3, one can assume that this 
decrease is due to excessive coarsening of the ’’ phase during the aging treatment. 

  
Figure 4.37. Brinell hardness (HB10) and Vickers microhardness (HV0.01) in function of the aging 

temperature after solution annealing at 1065°C for 2 hours and 8 hours of aging. 

The time of the preliminary solution annealing has a limited effect, in particular 
a little reduction of the hardness is recorded by passing from 1 to 2 hours of solution 

 DOF SS MS F p-value 

Main effects      

Tsol 1 4.00 4.00 0.27 0.6080 

tsol 1 60.06 60.06 4.00 0.0507 

Tag1 1 69960.25 69960.25 4657.06 < 0.0001 

tag1 1 3277.56 3277.56 218.18 < 0.0001 

Second order 
interactions 

     

Tsol*tsol 1 196.00 196.00 13.05 0.0007 

Tsol*Tag1 1 742.56 742.56 49.43 < 0.0001 

Tsol*tag1 1 49.00 49.00 3.26 0.0766 

tsol*Tag1 1 42.25 42.25 2.81 0.0994 

tsol*tag1 1 10.56 10.56 0.70 0.4055 

Tag1*tag1 1 169.00 169.00 11.25 0.0015 

Residuals 53 796.19 15.02   
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treatment at 980°C. This can be ascribed to the formation of  phases during the 
solution annealing at 980°C that reduces the availability of Nb for the formation of 
strengthening ’’ phase during the aging step. Actually, this reduction is negligible 

when the solution annealing is performed at 1065°C, during which the  phase 
cannot form. The effect of factor tsol was deeper investigated by assessing the effect 
of a prolonged solution annealing. For this reason, two extra samples were 
submitted to an 8 hours solution annealing at 1065°C and 980°C respectively and 
then aged at 720°C for 8 hours. The behavior of Brinell and Vickers hardness as a 
function of the time tsol are reported in figure 4.38. A prolonged solution annealing 
leads to a loss of the final hardness after aging. The loss of hardness after 8 hours 
of solution annealing is more pronounced at 1065°C and is probably due to an 
excessive dissolution of the pre-existing intragranular carbides that leads to a 
softening that cannot be completely recovered by the formation of ’’ strengthening 
phase. On the other hand, at the solution temperature of 980°C the loss of hardness 
is more pronounced for short tsol, due to the formation of  as already discussed 
above. Nevertheless, such loss of hardness is limited after 8 hours of solutioning 
with respect to what observed when the solution treatment is performed at 1065°C. 
This is consistent with the results obtained in the study of the solutioning step 
(figure 4.22) and is related to the presence of  precipitates, which hinder the 
development of ’’ phase on one hand but allow also to maintain the hardness for 

long periods of solubilization. 

  
Figure 4.38. Brinell hardness (HB10) and Vickers microhardness (HV0.01) as function of the 

solution treatment time after aging at 720°C for 8 hours. 

The first order effect of the temperature Tsol is negligible, however the ANOVA 
on table 4.1 reveals that Tsol has a little but statistically remarkable interaction effect 
with Tag1: the solution annealing at 1065°C enhances the impact of the aging 
temperature Tag1 on the final hardness (figure 4.36-C), therefore this solution 
temperature is better than 980°C when the higher value of Tag1 is adopted. This is 
in good agreement with the analysis reported at paragraph 4.2, in which the greater 
efficiency of the solution annealing at 1065°C in term of dissolution of preexisting 
second phases is ascertained with consequent higher level of Nb, Al and Ti available 
in the matrix for the formation of the strengthening phases. The plot in figure 4.36-
C also shows that a preliminary solution annealing at 980°C is preferable if the 
aging treatment is performed below a certain threshold temperature of about 690°C. 
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This is because in such condition the increase of hardness due to the  phase 
balances the missed formation of ’’ precipitates. 

Finally, the effect of tinv1 is lower when the aging is performed at 720°C rather 
than at 650°C. In other words, the hardness reaches faster a saturation level when 
Tinv1 is higher. 

On the base of the data collected in the 24 factorial plan, the following fit model 
is proposed: 

 
𝐻𝐵 = (359 ± 1) − (1 ± 1)𝑥𝑡𝑠𝑜𝑙

+ (33 ± 1)𝑥𝑇𝑎𝑔1
+ (7 ± 1)𝑥𝑡𝑎𝑔1

+  
+ (2 ± 1)𝑥𝑇𝑠𝑜𝑙

𝑥𝑡𝑠𝑜𝑙
+ (3 ± 1)𝑥𝑇𝑠𝑜𝑙

𝑥𝑇𝑎𝑔1
− (2 ± 1)𝑥𝑇𝑎𝑔1

𝑥𝑡𝑎𝑔1
 eq. 4.1 

 
where 𝑥 is the value of the considered factors in coded units. The higher and 

lower levels are denoted by 𝑥 = 1 and 𝑥 = −1, respectively. The hardness fitted 
values for each combinations of parameters are reported in table 2. 

Table 4.2. Brinell hardness values evaluated with the linear regression model of equation 4.1 for 
each combination of Tsol, tsol, Tag1, tag1. 

The highest hardness values are thus obtained with first aging at 720°C for 8 
hours and preliminary solution annealing at 1065°C/1h, 1065°C/2h and 980°C/1h. 
The hardness recorded on samples aged directly from the as built condition are 
reported in figure 4.39 in comparison with the data collected on the solutioned and 
aged samples. 

Tsol (°C) tsol (h) Tag1 (°C) tag1 (h) HB fit 
980 1 650 4 323 ± 3 
980 1 650 8 341 ± 3 
980 1 720 4 386 ± 3 
980 1 720 8 397 ± 3 
980 2 650 4 318 ± 3 
980 2 650 8 336 ± 3 
980 2 720 4 381 ± 3 
980 2 720 8 392 ± 3 
1065 1 650 4 313 ± 3 
1065 1 650 8 331 ± 3 
1065 1 720 4 389 ± 3 
1065 1 720 8 400 ± 3 
1065 2 650 4 315 ± 3 
1065 2 650 8 332 ± 3 
1065 2 720 4 391 ± 3 
1065 2 720 8 402 ± 3 
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Figure 4.39. Brinell hardness at different aging condition without preliminary solution annealing 

(direct aging) and with solution annealing at 1065°C for 2 hours. 

From this comparison, it is possible to observe that the direct aging heat 
treatment always provides higher hardness at the same value of aging temperature 
and time. This is not surprising, because after direct aging all the interdendrtic 
precipitates present in the as built state remain un altered and can hinder the 
dislocations motion and, as a consequence, the plastic deformation. However, the 
excessive content of undissolved prior Laves phases strongly affects the ductility 
and toughness of the alloy. Actually, Deng et al. report that the direct aging provides 
the highest hardness and tensile properties, but the lowest ductility with respect to 
other post treatment conditions that include a solution/homogenization step [160]. 

Figure 4.40 show the FESEM micrographs of the samples aged for 8 hours at 
650°C and 720°C without preliminary solution annealing and after solution 
annealing for 2 hours at 980 and 1065°C. Many small discoidal precipitates can be 
observed in samples aged at 720°C, whereas some very fine rounded particles are 
visible on the samples aged at 650°C. On the base of thermal analysis (paragraph 
4.1) and of previous investigation on the aging response (paragraph 4.3.3), one can 
conclude that the aging at 720°C leads to a relevant increase of the hardness because 
of the large precipitations of ’’ phase. Conversely, the aging at 650°C leads only 

to precipitation of very fine ’ particles that cause a lower strengthening of the alloy. 

The solution annealing step does not influence the type of strengthening precipitates 
formed, however it determines the homogeneity of the precipitates distribution. In 
the direct aged samples, the precipitation of strengthening phases occurs mostly at 
the interdendritic boundaries where the local level of Nb, Ti and Al is higher due to 
microsegregation during solidification (paragraph 3.2.4). Conversely, the ’ and ’’ 

precipitates distribution on the solution annealed samples is more uniform, although 
a film of second phases form also in these samples at the interdendritic boundaries. 
The plate-like  precipitates present on the samples solution annealed at 980°C 
leads to further microstructural heterogeneity. Actually, it is possible to observe a 
precipitates depleted zone around the  plates where ’’ precipitates don’t form. 
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Figure 4.40. FESEM micrographs of single aged samples in different solution conditions. 

The above reported observations confirm that the preliminary solution 
annealing at 1065°C followed by first aging at 720°C is the best heat treatment 
solution from the point of view of both hardness and microstructural uniformity. 

4.3.5 Second aging 

The Brinell hardness measurements, collected on the samples submitted to 
double aging treatment following the recipes of table 2.8, are graphically reported 
in figure 4.41. The Brinell hardness increases with the temperature Tag2, but the 
time of aging doesn’t provide a marked effect. At Tag2 = 630°C the hardness reaches 
a saturated value already after 4 hours of treatment and doesn’t increase anymore if 

the aging is prolonged to 8 hours. Conversely, at Tag2 = 520°C a slight decrease of 
the hardness is observed with 8 hours of aging. The Vickers microhardness 
achieved after the double aging confirm the general trend ascertained with the 
Brinell measurements, however a limited difference between the data relative to 
two second aging temperatures is observed. Note that the Vickers microhardness 
measurement is less suitable to detect slight difference in the average hardness of 
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the samples because it is more strongly affected by the local microstructural 
features and, therefore, the Vickers data are characterized by a marked fluctuation. 

  
Figure 4.41. Brinell hardness (HB10) and Vickers microhardness (HV0.01) in function of the 

second aging temperature and time after preliminary solution annealing at 1065°C for 2 hours and 
first aging at 720°C for 8 hours. 

Figure 4.42 reports the FESEM micrographs of the samples double aged with 
8 hours of second aging. During the second aging, the amount of inter-dendritic 
strengthening precipitates further increases. On the base of the thermal analysis 
outcome, ’ is expected to form at this temperature level. The ’ particles formed 

during the second aging plays in synergic mode with ’’ precipitates formed during 

the first aging resulting in the further increase of hardness detected on the double 
aged samples. The saturation hardness value is achieved quickly, as already earlier 
discussed, because of the rapid precipitation kinetic of ’. 

  
Figure 4.42. FESEM micrographs of double aged samples after preliminary solution annealing at 

1065°C for 2 hours and first aging at 720°C for 8 hours. 
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4.4 Conclusion 

The thermal analyses provided a useful basic starting point for the study of the 
microstructural evolution of Inconel 718 after production through SLM process. 
Actually, the temperature ranges at which the main thermal phenomena of 
dissolution and precipitation of second phases were obtained through DSC and 
TMA techniques. 

The solution annealing at 1200°C allows to obtain the greater level of 
dissolution of the second phases, however the intergranular precipitates are no more 
able to pin the grain boundaries at this temperature, therefore severe grain 
coarsening occurs with consequent strong reduction of the mechanical properties, 
evaluated here through Vickers microhardness measurements. At the standard 
solution temperature, i.e. 980 and 1065°C, intergranular precipitates form that 
prevent grain coarsening. On the samples solutioned at 980°C, plate-like  
precipitates are present and their volume fraction increase with the time of the 
solution treatment. The presence of  phase after solutioning at 980°C was also 
confirmed by the DSC and TMA analysis. The collected data allow to state that the 
 phase have two opposite effects on the alloy hardness: 

• it provides a certain strengthening that prevent an excessive softening of the 
alloy after prolonged time of solutioning; 

• it leads to low hardness due to hindering of the ’’ formation during the 

aging treatment because of the Nb sequestration. 

The solution treatment at 1065°C seems to be the best compromise between 
microstructural homogenization, dissolution of the pre-existing second phases and 
possibility to avoid grain coarsening. However, an excessive duration of the 
solution annealing at 1065°C leads to an important decrease of the hardness that 
cannot be completely recovered after aging. Therefore, the solution time has to be 
selected in order to dissolve the metastable Laves phases and reduce the 
microstructural heterogeneity of the as built state without causing excessively 
softening of the alloy. A solution time of 2 hours was found to achieve this balanced 
result. 

The formation and evolution of the ’, ’’ and  phases in the material, 
preliminary solutioned at 1065°C for 2 hours, during exposition to four 
characteristic temperatures were then investigated: 

• at 565°C the precipitation of ’ occurs predominantly; 
• at 740°C ’ is initially formed, then an extensive precipitation of ’’ occurs; 

an excessive exposition leads to coarsening of ’’ and consequent reduction 

of the microhardness; 
• at 800°C coarser ’’ precipitates form and the  phase forms at the grain 

boundaries, after prolonged exposition the ’’ precipitates transform to ; 
• at 870°C intergranular and intragranular  precipitates form and grow with 

the exposure time. 



174 Study on the effect of the post heat treatment 

These observations allow to interpret the results obtained during the 
optimization study of the complete heat treatment cycle, performed to identify the 
parameters that have the most important impact on the mechanical performances 
and the effect of these on the material microstructures. The final hardness of the 
alloy is mainly controlled by the selection of the temperatures of the two aging 
steps. The first aging temperature of 720°C was found to be the optimal selection 
for the formation of strengthening ’’ phases. Actually, a further increase of the 

temperature at 760°C leads to a loss of hardness due to excessive coarsening of the 
’’ particles. During the second aging step, further ’ strengthening particles can be 

formed. The greatest increase of hardness is obtained with a second aging step at 
630°C. 

Although it was observed that the preliminary solution annealing leads to a 
reduction of the achievable hardness after first aging treatment, such heat treatment 
procedure was preferred to the direct aging from as built state. This is due to the 
possibility to achieve dissolution of the pre-existing eutectics precipitates. The 
microstructural observations reveal that the solution step allows to obtain a more 
uniform distribution of the strengthening ’’ precipitates after aging. The solution 

treatment is advisable also to avoid embrittlement due to the presence of 
undissolved Laves phases. 

Figure 4.43 summarizes the hardness and microstructural evolution during each 
step of the optimal heat treatment cycle: solution annealing at 1065°C for 2 hours, 
first aging at 720°C for 8 hours and second aging at 630°C for 8 hours. The 
microstructural evolution of SLM Inconel 718 observed in this study after different 
post heat treatments is in good agreement with the results reported by Li et al. [217]. 

 
Figure 4.43. Mean Brinell hardness after each step of the optimized treatment cycle and relative 

microstructure. The error bars refer to 95% confidence ranges. 

 



 

Chapter 5 

Hot oxidation behavior 

The results of the oxidation tests on Inconel 718 alloy produced through SLM 
technique are presented and discussed in this chapter. 

The performed tests are divided in short term tests, in which the samples are 
oxidized until 56 hours, middle term tests, with oxidation runs up to 215 hours, and 
long term tests, with oxidation runs up to 908 hours. The short term tests allow to 
accurately observe the transition between the initial transient stage and the 
stationary oxidation regime. Middle term tests help to investigate the steady 
oxidation state. With these tests also the effects of the thermal cycling and the 
atmosphere of the preliminary solution annealing on the growth rate of the oxide 
will be also discussed (see paragraph 5.2). Finally, the long terms oxidation 
resistances help to identify the limit of service life of the specific SLM alloy. 
Besides the long period oxidation test of SLM Inconel 718 alloy also a traditionally 
fabricated Inconel 600 reference alloy is tested for sake of comparison. The 
different oxidation behavior of these alloys is evaluated also through the 
microstructural and composition study of the oxide scales formed on the alloys 
during the test. Part of the work concerning the long term oxidation tests has been 
previously published in [194]. 

The aged states were not considered during the hot oxidation tests because the 
aim of this study is to characterize the SLM Inconel 718 alloy in microstructural 
conditions in which the oxidation resistance is favored on the mechanical 
performances. These conditions are obtained by keeping dissolved in the  matrix 
the greatest possible amounts of alloying elements, in particular Al and Ti, which 
can concur in the formation of the passivating scale. 

Furthermore, the material was tested in view of a final application which 
involves long exposure periods at 850°C. As observed in the previous chapter, the 
strengthening phases ’ and ’’, formed during the aging steps, are not stable at this 

temperature; hence they would be rapidly dissolved during the first service period, 
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furthermore the ’’ precipitates could accelerate the formation of intragranular  
phase by acting as nucleation sites. 

5.1 Short term oxidation tests 

The gravimetric curves relative to the cyclic oxidation performed at the 
temperatures of 850°C and 900°C in air are reported in figure 5.1. During the 
execution of these tests, no detachment of the oxide scale from the surface of the 
samples has ever been detected. The thermally grown oxide layer remain stable and 
well adherent on the substrate for all the test duration and, consequently, can 
efficiently protect the metallic surface. Furthermore, no signs of an eventual 
evaporation of the superficial oxide layer have been ever detected; such an event 
would cause the failure of the diffusion barrier and it would be registered as an 
abrupt reduction of the mass during this test. 

Since the superficial oxide scale acts efficiently as protective barrier the 
oxidation resistance of the alloy can be evaluated by the oxide growth rate, that can 
be derived by the mass gain. A slow growth determines a reduced consumption of 
the oxide forming elements, typically Cr, Ti and Al, therefore the reserve of these 
elements in solid solution can guarantee long periods of stationary oxidation. 
Furthermore, a slow growth also allows to avoid an excessive fast thickening of the 
oxide layer that would cause the development of stresses at the metal/oxide 
interface and potential spallation of the protective layer. 

The mass gain behavior shown in figure 5.1 doesn’t reveal visible differences 

in the oxidation behaviors of the as built sample with respect to the ones previously 
submitted to solution treatments. 
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Figure 5.1. Mass gain (Δm/A) vs time (t) plots for the as built samples and the solutioned samples 
at the oxidation temperatures of 900°C (orange) and 850°C (blue) and relative fitting power laws. 

The mass gain behaviors are fitted in figure 5.1 using a power law. It is possible 
to observe that exponent values close to 0.5 are obtained on the samples oxidized 
at 900°C, this indicates that the parabolic law is quite well respected at this test 
temperature. Conversely, the exponent values obtained on the samples oxidized at 
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850°C are always lower than the theoretical value of 0.5, therefore a sub-parabolic 
curve is followed in this case. 

However, the sub-parabolic behavior can be described by a parabolic law in 
which the kp value is not constant but decreases during the first thermal cycles until 
a stable value is achieved. During this initial transient step, the oxide forms rapidly 
on the surface through the reaction of the fresh metal with the oxygen in the 
atmosphere, but it cannot act as diffusion barrier yet. Once the formation of the 
continuous protective layer is complete, the coefficient kp stabilizes to a constant 
value and the further growth of the scale becomes a totally diffusion controlled 
process. The formation and growth of the oxide can be approximately described by 
an average value kp, init, valid during the initial transient regime, and a second value 
kp, stat constant during the next steady state regime: 

 

(
∆𝑚

𝐴
)

2

= {
𝑘𝑝,𝑖𝑛𝑖𝑡 𝑡                                              when 𝑡 < 𝑡𝑖𝑛𝑖𝑡

𝑘𝑝,𝑖𝑛𝑖𝑡 𝑡𝑖𝑛𝑖𝑡 + 𝑘𝑝,𝑠𝑡𝑎𝑡 (𝑡 − 𝑡𝑖𝑛𝑖𝑡)   when 𝑡 ≥ 𝑡𝑖𝑛𝑖𝑡
 eq. 5.1 

 
The squares of the mass gains per unit of surface registered during the oxidation 

tests are plotted in figure 5.2 and 5.3 as function of the exposition time in order to 
distinguish the two oxidation regimes. At the oxidation temperature of 850°C, the 
initial transient regime lasts for a time tinit of about 8 hours (equivalent to the first 9 
thermal cycles). After this run in stage then the collected experimental points lay 
on a straight line with lower slope, that represents the actual parabolic law followed 
during the stationary oxidation regime. 
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Figure 5.2. Mass gain squares vs time plots for the as built samples and the solutioned samples at 

the oxidation temperatures of 850°C. The first nine points are fitter with a zero-intercept 
regression line (initial transient oxidation), the others are fitted with a line with lower slope 

(stationary oxidation). The error bars indicate the measurement uncertainties. 

Conversely, the collected experimental points relative to the samples oxidized 
at 900°C lay on a single straight line because the initial transient period is rather 
faster at this exposition temperature and it is already concluded after about 0.5-1 
hour. Therefore, the run in stage contribution is negligible at this test temperature. 
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Figure 5.3. Mass gain squares vs time plots for the as built samples and the solutioned samples at 

the oxidation temperatures of 900°C. The error bars indicate the measurement uncertainties. 

The kp values obtained in the short term oxidation tests through fitting 
according to the least squares method are reported on table 5.1. These values are in 
good agreement with the values reported in the literature (see table 1.11). However, 
the kp values obtained at 850°C are of two orders of magnitude lower than the value 
reported by Jia et al. for an Inconel 718 alloy produced by SLM technique applying 
a volumetric energy density of 130 J/mm3 (P = 130 W, v = 400 mm/s, hd = 50 m, 
layer thickness of 50 m) [90]. 



5.2 Middle term oxidation test 181 

Table 5.1. Estimated kp values of the initial and stationary oxidation regimes at the oxidation 
temperature 850°C and estimated kp values at the oxidation temperature 900°C. 

5.2 Middle term oxidation test 

The mass gains of the SLM Inconel 718 samples oxidized at 850°C for 215 
hours measured at the end of the middle term oxidation test are reported in figure 
5.4. The mean mass gains obtained for each combination of atmosphere of the 
preliminary solution treatment (air or vacuum) and oxidation modality (by isotherm 
exposure or thermal cycles) are also compared in figure 5.4. As already discussed 
at the paragraph 2.5, a very thin superficial layer forms spontaneously during the 
solution treatment in vacuum of Inconel 718 alloy; this layer is expected to 
influence the oxidation resistance of the material because it could act as a pre-
existing diffusion barrier. Actually, the results reported in figure 5.4 clearly show 
that the samples solutioned in vacuum tend to oxidize with minor intensity with 
respect to the not solutioned one and the ones solutioned in air and then lapped in 
order to expose a fresh metal surface. 

 
Figure 5.4. Mass gains collected after 215 hours in both cycled (red bars) and isothermal (blue 
bars) oxidation at 850°C on the as built and the solutioned samples used in the middle term test 

(the error bars indicate the measurement uncertainties). Solution annealing was performed at 
1065°C for 2 hours. The average mass gains of the samples solutioned in in air and in vacuum and 

oxidized in isotherm or via thermal cycles are also compared (the error bars indicate 95% 
confidence ranges). 

The Analysis of Variance (ANOVA) reported in table 5.2 confirms the 
statistically marked influence of the solution atmosphere on the oxide growth rate 
at 850°C. Furthermore, the ANOVA shows that the thermal cycling doesn’t lead to 
an evident detrimental effect with respect to the isothermal oxidation. The thermal 
shocks generated by the cycles of heating and rapid cooling in air, at which the 
samples are submitted during the interrupted oxidation tests, cause stresses at the 

State 
𝑇𝑜𝑥 = 850°𝐶 𝑇𝑜𝑥 = 900°𝐶 

𝑘𝑝,𝑖𝑛𝑖𝑡 
[10−4 mg2cm−4h−1] 

𝑘𝑝,𝑠𝑡𝑎𝑡 
[10−4 mg2cm−4h−1] 

𝑘𝑝 
[10−4 mg2cm−4h−1] 

As built 10.9 ± 2.2 5.1 ± 1.3 26.3 ± 0.8 
980°C/1h 11.8 ± 3.1 5.1 ± 1.3 21.3 ± 0.6 
980°C/2h 14.6 ± 3.1 6.5 ± 1.6 23.3 ± 0.9 
1065°C/1h 17.9 ± 4.8 7.3 ± 0.8 24.0 ± 0.9 
1065°C/2h 15.9 ± 3.1 7.7 ± 2.0 24.9 ± 0.9 
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metal/oxide interface which can potentially lead to cracks and voids affecting the 
protective capability of the passivating scale. Conversely, the observed very low 
influence of thermal cycling on the oxide growth rate at 850 °C is a further 
confirmation of the strong adhesion of the passivating oxide on the metal substrate 
and the resulting excellent hot oxidation resistance of Inconel 718 alloy at this 
temperature. 

Table 5.2. Analysis of Variance (ANOVA) for the main effects of the solubilization atmosphere 
(air or vacuum) and the oxidation modality (isothermal or cycled oxidation) on the mass gain after 
215 hours at 850°C and their combined effect. DOF: degrees of freedom; SS: sum of squares; MS: 

mean squares; F: F-ratio. 

The mass gain squares vs time plot with the experimental points collected after 
each oxidation cycle during the middle term test is reported in figure 5.5. When the 
oxidation period is much higher than 8 hours, the transient oxidation regime can be 
neglected, therefore the parabolic law describes the oxide growth rate with 
sufficient accuracy. The obtained values of the kp constants are in good agreement 
with the results of the short term test reported in table 5.1. The bulk microstructural 
modifications due to the preliminary solution treatment don’t seem to affect 

significantly the oxidation resistance, the only effect that can be observed derives 
from the superficial alteration caused by the thermal treatment in vacuum, as 
discussed earlier. 

 
Figure 5.5. Mass gain squares vs time plots for the as built sample and the solutioned samples 

oxidized via thermal cycles during the middle term test. The error bars indicate the measurement 
uncertainties. 

After 215 hours of oxidation, the mean oxide scale thickness is 1-1.5 m. The 
oxide morphology can be observed in the SEM micrograph reported in figure 5.6 

 DOF SS MS F p-value 

Main effects      

solution atmosphere 1 0.0469 0.0469 28.70 0.0007 

oxidation modality 1 0.0019 0.0019 1.15 0.3152 

Second order interactions      

combined effect 1 0.0002 0.0002 0.13 0.7302 
Residuals 8 0.0131 0.0016   
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obtained via backscattered electrons (BSE) mode. The main features of the oxide 
scale will be described in fine details at paragraph 5.4. Mainly a continuous 
superficial layer that appears in darker contrast in BSE images constitutes the 
superficial layer. Although this film is continuous, it has a not uniform thickness, 
as some protrusions of the oxide are present at the grain boundaries. Below this first 
continuous layer, a discontinuous interlayer, that appears in brighter contrast in the 
BSE images, is present between the oxide and the metallic alloy. It is possible to 
observe that isolated oxides that form below the superficial layer and predominantly 
at the grain boundaries interrupt the interlayer. Finally, the occurrence of internal 
oxidation can be detected along the grain boundaries until about 10 m in deep. No 
evident qualitative differences between the oxide scales grown on the samples 
solutioned in air and the ones solutioned in vacuum can be noted from the SEM 
micrographs. Apparently, they have the same morphological and microstructural 
features, but at a more detailed examination it is possible to observe that the 
interlayer tends to be thicker and more continuous on samples solubilized in 
vacuum, whereas this layer is sometimes even absent (figure 5.6-A) or reduced to 
isolated particles (figure 5.6-B) on the samples solubilized in air. 

 

  
Figure 5.6. Backscattered electrons (BSE) SEM images of the cross section of samples pretreated 

in air (A and B) and in vacuum (C and D) and oxidized at 850°C through thermal cycles (A and C) 
and in isotherm (B and D) for 215 hours. 
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5.3 Long term oxidation test 

Another oxidation test was carried out in order to investigate the oxidation 
resistance of SLM Inconel 718 alloy for long term period. Samples previously 
solutioned at 1065°C for 2 hours in vacuum atmosphere were exposed at 850°C in 
simple air in isothermal condition. For comparison, the same oxidation run was 
applied also on samples of Inconel 600. 

Inconel 600 is a nickel-based alloy with high mechanical properties and good 
oxidation and corrosion resistance [218]. This alloy was chosen for the comparison 
with SLM Inconel 718 on the long term oxidation behavior because it can be 
considered the base of the Ni-Cr-Fe systems with simpler chemical composition 
(Table 5.3), microstructure [219] and oxidation behavior [220], thus providing a 
convenient reference for evaluating the oxidation resistance improvement 
achievable with SLM Inconel 718 over the traditional obtained similar nickel 
superalloys. 

Table 5.3. Comparison between the chemical compositions of Inconel 600 and Inconel 718 
superalloys. 

The kp constant of the parabolic law is obtained using the points collected until 
351 hours of the mass gain squares vs time plot by calculating the linear regression 
line with the least square method (figure 5.7). The oxide growth is faster on the 
Inconel 600 samples and the value of the kp constant obtained with the solutioned 
SLM Inconel 718 samples is comparable to the one obtained in the middle term 
oxidation test (figure 5.5). 

In order to verify that the observed parabolic trends are maintained also for 
longer oxidation times, the samples removed after 351 ore were reused to collect 
further experimental points until a total oxidation period of 908 hours. 

These extra points are reported as triangles in figure 5.7. In the case of Inconel 
718 alloy, the extra points are compatible with the previously obtained parabolic 
model, this confirms the adherence and stability of the protective oxide scale, whose 
regular growth is controlled by the diffusion even after long period of oxidation. 
Conversely, the mass gains of the Inconel 600 samples start to be lower than the 
respective values predicted by the previously obtained parabolic model from 852 
hours of oxidation. This mass reduction can be ascribed to an oxide mass loss due 
to detachment or evaporation. 

Alloy Ni Cr Fe Nb Mo Ti Al C Others Source 
Inconel 600 >72 14-17 6-10 - - - - <0.15 <1 Mn, <0.015 S, <0.5 Si, 

<0.5 Cu [218] 

Inconel 718 50-55 17-21 Bal. 4.74-
5.5 2.8-3.3 0.65-

1.15 0.2-0.8 <0.08 <1 Co, <0.3 Cu, <0.35 Si + Mn, 
<0.015 P + S, <0.006 B [185] 
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Figure 5.7. Mass gain squares vs time plot of solutioned SLM Inconel 718 and Inconel 600 

oxidized at 850°C with relative zero-intercept linear regressions lines. The dotted lines indicate 
95% confidence ranges, the error bars indicate the measurement uncertainties. First published in 

[194]. 

The optical images of the cross sections of the oxide scales growth on Inconel 
718 and Inconel 600 after 908 hours are shown in figure 5.8. On the Inconel 718 
sample, the oxide appears more regular, despite the presence of outwardly 
developed protrusions and internal oxidation along the grain boundaries. 
Nevertheless, the metal/oxide interface is flat even after such prolonged exposure 
to high temperature. On the Inconel 600 sample, the metal/passivating compact 
oxide interface has a sinusoidal profile. This is a consequence of local inward 
oxidation and metal consumption. Furthermore, at these locations a double layered 
oxide is formed: the inward layer is constituted by the compact film that assumes 
such wavy shape, whereas the outward layer is porous an loosely adherent with the 
inward layer. A certain grade of internal oxidation is also visible on Inconel 600, 
however these samples have not strongly oriented grain boundaries like the SLM 
Inconel 718 samples and therefore the internal oxidation is less evident. 



186 Hot oxidation behavior 

 
Figure 5.8. Optical micrographs of the cross section of the oxide scales grown on Inconel 718 and 
Inconel 600 alloys after 908 hours of isothermal oxidation. BD indicates the Building Direction of 

the Inconel 718 sample. 

The mean thickness of the oxide scale after different oxidation time was 
achieved through image analysis of optical micrographs, like the representative 
ones shown in figure 5.8. If the assumption of a superficial scale entirely made by 
chromia with a theoretical density 𝜌 𝐶𝑟2𝑂3

 of 5.22 g/cm3 [221] stands, the theoretical 
relationship between the mass gain for unit of exposed surface Δm/A and the 
thickness s of the scale is: 

 

𝑠 =
𝑉𝑚𝑜𝑙,𝐶𝑟2𝑂3
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where 𝑀𝑚𝑜𝑙,𝑂 is the oxygen molar mass, equals to 15.9994 g/mol, 𝑉𝑚𝑜𝑙,𝐶𝑟2𝑂3
=

𝑀𝑚𝑜𝑙,𝐶𝑟2𝑂3
𝜌 𝐶𝑟2𝑂3

⁄  is the molar volume of chromia and 𝑀𝑚𝑜𝑙,𝐶𝑟2𝑂3
 is the molar mass 

of chromia, equals to about 151.9902 g/mol. The mean thickness and the relative 
mass gains per unit of area, measured on the samples submitted to different time of 
exposure at 850°C, are plotted in figure 5.9. It is possible to observe that the 
theoretical value of equation 5.2 falls in the estimated range of the slope relative to 
the Inconel 718 samples. This gives clues to the fact that the oxide scale is mainly 
constituted by a uniform and dense layer of chromia and by other eventual minor 
microstructural constituents. For instance, the oxides of the other alloying elements 
such as Ni, Fe, Ti and Al, and the interlayer observed in the SEM micrograph of 
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figure 5.6, can be neglected in first approximation. This justifies the use of the 
parabolic model to describe the oxide growth. 

As for the Inconel 600 alloy, the estimated slope value is very lower than the 
theoretical value (figure 5.9). This indicates that in this case the scale is not 
constituted only by a dense chromium oxide. Actually, some large isolated oxides 
are visible in the cross sections (figure 5.8) above the continuous layer. In these 
conditions, the parabolic model, based on the hypothesis of formation of a uniform 
and dense protective layer, is less suitable to describe the hot oxidation behaviors 
of the alloy, especially for long period of exposure as observed in figure 5.7. 

  
Figure 5.9. Oxide thickness vs mass gain plots for Inconel 718 and Inconel 600 alloys in 

comparison with the theoretical value of equation 5.2. The dotted lines indicate 95% confidence 
ranges. 

5.4 Morphological and microstructural features of the 
oxide scale 

The structure of the oxide scale formed during the long term oxidation test on 
Inconel 718 was studied and compared with the reference Inconel 600 alloy using 
FESEM micrographs and EDS analysis. As already pointed out at paragraph 2.7.3, 
the EDS analysis cannot provide an exact quantitative information, but they can 
still be used to determine the nature of the observed constituents of the oxide scales. 

The FESEM micrograph in figure 5.10 shows the oxide scale formed after 908 
hours of oxidation on Inconel 718. The interface between the scale and the metal 
substrate is shown in greater detail in figure 5.11. The point EDS analyses of all the 
observed constituents are reported in figure 5.12. It is possible to observe that the 
superficial scale is mainly composed by a dense layer of chromia with minor 
contents of Al, Ti and Fe impurities (point 1 in figure 5.12). Inside the chromia 
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layer, some small areas rich in Fe and Ni (point 2 in figure 5.12), that appear in 
brighter contrast near the interface, are also present. These regions are probably not 
oxidized fragments of the alloy remaining embedded in the chromia scale during 
the inward growth of the oxide layer. 

 
Figure 5.10. Backscattered electrons (BSE) FESEM image of the cross section of the oxide scale 

grown on SLM Inconel 718 after 908 hours of isothermal exposure at 850°C. The sample was 
previously solutioned at 1065°C for 2 hours in vacuum. BD indicates the Building Direction of the 

sample. First published in [194]. 

The discontinuous interlayer, already mentioned on the samples submitted to 
the middle term oxidation test (figure 5.6), is here clearly visible (figures 5.10 and 
5.11). The presence of a discontinuous interlayer between the oxide and the metal 
alloy was also observed by Delaunay et al. [86] and Al-Hatab et al. [87], who 
identify it as an intermetallic layer with Ni3Nb stoichiometry. This film can act as 
a second diffusion barrier to both the O2- anions and the cations. Therefore, it can 
increase the oxidation resistance of the alloy. According to these studies, the EDS 
analyses (point 3 in figure 5.12) indicate that the interlayer is actually richer in Nb. 

Internal oxides that develop along grain boundaries interrupt this interlayer. 
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Figure 5.11. Backscattered electrons (BSE) FESEM images showing in greater details the 

morphology and structure of the oxide scale on SLM Inconel 718 after 908 hours of isothermal 
exposure at 850°C. First published in [194]. 

Compared to the superficial layer, the internal oxides close to the oxide/metal 
interface are richer in Ti (point 4 in figure 5.12), instead the deeper ones are mainly 
constituted by Al (point 5 in figure 5.12). 
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Figure 5.12. Sample of Inconel 718 oxidized for 160 hours at 850°C. Spot EDS analysis on: 
superficial oxide layer (spectrum 1); particles embedded in it (spectrum 2); thin interlayer at 

metal/oxide interface (spectrum 3); internal oxides rich in Ti (spectrum 4); deeper internal oxides 
rich in Al (spectrum 5); intergranular precipitate (spectrum 6). First published in [194]. 

The above reported observations on the morphology of the oxide scale allow to 
state that Inconel 718 belongs to the group II according to the classification of 
Giggins and Pettit (see paragraph 1.3.6), on which a chromia scale forms on the 
surface and an aluminum oxide subscale forms beneath. After a first step of 
transient oxidation, the steady-state oxidation kinetics of the oxide is controlled by 
the outward diffusion of cations, mainly Cr3+, and by the inward diffusion of O2- 
anions through the scale. The outward diffusion of Cr3+ and other cations (Al3+ and 
Ti2+) allows the growth of the superficial doped chromia layer, that constitutes 
almost all of the total volume of the scale. At the same time the inward diffusion of 
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O2- anions leads to the formation of the internal Ti and Al oxides. The oxides 
sequence found here on Inconel 718 starting from the surface and moving inwards 
is also reported by Chen et al. [222] on Astroloy, Waspaloy and Udimet 720 alloys 
oxidized between 900°C and 1000°C. This sequence reflects the oxygen affinity of 
the oxide-forming elements present in the alloy. An oxygen concentration gradient 
is formed during the thermal exposure between the surface and the metal substrate 
that drives the diffusion of the O2- anions. Therefore, moving in depth from the 
surface, the oxygen concentration decreases until the equilibrium value 
𝑝𝑂2,𝑒𝑞,𝐶𝑟2𝑂3

(𝑇 = 850°𝐶), relative to the reaction of chromium oxidation 2𝐶𝑟 +

3 2⁄ 𝑂2 ⇄ 𝐶𝑟2𝑂3, cannot be attained. At this point chromia ceases to form, but Ti 
and Al can still oxidize because they have a higher oxygen affinity (see the plot of 
figure 1.30), i.e. a lower value of 𝑝𝑂2,𝑒𝑞(𝑇 = 850°𝐶), leading to the formation of 
the observed internal oxides. The aluminum oxides are formed at a greater depth 
than Ti oxides because 𝑝𝑂2,𝑒𝑞,𝑇𝑖𝑂2

(𝑇 = 850°𝐶) > 𝑝𝑂2,𝑒𝑞,𝐴𝑙2𝑂3
(𝑇 = 850°𝐶). 

The development of the oxide scale is further complicated by the role of the 
thin Nb-rich interlayer observed at the oxide/metal interface, which appears to act 
as a diffusion barrier to the inward diffusion of O2- anions, greatly reducing the 
formation of internal oxides in intragranular areas. However, the growth of the 
oxide is faster along grain boundaries, which represent preferential paths along 
which the mobility of the diffusion species is higher. 

This results in a greater thickening of the superficial chromia layer, due to more 
intense outward diffusion of Cr3+ and consequent formation of the observed oxide 
protrusions, and in the interruptions of the interlayer along with the formation of 
internal Ti and Al oxides along grain boundaries due to inward diffusion of the O2- 
anions. 

The Nb-rich interlayer is detectable also on the samples solutioned in air after 
the middle term oxidation test (see figure 5.6), therefore this thin interlayer forms 
during the thermal exposure. However, the pre-existent superficial layer that forms 
during solution annealing in vacuum due to Nb segregation (see paragraph 2.5) 
probably facilitate the stabilization of the Nb-rich interlayer in the intragranular 
zone. This explains the better oxidation resistance observed in the samples 
solutioned in vacuum with respect to the as built or treated in air ones (figure 5.4). 

The structure of the oxide scale formed on the Inconel 600 alloy after 908 hours 
is shown in the FESEM micrograph of figure 5.13. The relative EDS analyses are 
also reported in figure 5.13. The oxide scale developed in Inconel 600 alloy appears 
quite different from that observed on Inconel 718. Actually, the chromia layer 
(point 2 in figure 5.13), visible in darker constrast, is more corrugated and its 
formation is disturbed is some points by the presence of isolated and less dense 
oxides, visible brighter in contrast, that form a discontinuous superficial layer. EDS 
analysis reveals that the superficial discontinuous layer is mainly constituted by 
nickel oxide (point 1 in figure 5.13), therefore this alloy belongs to the group I in 
the classification of Giggins and Pettit. 
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This explains the discrepancy between the theoretical slope of equation 5.2, 
calculated by assuming an oxide scale mainly composed of chromia, and the one 
experimentally obtained on the oxidized samples of Inconel 600 (figure 5.9). The 
superficial isolated nickel oxides are poorly protective, therefore the chromia scale 
below continues to grow during the thermal exposure. 

Also on the Inconel 600 samples some internal oxidation occurs. The EDS 
analysis (point 3 in figure 5.13) indicates that the deep oxides are again mainly rich 
in aluminum. In Inconel 600, the interlayer between the superficial oxide scale and 
the metallic substrate is completely absent. The thickening of the chromia layer 
seems to occur mainly due to inward growth because the diffusion of O2- anions is 
not hindered by the presence of a second diffusive barrier. Such inward growth 
explains the formation of a wavy oxide/metal interface. 

 

 
Figure 5.13. Backscattered electrons (BSE) FESEM image of the cross section of the oxide scale 
grown on Inconel 600 alloy after 908 hours of isothermal exposure at 850°C. Spot EDS analysis 

on an isolated superficial oxide (point 1), the continuous oxide layer (point 2) and an internal 
oxide (point 3). 
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5.5 Conclusion 

The performed tests clearly demonstrate the high oxidation resistance of 
Inconel 718 alloy produced by SLM process. Actually, cracking, detachment or 
evaporation of the protective oxide scale have never been observed during the 
execution of these tests. Therefore, the alloy can certainly be used in applications 
involving long term exposures at temperatures up to 850°C 

The short term tests show that the alloy passes through an initial transient period 
of oxidation in which the growth rate is faster because the superficial protective 
layer is not fully formed yet. After this run in step, the growth of the oxide stabilizes 
on a parabolic behavior, which indicates a process of further oxidation controlled 
by diffusion through the protective layer. The initial transient regime lasts about 8 
hours at the oxidation temperature of 850°C, instead it is very rapid and ends within 
the first test hours for oxidation runs at 900°C. 

The preliminary solution treatment does not visibly affect the oxidation 
resistance of SLM Inconel 718. The only clear effect found concerns the 
solubilization atmosphere. In particular performing the solution annealing in 
vacuum provokes the spontaneous formation of a thin superficial layer which 
reduces the kinetic constant kp of the parabolic law. It is believed that this thin layer 
formed during the thermal exposition in vacuum can help the stabilization of the 
Nb-rich layer between the oxide and the metal substrate, which acts as a second 
barrier to diffusion. 

The thermal cycling doesn’t affect the stability of the oxide scale, that is able 

to withstand thermal shocks without losing its protective function. 
A denser and more uniform oxide scale forms on the SLM Inconel 718 alloy 

with respect to the reference Inconel 600 alloy. As a consequence, the parabolic law 
is respected even for long term exposure at 850°C. The oxide scale is mainly 
constituted by slightly doped chromia, but some Ti and Al oxides are also present 
especially along grain boundaries. 

 





 

Chapter 6 

Study on the pack aluminization 
process on SLM Inconel 718 alloy 

In the last part of the research, aluminization trials were performed modulating 
both the process temperature and the composition of powder pack compositions. 
The results of such trials are hereby reported and discussed. 

Three heat treatment recipes were studied during the aluminization trials: 

• heating at 7-8 °C/min, holding at 900°C for 5 hours and slow furnace 
cooling (intermediate temperature test); 

• heating at 7-8 °C/min, holding at 1065°C for 2 hours and slow furnace 
cooling (high temperature test); 

• heating at 7-8 °C/min, holding at 800°C for 5 hours and slow furnace 
cooling (low temperature test). 

The mechanism of formation of the coating for each set of process parameters 
is deduced from the analysis of the morphology and the structure of the obtained 
coatings. 

At the intermediate temperature, further aluminization tests were perform in 
order to evaluate the possibility to operate in over pack mode, i.e. with a sample not 
completed embedded in the aluminization pack. The interest in the over pack mode 
derive from the possibility to avoid the problems related to removal of the powders 
from hard accessible surfaces after the aluminization process. Furthermore, the 
feasibility of the pack aluminization technique to obtain a suitable coating on the 
internal surfaces of narrow channels. These last trials were particularly challenging 
for pack aluminization, but practically impossible for all deposition techniques 
which require a free line of sight between the deposited material source and the 
substrate to be coated. 
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6.1 Intermediate temperature aluminizing trials 

6.1.1 The coating structure 

All the samples of the intermediate temperature test have gain mass after the 
process, the mass gains for unit of surface area are reported in table 6.1. 

Table 6.1. Mass gains for unit of surface area collected after the aluminizing test performed at 900 
°C for 5 hours. 

The mass gain is due to the addition of Al during the treatment and it increases 
with the Al content in the pack, whereas the quantity of activators in the pack has a 
lower influence. 

In figure 6.1 the optical micrograph of the cross section of the coating obtained 
on the samples aluminized in the intermediate temperature test are reported. With 
the only exception of sample A3, the coatings developed on these samples have all 
the same qualitatively morphology. In particular, the coatings formed on samples 
A1, A2 and A4 appear regular and uniform in thickness. However, a superficial 
porous layer with different extension characterizes all of them. 

Samples Pack composition 
(wt. %) Δm/A (mg/cm2) 

A1 10% Al,   5% NH4Cl, 85% Al2O3   7.1 ± 0.2 
A2 15% Al,   5% NH4Cl, 80% Al2O3   9.9 ± 0.2 
A3 10% Al, 10% NH4Cl, 80% Al2O3   7.5 ± 0.2 
A4 15% Al, 10% NH4Cl, 75% Al2O3 10.1 ± 0.3 
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Figure 6.1. Optical micrographs of the cross sections of the coatings developed on the samples 

during the intermediate temperature test (900°C for 5 hours). 

The microstructure of the coatings can be observed in finer details through the 
SEM micrographs of figure 6.2. The coating on samples A1, A2 and A4 show the 
general layered structure described below: 

• an outer layer with a high degree of porosity and cracks is present; 
• beneath the superficial layer, there is an intermediate dense layer; 
• finally, a thin inner interdiffusion layer with thickness between 4 and 8 m 

is present. 

The overall thickness of the coating on sample A1 is about 23 m. In this 
coating, the extension of the outer superficial porous layer is irregular. Actually, it 
is very thin in some regions, whereas in others it extends through all the coating 
section. On the contrary, on the sample A2 and A4, that were treated with the same 
amount of aluminum in the pack, the overall thickness of the coating is similar and 
lays between 50 and 60 m. However, the extension of the superficial porous layer 
is different in these two samples. Actually, the porous layer covers from one third 
to half of the overall coating thickness on the sample A2, whereas it covers almost 
entirely the coating on sample A4. 

Finally, the aluminization process didn’t provide a uniform coating on sample 
A3. A discontinuous layer didn’t develop on the surface of such sample and, on the 

contrary, it is possible to observe isolated superficial regions in which protrusion 
growth outwardly for about 9 m and areas elliptical in shape formed inwardly for 
about 9-12 m in depth. 
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Figure 6.2. SEM micrographs of the cross sections of the coatings developed on the samples 

during the intermediate temperature test (900°C for 5 hours). BE: Backscattered Electrons mode; 
SE: Secondary Electrons mode. 

The microstructure of the coating on sample A2 was further investigated 
through FESEM observations and EDS analysis. The FESEM images reported in 
figure 6.3 show with finer details the characteristic features of the different layers 
that compose the coating. 

A large number of precipitates with elongated shape characterizes the inner 
interdiffusion layer. These precipitates tend to be disposed along the normal 
direction with respect to the coating/substrate interface. 

In the dense intermediate layer there are a lot of small dispersed precipitates. 
This layer can be further subdivided in two sublayers (figure 6.3-A): a minor 
amount of fine precipitates (< 1 m) is present in the more internal sublayer, 
whereas there are more dispersed precipitates and, generally, with greater size 
(about 2-3 m) in the outer sub-layer. 

Between the intermediate layer and the external porous layer there is a 
progressive transition. In the backscattered SEM images, the superficial layer 
appears in brighter contrast with respect to the intermediate layer, indicating a 
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compositional difference and, in particular, a higher average atomic number. The 
superficial layer is almost completely covered by porosities and microcracks 
(Figure 6.3-C) that nucleate during high temperature aluminizing. The superficial 
layer is also characterized by a certain degree of oxidation. 

  
Figure 6.3. BSE FESEM image of the coating on sample A2 showing the layered structure (A). 

Higher magnification of the interdiffusion layer (B) and the passage between the dense layer and 
the porous one (C). 

The EDS analysis (figure 6.4) shows that the intermediate layer has relative 
amounts of Al and Ni that are compatible with the -AlNi phase. Actually, the ratio 
between the atomic content of Ni and the one of Al is about 0.9. Therefore, the 
observed layer is reasonably constituted by intermetallic AlNi. The other elements 
are probably entrapped in the precipitates that can be distinguished in heavier 
elements (Nb, Mo) rich precipitates (brighter in figure 6.3-C) and in lighter 
elements (Cr, Fe) rich precipitates (darker in figure 6.3-C). The presence of these 
two types of precipitates is confirmed also by the EDS line analysis carried out 
along the intermediate layer and reported in figure 6.5. In fact, it is possible to 
observe that peaks of the signals relative to Cr, Fe, Ti, Nb and Mo and valleys of 
Ni and Al are present (black arrows in figure 6.5) whenever a precipitate is crossed 
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by the analyzed line. Conversely, the precipitates placed on the interlayer are 
predominantly rich in heavier elements Nb and Mo. 

 

 
Figure 6.4. Spot EDS analyses on the porous superficial layer (point 1) and on the intermediate 

dense layer (point 2) of sample A2. 

The porous superficial layer has a considerably smaller quantity of Al, in fact 
the ratio between the atomic content of Ni to the one of Al increases to about 2.9. 
Therefore, it is reasonable to assume that the superficial layer is constituted by 
AlNi3 phase. The presence of a lower amount of Al in the superficial layer denotes 
that a depletion of aluminum along a certain thickness of the forming coating can 
already occur during the pack aluminization process. The reasons and the 
consequence of the observed de-aluminization of the superficial layer is addressed 
below. No or very few heavier elements (Nb and Mo) are present in the superficial 
layer, whereas some lighter elements (Cr and Fe) are still detectable. 
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Figure 6.5. EDS line analysis showing the profile of the chemical elements present along the 

intermediate layer of the coating (sample A2). Black arrows indicate the peaks of the Cr, Fe, Nb, 
Mo and Ti signals and the valleys of the Al and Ni signals in presence of a precipitate on the 

intermediate layer. 

6.1.2 Aluminate coating formation mechanism 

The aluminization test performed at intermediate temperature can be classified 
as high aluminum activity process because of the large amount of Al in the pack 
and the relative low treatment temperature. Therefore, a LTHA mechanism of 
formation of the coating could be expected, i.e. a predominantly inward growth of 
the aluminized layer. Nevertheless, the observed coating structure shows evidences 
of both inward and outward grown. The inward growth is due to diffusion of Al 
from the surface in contact with the aluminizing vapors that leads to the conversion 
of the alloy into intermetallic -AlNi. The alloying elements, i.e. Cr, Fe, Ti, Nb and 
Mo, tend to segregate after the conversion of the metallic matrix into the 
intermetallic phase due to the low solubility of these elements in the -AlNi phase. 
This causes the formation of the already observed precipitates in the intermediate 
layer. 

However, the -AlNi layer is partially formed also by the outward diffusion of 
Ni from the metallic alloy as occurred in the low aluminum activity process. 
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Actually, the formation at the inner layer of precipitates perpendicularly oriented 
with respect to the substrate/coating interface is a well-known sign of the Ni 
depletion that occurs below the initial interface due to its outward diffusion. The 
outer sub-layer with coarser precipitates is formed through the inward growth of 
the intermetallic and it must be constituted by hyper-stoichiometric AlNi to allow 
the inward diffusion of Al towards the substrate. Conversely, the inner sub-layer is 
formed through outward growth and the few small precipitates present in it can be 
explained by a limited diffusion of the alloying elements. Therefore, the inner sub-
layer must be constituted by hypo-stoichiometric AlNi to allow the outward 
diffusion of Ni. 

To explain this structure, one can argue that conditions of high aluminum 
activity occur during the first part of the aluminization. During this step the 
formation of the coating occur predominantly through inward growth of 
hyperstoichiometric -AlNi, in which the diffusion of Al prevails on the diffusion 
of Ni. When the coating reaches a certain thickness, the content of Al near the 
interface with the substrate falls below the 1:1 stoichiometric ratio. In this region 
the outward diffusion of Ni become predominant leading to the growth of 
hypostoichiometric -AlNi. This coating formation model is schematically shown 
in figure 6.6. Similar aluminide coating structures, which are produced by 
contemporary presence of features of both high and low activity process, are also 
reported by Das et al. [110] (see also figure 1.34). 

 
Figure 6.6. Schematic representation of the coating formation mechanism. 

6.1.3 Aluminate coating degradation mechanism 

The micrographs reported in figure 6.3 show that degradation of the coating 
occur during the aluminization treatment leading to the formation of the superficial 
porous and cracked layer. Based on the EDS analysis reported in figure 6.4, one can 
assume that the coating degradation is activated by a de-aluminization of the 
superficial layer. According to Smialek and Lowell [223], the superficial depletion 
of Al on AlNi coatings in oxidizing environment is due to the combined effect of 
the interdiffusion with the substrate and the spalling of aluminum oxides formed at 
the surface. Because of the rapid consumption of the Al source pack during the first 
stage of the aluminization [110], the superficial de-aluminization can already occur 
during the pack aluminization treatment as soon as the introduction of new Al from 
the aluminizing vapors become insufficient to compensate for the reduction of the 
superficial Al content due to inter-diffusion. Actually, the aluminide coating can 
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still grow in thickness, even after that the Al source in the pack is exhausted, during 
the remaining part of the heat treatment due to the concurrent inward diffusion of 
Al and outward diffusion of Ni from the substrate. However, the growth of the 
coating occurs by consuming the Al content in the superficial layer. Furthermore, 
isolated aluminum oxides can form on the surface of the coating even with a very 
low oxygen pressure, this leads to further de-aluminization. In these conditions, the 
Al content in the -AlNi phase is progressively reduced until AlNi3 is formed. The 
presence of AlNi3 at the interface between AlNi and the forming oxide was 
observed also by Zhang et al. [224], which demonstrated that the formation and 
stability of this layer depend on the balance between the aluminum consumed by 
the oxidation and the aluminum supplied by the AlNi layer through outward 
diffusion. If the oxidation rate is high enough, the Al content in the upper part of 
the AlNi layer is reduced until the stability field of the AlNi3 phase is reached (see 
Ni-Al phase diagram in figure 1.32). 

Therefore, the process of progressive degradation of the coating is driven by 
the oxidation reaction of AlNi: 

3AlNi +
3

2
O2 → AlNi3 + Al2O3 

A similar degradation mechanism of an aluminide coating, driven by the 
superficial depletion of Al, on a Hastelloy X alloy is also proposed by Lee and Kuo 
[106]. 

The superficial layer of AlNi3 cannot act as an effective diffusion barrier due 
to the formation of a large number of voids on it, as it can be observed in the 
micrographs in figure 6.3. The formation of voids at the interface with the oxide 
scale can occur even during the oxidation of AlNi bulk [225]. The presence of voids 
in the aluminide coating on Ni based substrate is also reported in several studies 
[97] [224] [226] [227] [228] [229] and their formation is usually ascribed to the 
Kirkendall effect. The pore production through Kirkendall effect usually takes place 
at the interface between two different metals due to reciprocal interdiffusion [230]. 
This occurs when two opposite and unbalanced diffusive fluxes are established with 
consequent formation of a net flux of vacancies. Pores are formed by condensation 
of the vacancies that are accumulated on the side of the faster diffusion metal. 

Because of the high difference in the diffusion coefficients of Al and Ni in the 
not stoichiometric AlNi phase (see figure 1.36), the Kirkendall effect can have a 
role in the formation of pores in the superficial layer. Furthermore, Angenete et al. 
explained the formation of voids through a stress-driven vacancy coalescence 
mechanism [231]: the transformation of AlNi phase in the AlNi3 intermetallic 
occurs with a certain volume variation and consequent formation of internal 
stresses, after that pores can form by coalescence of the vacancies that accumulate 
in the region where a tensile stress state is present. Beside the phases 
transformation, also the formation of the oxides can generate internal stresses that, 
in turn, can originate microcracks in the brittle AlNi3, as shown in figure 6.3-C, 
with consequent further degradation of the coating. 
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In order to investigate the degradation of the aluminized coating under thermal 
exposure, the sample A2 of table 6.1 was submitted, after the aluminization process, 
to 72 hours of oxidation at 850°C in simple air. The FESEM micrographs reported 
in figure 6.7 show the alterations that have occurred in the coating during such 
oxidation test. 

First of all, it is possible to observe that the overall thickness of the coating is 
increased of few tens of micrometers. Some care should be taken in comparing the 
thickness of the single layers because of a certain inhomogeneity of the coating that 
leads to not negligible differences of the thicknesses between different zones also 
on the surface of the same sample. However, by comparing with the micrograph of 
figure 6.3, it is possible to note that both the intermediate layer and the superficial 
porous layer tend to increase during the thermal exposure. Inside the intermediate 
dense layer, the thickness of the sublayer 2, rich in coarser precipitates, doesn’t 

appear greatly modified, instead the thickness of the beneath sublayer 1 increased 
slightly. Furthermore, a newly formed sub-layer 3 is visible above sub-layer 2 
(figure 6.7). These observations confirm that the further growth of the intermediate 
layer can occur, even without an aluminizing atmosphere, due to inter-diffusion 
mechanisms of Ni and Al. It is possible to argue that an initial thickening of the 
sub-layer 1 occur, at the beginning of the thermal exposition, due to outward 
diffusion of Ni through the hypo-stoichiometric AlNi layer. This growth of sub-
layer 1 occurs at the expenses of the Al content in the sub-layer 2. When the sub-
layer 2 is sufficiently depleted in Al, it becomes hypostoichiometric and then the 
outward diffusion of Ni through this sub-layer becomes possible leading to the 
formation of sub-layer 3. 

 
Figure 6.7. Aluminide coating on sample A2 after oxidation for 72 hours at 850°C. 
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During the thermal exposure, the interdiffusion and the formation of aluminum 
oxides cause further degradation of the superficial layer, which advances 
consuming the intermediate layer (figure 6.8). 

 
Figure 6.8. Schematic representation of the coating degradation mechanism. 

The degraded layer has a mixed structure made by aluminum oxides and 
intermetallic phases as shown in figure 6.9. The oxides are probably formed by 
infiltration of the oxygen throughout the voids formed in the intermetallic layer as 
above discussed. 
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Figure 6.9. Spot EDS analyses on the oxidized zone (point 1) and on the intermetallic part (point 

2) of the superficial layer of the coating on sample A2 after thermal exposure for 72 hours at 
850°C in air. 

The internal stresses, developed due to progressive oxidation of the superficial 
layer, can cause spalling of the coating due to local detachments at the 
oxide/intermediate layer interface. In figure 6.10 it is possible to observe that where 
spalling occurred the intermediate layer is exposed to the air and suffers for further 
oxidation and degradation during the thermal exposure. 

 
Figure 6.10. BSE FESEM micrograph showing the spalling of the coating on sample A2 observed 

after exposition at 850°C for 72 hours. 
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6.1.4 The over pack mode 

The analysis of the coating formed on the bars semi-embedded in the 
aluminizing pack allows to compare the quality of the coating formed on a 
completely embedded surface with respect to one coated in over pack mode when 
all the other conditions, i.e. pack composition, temperature and time of the heat 
treatment, are the same. The two packs used to coat the bars differ only for the 
content of the activator (3% for bar B1, 7% for bar B2) and have 15% of Al as in 
the samples A2 and A4. 

On the totally embedded zones the coating develops with the same features 
(figure 6.11) already observed in the samples A2 and A4 consisting of an inter-
diffusion layer, a dense layer with dispersed precipitates and actually constituted by 
two sub-layers and a superficial porous and oxidized zone. The coating on bar B1 
has an average thickness of about 46 m and an inter-diffusion layer beneath of 
about 7 m. Bar B2 has a thicker aluminide coating of about 62 m on average and 
an inter-diffusion layer of about 11 m. In both the samples, the extension of the 
degraded part of the coating varies greatly between different zones on the surface. 

 

  
Figure 6.11. Optical micrographs of the cross sections of the coatings developed on the totally 

embedded part of the bars (dotted ellipse in the schematic drawing). 

On the not embedded end of the bars, the coating has a poor adherence with the 
substrate and, therefore, tends to exfoliate and to expose the metal substrate below. 
The detachment between the coating and the substrate tends to occur below the 
inter-diffusion layer as shown in the optical micrographs of figure 6.12. 

  
Figure 6.12. Optical micrographs showing the spalling of the aluminide coating formed in the 

middle of bar B1 and at the not embedded end of bar B2. 



208 Study on the pack aluminization process on SLM Inconel 718 alloy 

The degradation of the coating became more and more severe moving towards 
the not embedded end. In the totally embedded end of the bars, the coating achieves 
the same morphology and structure observed in figure 6.1, but the extension of the 
porous and oxidized layer tends to increase moving towards the opposite end (figure 
6.13-A). On the section placed near the surface of the powder pack, the thickness 
of the coating is lower. Additionally, the dense intermediate layer is still detectable 
in some zones, for example the one shown in figure 6.13-B, but it is completely 
consumed in the others, as shown in figure 6.13-C. Finally, at the not embedded 
ends the coating strongly damages and exfoliates along the most of the surface 
(figure 6.13-D). 

 

 
Figure 6.13. Optical micrographs showing the coating formed on bar B1 in different positions 

respect to the powder pack. 

The obtained results clearly demonstrate that the over pack mode cannot be 
used in the treatment conditions adopted in this study. Coating with good quality 
can be obtained only if the surface to be coated is embedded sufficiently deep in the 
powder pack, where the partial pressure of the aluminizing vapors, achieved during 
the treatment, is sufficiently high to guarantee the formation of a thick and uniform 
aluminate layer and to prevent an excessive degradation due to superficial 
oxidation. 
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6.1.5 Effect of the Al and activator contents in the pack 

Based on the above reported observations on the coatings obtained by 
performing the aluminization treatment at 900°C for 5 hours it is possible to give 
some considerations on the effect of the Al and activator contents in the pack. The 
plot in figure 6.14 shows the mean coating thickness in function of the activator 
content in the pack when the aluminum level is fixed at 10% (blue curve) and 15% 
(red curve). The reported values are the averages of the thickness measured on 
optical micrographs collected on each aluminized sample like those shown in 
figures 6.1 and 6.11. The reported thickness of sample A3, in which a continuous 
layer didn’t form, is the sum of the height of the outwardly grown protrusions and 

the depth of the inwardly developed areas with elliptic shape. 
It is clearly possible to note that the thickness of the coating increase with the 

Al content in the pack. The obtained thickness is related to the duration of the initial 
aluminization stage, in which the aluminum is transferred from the Al powders in 
the pack to the substrate. This initial stage ends when the Al source in the pack runs 
out. Conversely, it is also possible to observe that the coating thickness is not so 
strongly affected by the activator quantity, in agreement with the study of Tong et 
al. [120]. A slight increase of the thickness can be observed passing from 3% to 5% 
of activator in the pack, then a saturation value of the thickness is reached and a 
further increase of the activator content doesn’t lead to a significant change in it. 
However, the activator quantity determines the partial pressure of the AlClx vapour 
species at the initial stage of the aluminization and so the actual Al activity in the 
pack [93] [118] [119], therefore it has a strong influence on the coating formation 
mechanism and, as a consequence, on its final quality. 

The ratio between the thickness of the porous layer and the total one can be 
used as a measurement of the obtained quality of the aluminide coating. In figure 
6.14 the variation of this ratio is shown as a function of the activator content in the 
pack with a fixed aluminum percentage (15%). The optimal quantity of activator is 
5%. When a too larger quantity of activator is used (as in the sample A4) the 
degradation of the dense aluminized layer is almost complete. As pointed out in the 
paragraph 6.1.3, the consumption of the dense intermediate layer and the relative 
formation of the porous layer is due to the depletion of Al on the surface. A higher 
content of activator determines the formation of a larger quantity of AlClx 
aluminized vapors and, as a consequence, the initial Al source in the pack is 
consumed more rapidly and so the degradation stage, in which the depletion of Al 
on the surface is no more compensated by the introduction of new Al from the pack, 
starts earlier. The result is a larger degradation of the aluminate coating. 
Furthermore, also a reduced amount of activator may result in a too low partial 
pressure of the AlClx aluminized vapors, in these conditions the rate of 
aluminization is not high enough to compensate the superficial Al depletion. The 
correct ratio between Al and activator contents in the pack allows the optimal flux 
of Al from the Al source in the pack to the alloy for the formation of a thick and 
stable coating avoiding excessive degradation. 
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Figure 6.14. Coating thickness in function of the pack composition (contents of Al and activator) 

after aluminization at 900°C for 5 hours. The degraded fraction, i.e. porous layer thickness/(porous 
layer + dense layer thicknesses) ratio, are also shown in function of the activator content for the 

samples treated with 15% of Al in the pack. 

When the Al content in the pack is 10%, an abrupt change of the mechanism of 
coating formation occurs when the activator content is increased from 5% (sample 
A1) to 10% (sample A3). In fact, the coating formed on sample A3 seems to be 
formed by a low activity process, i.e. mainly by the outward growth through 
prevalent diffusion of Ni from the substrate to the surface, furthermore the outward 
growth of the coating doesn’t take place uniformly leading to the formation of 

isolated protrusions. A certain grade of inward diffusion of Al also occurs in this 
sample below the superficial protrusions (figures 6.1 and 6.2), but this is not 
sufficient to form a continuous intermetallic layer as that observed in the sample 
A1. 

The net change in the formation mechanism of the coating didn’t occur on the 

sample A4 for which a pack with the same mass of activator as A3 was used but 
with a higher mass of aluminum. This confirms that the mechanism of coating 
formation and degradation is strongly influenced by the ratio between the Al and 
the NH4Cl contents in the pack, rather than by their absolute quantities. On the base 
of the results obtained from the aluminization test at 900°C, the identified optimal 
Al/NH4Cl mass ratio falls around 3:1. 

6.2 High temperature aluminizing test 

The gain masses of samples aluminized during the high temperature test are 
reported in table 6.2. 

Table 6.2. Mass gains for unit of surface area collected after the aluminizing test performed at 
1065 °C for 2 hours. 

Samples Pack composition 
(wt. %) Δm/A (mg/cm2) 

H1   9% Al, 3.0% NH4Cl, 88.0% Al2O3 11.3 ± 0.2 
H2   9% Al, 4.5% NH4Cl, 86.5% Al2O3 10.2 ± 0.2 
H3 15% Al, 5.0% NH4Cl, 80.0% Al2O3 17.7 ± 0.3 
H4 15% Al, 7.5% NH4Cl, 77.5% Al2O3 17.3 ± 0.3 
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The detected mass gains are larger than the ones obtained after the intermediate 
temperature tests, even if the Al contents in the pack are comparable. This indicates 
that at high temperature, the acquisition of Al during the aluminization process is 
more intense. 

Figure 6.15 reports some optical micrographs collected on samples aluminized 
in the high temperature test. The morphology of the obtained coatings is very 
different with respect to the one observed in the intermediate temperature tests. 

 

 

  
Figure 6.15. Optical micrographs of the cross sections of the coatings developed on the samples 

during the high temperature test (1065°C for 2 hours). 

The coatings have not the general layered structure observed before. Only an 
irregular layer of oxides on the surface without a clear visible interface between the 
coating and the substrate is detectable. In the samples H1 and H2 a lot of acicular 
precipitates can also be revealed below the superficial oxides. The acicular 
precipitates are also reported by Angenete et al. after long oxidation exposure at 
1050°C [231], which explain them as a consequence of the outward diffusion of Ni 
from the substrate. In the samples H3 and H4 the acicular precipitates are less 
present and in piecewise it is still possible to recognize a layered structure somehow 
similar to that observed at the intermediate temperature test. The samples 
aluminized at high temperature are also characterized by a deep zone of 
intergranular corrosion beneath the coating (figure 6.16). The internal corrosion is 
probably due to the formation of aggressive species, as NH3 and HCl vapors, during 
the pack aluminization process and it can have deleterious effect on the oxidation 
resistance of the alloy making it more prone to severe intergranular oxidation. 
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Figure 6.16. Intergranular corrosion about 250 m in deep beneath the coating on sample H4. 

The above reported results indicate that the aluminate coating cannot form 
adequately at the process temperature of 1065°C. In fact, the coating is formed 
discontinuously and the effects of a corrosive attack, due to the aluminizing vapors, 
and extensive oxidation are observed in the remaining parts of the surface. 

6.3 Low temperature aluminizing test 

In the samples aluminized during the low temperature test a very low mass gain 
was measured despite the higher quantity of Al in the packs with respect the 
previous tests. The measured mass gains after the low temperature test are reported 
in table 6.3. 

Table 6.3. Mass gains for unit of surface area collected after the aluminizing test performed at 800 
°C for 5 hours. 

All the coatings obtained at the aluminizing temperature of 800°C are similar 
in thickness and morphology regardless the pack composition. However, the 
coatings appear not uniform because on certain zones it is possible to observe a thin 
and continuous aluminized layer of about 4-7 m (images of the samples L1, L2 
and L3 on the left in figure 6.17), but some isolated protrusion of about 10-20 m 
in height are also present. Where these protrusions form, the coating forms 
discontinuously (images of the sample L4 and of the samples L1, L2 and L3 on the 
right in figure 6.17). 

Samples Pack composition 
(wt. %) Δm/A (mg/cm2) 

L1 15% Al, 3.75% NH4Cl, 81.25% Al2O3 0.9 ± 0.1 
L2 15% Al, 5.00% NH4Cl, 80.00% Al2O3 0.5 ± 0.1 
L3 20% Al, 5.00% NH4Cl, 75.00% Al2O3 0.5 ± 0.1 
L4 20% Al, 6.67% NH4Cl, 73.33% Al2O3 0.6 ± 0.1 
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Figure 6.17. Optical micrographs of the cross sections of the coatings developed on the samples 

during the low temperature test (800°C for 5 hours). 

The isolated protrusions were examined in greater details through SEM 
observations (figure 6.18). 

 

 
Figure 6.18. SEM micrographs of the cross sections of the coating developed on the sample L1 

showing the superficial isolated protrusions. BSE: Backscattered Electrons mode; SE: Secondary 
Electrons mode. Spot EDS analysis on a protrusion. 

In this process the aluminization occurs predominantly through outward growth 
of the intermetallic compounds. Although the base of each protrusion is rooted in 
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the substrate due to the occurring of a certain grade of inward growth of the 
intermetallic, as it can be ascertained by the presence of precipitates in the zone of 
the protrusion below the initial surface of the substrate. The EDS analysis reported 
at figure 6.18 shows that the protrusions are very rich in aluminum. The detected 
quantities are compatible with the Al3Ni intermetallic stoichiometry. The presence 
of Ni even above the original surface level in these isolated protrusions confirm that 
an outward diffusion of Ni from the substrate occurs. 

The formation of the thin and continuous layer occurs probably by inward 
growth as in a typical LTHA process, but the formation of the protrusion disturbs 
the formation of this layer making it discontinuous. A possible explanation for the 
formation of the isolated protrusions is that the superficial diffusion of the Al 
adsorbed on the surface prevails on the assimilation of Al in the substrate, leading 
to the accumulation of Al around an already existing defect on the surface or a grain 
boundary. Once the accumulation is formed, the deposition of Al from the 
atmosphere occurs predominantly on it, therefore the surrounding area cannot be 
adequately coated. 

6.4 Pack aluminization on hard-accessible internal surface 

6.4.1 Aluminizing tests on modules 

On the base of the above reported aluminization tests, the process parameters 
that allow to obtain the best result in term of uniformity of the coating and low level 
of degradation are: 

• temperature: 900°C 
• time: 5 hours 
• pack composition: 15% Al, 5% NH4Cl, 80% Al2O3 

These process parameters were adopted for the aluminization trials of the 
modules. The aim of this study is to test the capability of the pack aluminization 
process to efficiently coat hard accessible internal surfaces. During the coating 
treatment, both the external and internal surfaces of each module are aluminized 
under different conditions. In particular, each module is completely inserted in the 
pack, but one end results located at the bottom of the crucible, deeply embedded in 
the powder mixture, whereas the opposite end is near the surface of the pack. As 
already pointed out during the aluminization test of the bars half embedded in the 
powder (paragraph 6.1.4), the local partial pressure of the generated AlClx 
aluminizing species and the oxygen vary moving toward the surface of the pack, 
leading to a different level of degradation of the obtained coating. Furthermore, the 
internal surfaces of the channels have a higher roughness and they are in contact 
with a lower amount of powders with respect to the external ones. These conditions 
are expected to affect the coating formation. 
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The optical micrographs collected on the external surface of the module n.1 are 
reported in figure 6.19, the aspect of the coating is shown starting from the deeper 
embedded end and moving toward the surface of the pack. In agreement to what 
already observed after the aluminization of the half embedded bars (figure 6.13), 
the coating formed at the bottom of the pack has the thicker intermediate layer, but 
this dense layer progressively reduces in section moving towards the surface of the 
pack until the coating is entirely constituted by a porous and oxidized layer. 

 
Figure 6.19. Optical micrographs showing the coating on the external surface of module n.1 from 

the deeper embedded end to the surface of the pack. 

Obtaining a homogeneous coating on the internal surfaces is even more 
complicate because of the above reported reasons of differential partial pressure of 
the aluminum chloride. The coating formed on the internal surfaces appear 
inhomogeneous both in thickness and in structure: in some areas the coating 
develops the usual layered structure, as it can be seen in figure 6.20-A, and the 
dense and precipitates-rich layer constitutes the greatest part of the overall 
thickness. However, an intermetallic phase with a clear coating/substrate interface 
doesn’t form in some areas and rather a thin layer probably constituted of oxides 
and other corrosion products is visible (figure 6.20-B). 
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Figure 6.20. Optical micrographs showing the coating formed in the internal surfaces. A zone in 

which the typical structure forms (A) and a zone in which only a degraded layer forms (B). 

6.4.2 Cyclic oxidation test on aluminized modules 

The quality of the obtained coating is expected to have a great influence on its 
oxidation resistance. In this paragraph, the observed microstructural alterations of 
the coating formed on the most deeply embedded external surface of module n.2 
after repeated thermal cycles at 850°C in air are reported. As expected, the 
aluminide coating can act more efficiently as a protective diffusion barrier where 
the initial coating structure is characterized by a thick and dense AlNi layer with a 
low level of superficial degradation. 

The possibility to achieve good stability and oxidation resistance of the 
aluminide coating is demonstrated by the optical micrographs collected on zones 
where the initial structure is the correct one (figure 6.21). The oxidized superficial 
layer did not visibly expand and the intermediate AlNi layer was not markedly 
consumed during the thermal cycles. In these conditions, the coating doesn’t 

undergo important structural changes, therefore it can act as an effective protective 
barrier. 

  
Figure 6.21. Properly formed aluminide coating on an external surface of module n.2 before the 

thermal cycles (A) and after five thermal cycles at 850°C (B). 

However, it is also possible to observe zones of the surface in which the coating 
is not stable during the thermal cycles. In these zones the intermediate layer is 
rapidly consumed (figure 6.22), therefore only an oxidized layer, that is not able to 
effectively protect the substrate from further oxidation, remains on the surface at 
the end of the thermal cycles. 
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Figure 6.22. Oxidation/degradation of the aluminide coating on an external surface of module n.2 

in a zone in which the coating is unstable during the thermal cycles at 850°C. 

The performed cyclic oxidation test reveals the degradation mechanism of the 
aluminide coating, that is mainly based on further depletion of Al in the 
intermetallic matrix on the surface due to the formation of oxides. If a continuous 
and passivating layer of aluminum oxide is formed on the surface, the growth of 
this oxide scale proceeds slowly and the AlNi layer can supply aluminum for long 
time. This favorable condition occurs in the part of coating shown in figure 6.21. 
On the contrary, if the superficial layer is too structurally damaged because of the 
presence of a lot of microcracks and voids, the oxygen can penetrate and reach the 
underlying layers. In these conditions, the depletion of Al in the AlNi layer is fast 
and the transformation into AlNi3 occurs with consequent formation of further voids 
though the mechanism described at paragraph 6.1.3. Then, the oxidizing 
atmosphere can infiltrate the formed voids to reach the underlying layers, leading 
to further oxidation. The degradation process goes on in the above described way 
through a rapid consumption of the AlNi layer and the advancement of a not 
protective oxide scale, as shown in figure 6.22. 

On the internal surfaces of the channel, the formed coating is already partially 
degraded before to start the thermal cycles and its initial thickness is low and not 
uniform. In these conditions, a protective oxide layer can form only piecewise on 
the surface during the thermal cycles. The remaining part of the coating suffer 
further degradation and it is rapidly substituted by a layer of discontinuous oxides 
(figure 6.23). 
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Figure 6.23. Optical micrographs showing the cross section of the coating on the internal surface 

of the channels in module n.2 before the thermal cycles and after 2 and 4 cycles at 850°C. 

6.5 Conclusion 

In the design of a suitable aluminization process, the more challenging aim is 
to obtain a uniform coating on the entire surface of the piece. Actually, the 
performed test have demonstrated that mechanisms of formation, growth and 
evolution of the coating are extremely sensible to the process parameters, in 
particular to the temperature and the ratio between the Al and the activator mass in 
the pack, and the local conditions of aluminization, which can vary significantly 
between different locations of the substrate in the pack (fully embedded, near the 
pack surface, over-pack mode). 

The better coating quality and the more stable conditions were obtained with a 
powder pack containing 15% wt. of Al, an Al/NH4Cl mass ratio of about 3 and a 
treatment temperature of 900 °C. This recipe was applied successfully on flat and 
polished SLM Inconel 718 samples. In these conditions, a layered structure 
develops with a superficial porous layer consisting mainly of AlNi3 and aluminum 
oxides, an intermediate dense AlNi layer with a lot of embedded precipitates and 
an inter-diffusion layer characterized by precipitates of heavy elements at the 
substrate/coating interface. 

The strong dependence of the diffusivity of Ni and Al in the AlNi phase on the 
composition of the phase itself leads to a not trivial diffusion behavior and a 
resulting complex structure. For this reason, it is not possible to uniquely classify 
the coating process in one of the two main categories, i.e. low activity process, in 
which the outward diffusion of Ni prevails, or high activity process, in which the 
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growth of the coating is dominated by the inward diffusion of Al. Conversely, a 
coating with the characteristic features of both types is observed in most of the 
cases, giving clues to the fact that the formation of the coating occurs through a 
mixed mechanism. 

Further heterogeneity is due to the instability of the dense AlNi layer in 
oxidizing environment. AlNi suffers of aluminum depletion due to the capture of 
Al into oxides and to diffusion towards the underlying layers, that leads to a 
structural damage connected with the transformation into the more brittle AlNi3 

phase. The coating degradation already starts during the aluminization process, as 
soon as the Al source in the pack runs out, even with a very low oxygen partial 
pressure. The degradation of the coating can continue during further exposition to 
high temperature (850 °C in the current study) in air unless a protective and slowly 
growing oxide scale forms on the surface. The problem of the superficial Al 
depletion is even more severe when the task is the aluminization of complex or 
hardly accessible surfaces, such as those of the narrow channels in the modules 
tested in the current work. 

Therefore, future studies should focus on enhance the repeatability of the 
aluminization process and the uniformity and stability of the obtained coating in 
order to ensure an effective diffusion barrier with a long duration in strongly 
oxidizing working conditions. 

 





 

Overall conclusions 

The superalloy systems are highly complex due to the large number of alloying 
elements involved, the interactions of which can affect markedly the solidification 
mode and consequently can influence the evolution of the microstructure and the 
formation of the second phases. The Selective Laser Melting (SLM) technique leads 
to the formation of great thermal gradients and rapid cooling rates from the liquid, 
which in turns causes a solidification process that occurs far from the equilibrium 
conditions. The consolidation of the material during SLM can be compared to a 
welding process with a very high cooling rate, in the order of 106 K-1. Furthermore, 
the deposited material is submitted to a series of rapid thermal cycles due to the 
heat coming from the deposition of the following layers; these thermal cycles can 
markedly alter the initial microstructure. For these reasons, the microstructure in 
the as built state is so complex, heterogeneous and hard to be predicted a priori. 

Within the three years of the thesis project a preliminary study was performed 
so as to identify the optimal processing parameters to fabricate Inconel 718 alloy 
via additive manufacturing. Further to the identification of the optimized 
parameters the definition of a relatively large processability window for this 
material allowed to demonstrate that the proposed fabrication process is robust and 
can be considered for technology transfer to industrial environment. Actually, 
porosity levels lower than 0.5% and material completely free from cracks in a wide 
window of the main process parameters (laser power, scan speed and layer 
thickness), can be obtained. As built microstructures of SLM Inconel 718 alloy 
achieved by modulating the fabrication parameters were investigated within the 
framework of this thesis focusing on the most important features at each specific 
length scales. The laser related features and the grain boundaries are the main 
microstructural features at the length scale of 0.1-1 mm. These features appear 
independent one from each other, i.e. the grains can develop during several 
depositions in the additive process without be confined by the laser tracks and by 
the single layers because of the epitaxial type growth. The fastest growth directions 
correspond to the <100> crystallographic lines. Therefore, the most favorably 
oriented grains with respect to the temperature field in the molten pool, i.e. with a 
<100> direction set to a lower angle with respect to the local thermal gradient, can 
grow more rapidly and supplant the others. The competitive growth of the grains 
causes the formation of the strong observed [001] texture. In this work, the 
characterized samples have always been built adopting the 67° rotation scanning 
strategy, therefore it is not surprising that the performed EBSD analysis does not 
reveal any preferential orientation of the grains around the building direction. The 
effect of the scanning strategy and its periodicity grade between the deposited layers 
has probably an important influence on the competition between the grains and their 
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confinement in the laser related features, i.e. the laser tracks and the melt pools. The 
study of this effect can be further deepened in future researches. 

At the length scale from 1 to 10 µm, it is possible to observe a sub-granular 
structure made of fine parallel dendrites without secondary branches and separated 
by eutectic products rich in Nb, Mo and Ti. The eutectic products form a dense 
interconnected network in specific zones of the as built microstructure. A similar 
structure, due to rapid cooling, is typically observed in the welds, but the one 
observed in the SLM products is characterized by the extremely small dendrite size, 
about 1 micrometer, caused by a very drastic cooling rate experienced during the 
SLM process. Some heterogeneities of the dendrites have been observed inside the 
melt pools. The dendrite size tends to slightly grow from the bottom of the melt 
pool towards the upper part. Furthermore, some occasional changes of 90° in the 
dendrites growth direction have been detected along the edges between laser tracks. 
The 90° deviations occur every time one <100> crystallographic direction that is 
perpendicular to the previous growth direction becomes favorably oriented with 
respect to the local thermal flux in the new layer. These local heterogeneities are 
direct consequence of the complex dynamic that takes place during the 
solidification of the molten pools, involving not constant cooling rates and thermal 
gradients. At the length scale of the single dendrite, the TEM analysis reveals the 
micro-segregation of the alloying elements and a high density of dislocations at the 
inter-dendritic boundaries, which indicate a certain level of residual tension in the 
as built state. The solutes with a partition coefficient k greater than 1, mainly Fe and 
Cr, tend to accumulate along the dendrite central axis, instead the elements with k 
lower than 1, in particular Nb, segregate at the inter-dendritic boundaries. 

The micro-segregation at the dendrites level plays an important role on the 
following solution treatment. Actually, it has been observed that the solution 
annealing at 980°C leads to the formation not only of intergranular plate-like  
phase as expected, but also of a large quantity of intra-granular  precipitates along 
the inter-dendritic boundaries deriving from the partial dissolution of the eutectic 
products and the consequent greater local availability of niobium. Since the intra-
granular  phase is usually unwanted, it is necessary to increase the temperature of 
the solution annealing above the solvus point of this phase. The volume fraction of 
the detected precipitates reduces by increasing the solution temperature. After a 
thermal treatment at 1065°C, it is possible to observe grain boundaries decorated 
with blocky or globular precipitates. This impedes the grain growth through a 
pinning mechanism. Furthermore, a large number of very small precipitates can be 
observed inside the grains. During the solution annealing at 980°C and at 1065°C, 
the recrystallization occurs only partially and it is limited to the zones in which the 
level of residual tension is greater, i.e. along the laser tracks boundaries. On the 
other hand, the complete recrystallization and grain coarsening can be ascertained 
after the solution treatment at 1200°C leading to a strong reduction of the measured 
Vickers microhardness. The presence of grain boundaries free from precipitates 
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after the thermal treatment at 1200°C indicates that the migration of the new grain 
boundaries cannot be hindered by the precipitates at this temperature. 

According to this study, the best solution temperature found is 1065°C. 
Actually, at this temperature a good level of homogenization and dissolution of the 
precipitates is obtained, but, at the same time, the formation of new unwanted 
phases and an excessive increase in the grain size is avoided. 

The next step of the research was to define the aging sequence that stabilizes 
the microstructure. Here the key of the development is to obtain the precipitation of 
the strengthening ’ and ’’ precipitates. The response of the material to the aging 

treatment was investigated through DSC and TMA thermal analyzes with the aim 
to establish the temperature ranges in which the precipitation of the ’, ’’ and  
phases occurs. Some samples solutioned at 1065°C for 2 hours and then treated at 
these temperatures were studied through XRD analysis, electron microscopy and 
Vickers microhardness measurement in order to understand how the population of 
precipitates evolves during the aging treatment. Very fine ’ precipitates, which 

cause a moderate increase in the mean microhardness of the alloy, form during the 
treatment at 565°C. However, a much greater increase in the microhardness level is 
obtained by performing the aging at 740°C due to an extensive precipitation of ’ 

and then of discoidal ’’. An excessively prolonged treatment or a too high aging 

temperature can cause the alloy softening due to the coarsening of the strengthening 
precipitates and to the transformation of the metastable ’’ phase in the 

thermodynamically stable  phase. The effect of the temperature and time of each 
treatment step, i.e. solutioning, first aging and second aging, on the Brinell and 
Vickers hardness and on the microstructure was determined through dedicated 
factorial plans. The highest hardness value, 423 HB10, was obtained with the 
following treatment cycle: solution annealing at 1065°C for 2 hours, first aging at 
720°C for 8 hours, second aging at 630°C for 8 hours. A single direct aging 
treatment, i.e. not preceded by any solution step, was also studied. Although the 
Brinell hardness after direct aging results to be higher than the one measured on 
fully heat treated samples, the interdendritic eutectic products in the matrix, which 
can strongly affect the ductility and leading to unevenly distribution of the 
strengthening precipitates, remain completely undissolved. 

The oxidation tests presented and discussed in this thesis demonstrate that the 
excellent densification level of the Inconel 718 alloy obtained via SLM and the 
absence of structural defects imply a hot oxidation resistance comparable with that 
of the material produced by traditional technology. The rapid formation of a 
continuous superficial layer, consisting predominantly of doped chromia, provides 
an effective and stable protection against further oxidation, as the passivating scale 
does not tend to crack, detach or evaporate from the metallic substrate. When 
exposed to a temperature of 850°C in simple air, the alloy goes through an initial 
transitory period of about 8 hours during which the oxide scale is formed over the 
whole surface. At the end of such period, the system enters into the steady state 
regime during which the further thickening of the oxide is controlled only by 
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diffusion through the protective barrier. The begin of the stationary regime is 
indicated by the settling of the measured mass gain trend on a parabolic curve. The 
middle term test also showed that the parabolic constant measured at the oxidation 
temperature of 850°C is not markedly influenced by an oxidation mode performed 
through thermal cycling respect to an isothermal exposure. This provides further 
evidence of the high resistance and stability of the protective scale. The parabolic 
trend is also maintained for oxidation times above 900 hours at 850°C. The 
superficial chromia layer remains regular and uniform over the entire oxidation 
period, although some metal particles embedded in the scale and a certain grade of 
internal discontinuous oxidation along the grain boundaries have been observed. 
The internal oxides are mainly constituted by titanium oxides and, at greater depth, 
aluminum oxides. Furthermore, a Nb rich quasi-continuous interlayer, which can 
act as a second barrier against the inward diffusion of the oxygen, was observed to 
form between the chromia scale and the metal substrate. All the reported oxidation 
tests have been performed after a preliminary lapping of the samples with the aim 
of reducing the high surface roughness that is found after the SLM production. In 
real applications it might be possible that the topological complexity of the surfaces 
of the parts obtained with additive technology or their hard accessibility can make 
a post finishing treatment not practical. Therefore, as a prosecution of the work 
reported in this thesis, it would be interesting to investigate the possible influence 
of the surface roughness of the parts produced by SLM on the effective resistance 
to hot oxidation and on the stability of the protective scale. 

For all that applications in which the intrinsic oxidation resistance of the 
Inconel 718 alloy is not sufficient due to the high operating temperatures or the very 
aggressive environment, the coating of the parts by pack aluminization technique 
can represent an effective and economical solution. Several aluminization tests 
using samples produced via SLM were performed by varying the treatment 
temperature and the powder pack composition. The best result was obtained with a 
pack with 15% of Al, 5% of NH4Cl activator and alumina for the remaining part. 
The aluminized coating consists of a thick layer of intermetallic AlNi with a large 
amount of dispersed precipitates and an interdiffusion layer with precipitates 
disposed transversely to the interface between the intermetallic and the metallic 
substrate. The AlNi layer tends to degrade at the surface through a de-aluminization 
mechanism caused by inter-diffusion and the oxidation of the aluminum. De-
aluminization involves a phase transformation with the formation of AlNi3 

compound and consequent formation of pores and cracks which causes the loss of 
the protective capability of the coating. It was not possible to avoid a certain degree 
of degradation to occur already during the coating process. The instability of the 
AlNi layer is the main cause of the failure of the coating and further work is required 
to improve this aspect. The coating of hard to access surfaces, as the internal ones 
of narrow channels, can potentially be obtained in over pack mode by exploiting 
the diffusion of the Al carrying vapors, formed during the heat treatment, from the 
powder pack to the surfaces to be coated. However, the performed tests have 
demonstrated that a very degraded coating, which easily detaches from the 
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substrate, is obtained in over-pack mode on areas far from the powder pack. 
Therefore, it is necessary to maintain a close contact between the powder pack and 
the surface to be coated, therefore the coating of internal channels should be 
performed by filling them with the aluminizing pack even if this can lead to some 
difficulties in removing the powder from them after the treatment. The reported 
results demonstrate the feasibility of using the pack aluminization technique to 
obtain an aluminized coating on hardly accessible and rough internal surfaces, 
however it is not easy to obtain a uniform thickness and a regular microstructure 
because the quality of the coating get worse moving towards the surfaces less 
deeply buried in the powder pack. Therefore, future work should focus on making 
the aluminization process more controllable and improving the uniformity of the 
obtained coating. 
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List of symbols and acronyms 

A1, A2, 
A3, A4 Samples aluminized in the intermediate temperature test (table 2.12) 

AM Additive Manufacturing 

ANOVA Analysis of Variance 

APB Antiphase Boundaries 

ASB Anti-structure Bridge 

B1, B2 Bars aluminized in half embedded mode (table 2.13) 

BCT Body Centered Tetragonal 

BD Building Direction 

BSE Backscattered Electrons 

𝐶0  Nominal composition 

𝐶𝐿  Solute concentration in the liquid 

𝐶𝑆  Solute concentration in the solid 

𝐶𝑆,𝑚𝑒𝑎𝑛  Mean solute concentration in the solid 

CAD Computer Aided Design 

CCT Continuous Cooling Transformation curves 

CTE Thermal expansion Coefficient 

CVD Chemical Vapor Deposition 

𝑑{ℎ𝑘𝑙}  Interplanar distance of the lattice planes with h, k, l Miller indices 

𝐷𝐿  Solute diffusivity in the liquid 

𝑫𝒎  Displacement Vector (figure 3.32) 

𝐷𝑆  Solute diffusivity in the solid 

DOF Degree of Freedom 

DSC Differential Scanning Calorimetry 

EBM Electron Beam Melting 

EBSD Electron Backscattered Diffraction 

EDM Electrical Discharge Machining 
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EDS Energy Dispersive Spectroscopy 

El Elongation to failure 

ENDO Endothermal peak in DSC analysis 

EXO Exothermal peak in DSC analysis 

F F (Fisher) ratio 

𝑓𝑛  Atomic form factor 

𝑓𝐿  Volume fractions of the liquid 

𝑓𝑆  Volume fractions of the solid 

FCC Face Centered Cubic 

FESEM Field Emission Scanning Electron Microscopy 

FIB Focused Ion Beam 

FWHM Full Width at Half Maximum 

G Temperature gradient 

H. p. Horizontal plane, i.e. normal to BD of the SLM sample 

h, k, l Miller indices 
H1, H2, 
H3, H4 Samples aluminized in the high temperature test (table 2.14) 

HAZ Heat Affected Zone 

HB Brinell Hardness 

hd hatching distance 

HIP Hot Isostatic Pressing 

HT Heat Treatment 

HTLA High Temperature Low Activity 

HV Vickers Microhardness 

IDL Interdiffusion Layer 

IPF Inverse Pole Figure 

𝑘  Partition coefficient 𝐶𝑆 𝐶𝐿⁄  

𝒌𝒅  Wavevectors of the diffracted electron beam in SAED analysis 

𝒌𝒊  Wavevectors of the incident electron beam in SAED analysis 

𝑘𝑝  Parabolic constant 

𝑘𝑝,𝑖𝑛𝑖𝑡  Parabolic constant during the transient oxidation regime 
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𝑘𝑝,𝑠𝑡𝑎𝑡  Parabolic constant during the stationary oxidation regime 

𝐿  Length scale of the microsegregation 

ℒ  Linear size of a precipitate 

𝐿(𝑹)  Lattice factor 
L1, L2, 
L3, L4 Samples aluminized in the low temperature test (table 2.15) 

LENS Laser Engineered Net Shaping 

LMWD Laser Metal Wire Deposition 

LOM Laminated Object Manufacturing  

LTHA Low Temperature High Activity 

𝑀𝑚𝑜𝑙  Molar mass 

MPB Molten Pool Boundaries 

MS Mean Squares 

𝑛  creep exponent 

OR Overlap Ratio 

P Laser Power 

𝒫  Pixel size of a precipitate in a FESEM image 

PF Pole Figure 

𝑝𝑂2
  Oxygen partial pressure 

𝑝𝑂2,𝑒𝑞  Oxygen partial pressure at the metal/oxide equilibrium 

PLT Powder Layer Thickness 

PPB Prior Particle Boundaries 

PWHT Post-Weld Heat Treatment 

Q activation energy for the creep 

R growth rate 

RT Product between the gas constant (8.314 J mol-1 K-1) and the absolute 
temperature in Arrhenius equations 

𝑹  Reciprocal lattice vector 

R1, R2, R3 Sample coordinates system axes 
(R1 denotes the axis parallel to the building direction of the sample) 

𝒔  Unit vector along the diffracted beam in SAED analysis 

𝒔𝟎  Unit vector along the incident beam in SAED analysis 

𝑆  FESEM image length scale in nm/pixel 
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𝑠  Oxide thickness 

𝑆(𝑹)  Structure factor 

𝑠, 𝑠′  Slip vectors (figure 3.32) 

SAED Selective Area Electron Diffraction 

SE Secondary Electrons 

SEM Scanning Electron Microscopy 

SLM Selective Laser Melting 

SLS Selective Laser Sintering 

SS Sum of Squares 

SSGB Solidification Sub-Grain Boundary 

STEM Scanning/Transmission Electron Microscopy 

T Temperature 

t Time or duration 

𝑇1  Start solidification temperature 

𝑇𝑎𝑔1  First aging temperature 

𝑡𝑎𝑔1  First aging duration 

𝑇𝑎𝑔2  Second aging temperature 

𝑡𝑎𝑔2  Second aging duration 

𝑡𝑓  Local solidification time 

𝑡𝑖𝑛𝑖𝑡  Duration of the transient oxidation regime 

𝑇𝐿  Liquidus curve 

𝑇𝑚  Melting point 

𝑇𝑠𝑜𝑙  Solutione annealing temperature 

𝑡𝑠𝑜𝑙  Solution annealing duration 

TCP Topologically Close Packed phases 

TEM Transmission Electron Microscopy 

TMA Thermomechanical Analysis  

𝑼  Direct lattice vector 

UC Ultrasonic Consolidation 

UTS Ultimate Tensile Stress 
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UVW Local coordinate system in figure 2.12 

v Scan speed 

𝑉𝑚𝑜𝑙  Molar volume 

𝑉𝐿  Liquid molar volume 

𝑉𝑆  Solid molar volume 

V. p. Vertical plane, i.e. parallel to BD of the SLM sample 

VED Volumetric Energy Density 

𝑤  Sample weight 

𝑤𝐻2𝑂  Sample weight when immersed in water 

XRD X-Ray Diffraction 

XYZ Sample coordinate system in figure 2.12 

YS Yield Stress 

Z Atomic number 

∆𝐺°  Standard Gibbs free energy of formation 

∆𝒌  Scattering vector in SAED analysis 

∆𝑚/𝐴  Mass gain per unit of exposed area during hot oxidation 

∆𝑇  Solidification range 

𝜀  Strain 

𝜀̇  Strain rate 

𝜃  Diffraction angle in XRD analysis 

mis Highest mis-orientation (figure 2.13) 

th Threshold mis-orientation value for grain boundary (figure 2.13) 

𝜆  Wavelength 

𝜌  Density 

𝜌𝑎𝑝  Apparent density 

𝜌𝐻2𝑂  Water density 

𝜎  Stress 

, ,  Euler Angles 
 


