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A B S T R A C T

In this work, two tailored electron beam powder bed fusion (PBF-EB/M) preheating conditions were selected to 
build Inconel 738 (IN738) superalloy. The IN738 samples produced at 1025 ◦C (R1) and 950 ◦C (R2) were 
characterized in the as-built condition to investigate the effect of the preheating temperature on the evolution of 
their microstructural features. Both samples showed low residual porosity (<0.2 %), and the microstructure 
displayed columnar grains elongated in the building direction, together with the precipitation of γ’ (Ni3Al), Ta- 
rich MC, and Cr-rich M23C6. The R1 condition developed a multimodal γ′ size distribution subjected to strong 
coarsening along the building direction. This scenario provoked a notable microhardness gradient and micro- 
crack formation due to the severe residual stresses developed. On the contrary, the lower preheating tempera
ture chosen for the R2 condition provoked the precipitation of γ′ in a homogeneous monomodal size distribution 
with negligible coarsening along the building direction, thus lowering the residual stresses (no micro-cracks) and 
stabilizing the microhardness. The preheating temperature thus had a lower impact on carbide precipitation and 
evolution compared to the γ’ one. Both conditions experienced the precipitation of Cr-rich M23C6 and Ta-rich MC 
carbides along the grain boundaries, coupled with fine Ta-rich MC carbide precipitation inside the grains. 
However, the R2 condition underwent slightly lower precipitation. The current study therefore highlights the 
beneficial effects of tailoring the PBF-EB/M preheating temperature to control the evolution of the microstruc
tural features and their effect on the development of residual stresses and microhardness stabilization in the as- 
built condition.

1. Introduction

The electron beam powder bed fusion process (PBF-EB/M) is an 
additive manufacturing (AM) technology that allows the building of 
parts layer by layer, providing a preheating step before selective 
melting. This additional preheating represents a unique challenging step 
among other AM technologies, helping to improve the process stability 
[1]. Preheating the powder bed allows the consolidation of powder 
particles, thereby preventing the undesired smoke phenomena that 
occur with severe powder spreading, which often leads to building 
failures [2,3]. Moreover, the presence of a preheating step can increase 
the process temperatures between 700 ◦C and 1100 ◦C [4], drastically 
reducing the residual stress development during the building. This 

approach maximizes the processability of crack-sensitive alloys, such as 
Ni-based superalloys, compared to other AM techniques [5,6].

Ni-based superalloys are widely studied for their high-temperature 
performance, particularly those with high percentages of strength
ening gamma prime (γ’, Ni3(Al, Ti)) phase (from 40 vol% to 80 vol%) [7,
8]. These alloys show excellent thermal fatigue resistance, corrosion 
resistance, and good mechanical properties up to 1000 ◦C [9,10]. 
Consequently, these materials are predominantly used in the aerospace 
industry [11].

Inconel 738 (IN738) represents a valuable example since it is clas
sified as a γ′ precipitation-strengthened Ni-based superalloy. Below 
1175 ◦C, Ni, Al, and Ti form a coherent cubic γ′ phase, considered the 
most effective strengthening phase in Ni-based superalloys. The γ′ can 
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assume three different shapes depending on the mismatch with the γ 
matrix. Spherical γ’ precipitates form with low mismatches (0–0.2), 
minimizing surface energy. Higher mismatches (0.5–1.0) lead to 
cuboidal precipitates, while mismatches exceeding 1.25 result in plate- 
like precipitates. Additionally, carbides can contribute as strengthening 
phases in Ni-based superalloys. For instance, Ta, Ti, and Hf combined 
with C can precipitate as primary MC carbides during solidification, 
which subsequently decompose into M23C6 (Cr-rich) between 700 ◦C 
and 1000 ◦C, and M6C (Mo, W-rich) between 815 ◦C and 980 ◦C [10,11].

IN738 was traditionally produced by casting technology [12,13], 
which results in a highly segregated matrix with detrimental γ/γ’ 
eutectic formation, reducing the thermal stability of the alloy. Moreover, 
the high hardness of IN738 drastically reduces its machinability, 
resulting in severe heat formation during subtractive manufacturing 
[14–16]. The combination of these factors led to an increasing interest in 
the processability of IN738 through PBF-EB/M technologies [7,17–20]. 
Moreover, the high-temperature PBF-EB/M conditions make it a valu
able candidate for strain-age-sensitive IN738 production [21–23].

PBF-EB/M was then used to build IN738 samples, leading to the 
evaluations of the microstructural evolution. For instance, Haghdadi 
et al. [24] investigated the microstructure of the as-built condition. The 
microstructural characterization focused on the in situ precipitation of γ′ 
during the PBF-EB/M process, rarely observed in laser powder bed fused 
(PBF-LB/M) IN738 [25]. The preheating temperature above 1000 ◦C 
enabled homogeneous γ′ precipitation with a multimodal size distribu
tion. The measurements reported a first population ranging between 
400 nm and 600 nm and a second one from 5 nm to 50 nm. This study 
highlighted for the first time the capability of PBF-EB/M to induce an 
in-situ precipitation of γ′ phase. Later, Lim et al. [26] focused on the 
microstructural and property gradient investigations along the building 
direction. The evaluation was based on the decreasing soaking times 
experienced during the growth of the sample. The work correlated the 
increase in elastic modulus and hardness that occurred along the 
building direction with the γ’ size reduction. Finally, Li et al. [27] 
compared the as-built and heat-treated PBF-EB/M IN738 with the cast 
ones. In this case, a preheating temperature of 1070 ◦C was set to 
minimize the temperature gradient. The elongated grains detected in the 
as-built PBF-EB/M IN738 strengthened the alloy compared to the cast 
condition. Moreover, the study analyzed the effect of hot isostatic 
pressing (HIP) and heat treatment on the PBF-EB/M IN738 microstruc
ture and mechanical properties. The combined impact of pore reduction 
and microstructural changes induced by HIP led to an increase in the 
elongation ratio, while the subsequent full heat treatment allowed a 
further yield and ultimate strength increase.

So far, literature reports successful building and characterization of 
as-built PBF-EB/M IN738 samples. However, it would be additionally 
interesting to investigate the effect of preheating temperature and its 
influence on the evolution of IN738 phases, such as γ’ and carbides.

The current work investigates the realization and the potential dif
ferences of IN738 samples made at two different preheating tempera
tures: 1025 ◦C and 950 ◦C. The 1025 ◦C condition fitted with the 
literature suggested preheating interval. On the contrary, the 950 ◦C 
aimed to minimize the precipitation and growth of the IN738 main 
phases. Microstructure and phase precipitation were investigated in the 
two conditions, and their evolution correlated with the preheating 
temperature. In addition, density measurements, deep microstructural 
investigations, and microhardness evaluation were performed to fully 
characterize the as-built samples. The result underlined the impact of 
the preheating temperature on the microstructural features develop
ment of PBF-EB/M IN738. A lower preheating temperature allowed a 
more controlled precipitation of γ’ and carbides, thus reducing the 
microstructural and property gradient along the building direction.

2. Materials and methods

2.1. Powder characterization

Gas-atomized IN738 powders were purchased from LPW, UK (now 
part of Carpenter Additive) with a diameter range of 44–106 μm. Before 
processing, the IN738 powder batch was sieved below 105 μm with an 
automatic sieving system. The chemical composition and morphology of 
IN738 powder were analyzed using a scanning electron microscope 
(SEM, Phenom ProX, Phenom-World, Eindhoven, The Netherlands), 
with an energy dispersive spectroscopy (EDS) system. Moreover, the C 
content was evaluated by a LECO detector (LECO, CS 744 LECO- 
analyzer, Leco, St. Joseph, MI, USA). Table 1 reports the chemical 
composition in wt.% for the main alloying elements of IN738.

Fig. 1 a reports a low-magnification SEM image of the powder par
ticles’ batch. The IN738 powder was mainly composed of spherical 
particles with sporadic satellites that did not affect the powder spread
ability during the PBF-EB\M. The cross-section powder microstructure 
(Fig. 1 b) was revealed to have a cellular structure due to the rapid 
cooling undergone by the gas-atomization process.

2.2. Thermal phase transformation investigation

A differential scanning calorimetry analysis was performed using a 
DSC Setaram TGA 92 16.18 (Setaram Kep Technologies, Sophia Antip
olis, France) to investigate the precipitation of γ’ during the cooling step 
after melting. A 20 K/min heating rate was used to heat the sample to 
1400 ◦C, inducing melting, while the cooling evolution at 20 K/min was 
recorded from 1400 ◦C to 600 ◦C.

Thermo-Calc software simulated the M23C6 carbide Time Tempera
ture Transformation (TTT) curve in the simplified mode [28]. The 
commercial CALCPHAD database for Ni-based alloys (TCNI8/Ni super
alloys) provided thermodynamic information, while the mobility and 
diffusion information were taken from the NIST Ni superalloys database. 
The IN738 chemical composition used in the simulation is reported in 
Table 1.

2.3. PBF-EB/M production

Cuboid samples were built using an A2X Arcam PBF-EB/M machine 
(made by Arcam, Sweden, now called Colibrium Additive, a GE Aero
space company) with a retrofitted platform and an accelerating voltage 
of 60 kV. The R1 condition was set at a preheating temperature of 
1025 ◦C according to the interval identified by the literature [24,26], 
while the R2 preheating temperature was set at 950 ◦C to minimize the 
phase’s precipitation and growth. To enable preheating at a lower 
temperature of R2, a completely new set of optimal parameters was 
developed and implemented to reach dense parts. Obtaining 950 ◦C with 
the R1 preheating condition would have meant reducing the repetitions, 
thus affecting the powder sintering capability, and increasing the risk of 
smoke phenomena [29]. Table 2 shows the parameters used to reach 
dense parts at the R1 and R2 preheating conditions. To do so, defocused 
beams to preheat the powder layer of 75 μm have been used. The pre
heating temperature was measured by a thermocouple located below the 
building platform throughout the entire building.

The melting parameters were optimized separately for the R1 and R2 
conditions; the R1 was applied using a single-step melting, while the R2 
melting underwent a two-step melting to ensure powder consolidation. 
The first step used a defocused beam (FO = − 10 mA) while the second 
melting was performed using a focused beam (FO = 17 mA). This was 
developed according to the knowledge and experience of the researchers 
from previous works [29,30]. It should be noted that a scanning strategy 
with a rotation of 90◦ was used between consecutive layers for both 
cases.
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2.4. Microstructural characterization

The R1 and R2 cubes with dimensions 10 x 10 x 10 mm3 were 
characterized in the as-built (AB) condition. Cubes were cut along the 
building direction (z), ground with SiC papers, and polished up to 1 μm 
diamond suspension. The residual porosity was evaluated in both con
ditions using a light optical microscope (LOM, Leica DMI5000 M, Wet
zlar, Germany). 20 images at 50x magnification were acquired and then 
analyzed through ImageJ software.

An additional polishing step with a silica suspension (0.04 μm) was 
performed for the observations with a focused ion beam scanning elec
tron microscope (FIB-SEM) (TESCAN S9000G, Tescan Company, Brno, 
Czech Republic) equipped with an electron backscattered diffraction 
(EBSD) detector. The EBSD analysis was performed by scanning samples 
at 20 kV and 10 nA using a step size of around 3.8 μm with a tilting angle 
of 70◦. The grain reference orientation deviation (GROD) and kernel 
average misorientation (KAM) maps were evaluated to reveal the re
sidual stresses in the microstructure. The GROD map displays the 
misorientation of a point within a reference value in a grain, while the 
KAM maps and curves report the average misorientation between 
neighbour points [31]. Moreover, low-angle grain boundaries (LAGBs) 
and high-angle grain boundaries (HAGBs) were evaluated.

Microstructural investigations were carried out using LOM and SEM 
(Zeiss EVO 15, Carl Zeiss AG, Jena, Germany), equipped with an EDS 
probe (Ultim-max, Oxford instruments), moreover, the R1 and R2 
samples were etched with Kalling’s No.2 solution for 7 s to reveal the 
general microstructure and electrochemically etched with orthophos
phoric acid (20 vol%) for 5 s to highlight γ′ precipitates, according to 
ASTM E407-07. The phase identification was performed by means of 

EDS analyses for both R1 and R2 with a particular focus on the grain 
boundary area. The microstructure was investigated along the building 
direction, focusing on three different areas. The bottom, which stands 
closer to the building platform with a higher soaking time at the pre
heating temperature, the middle, and the top of the samples, which 
respectively underwent a shorter soaking time. The γ′ quantification and 
size measurement involved the post-processing of 5 SEM images for each 
area at 20000X, 50000X, and 100000X magnification with ImageJ 
software for both R1 and R2 samples. Similarly, the carbides fraction 
and dimension were evaluated by post-processing 5 SEM images at 
5000X for each area, for R1 and R2 using ImageJ software. The different 
contrast of back-scattered SEM images makes it possible to highlight the 
carbides from the matrix, allowing their evaluation. Finally, the crack 
characterization of R1 samples was performed with SEM analyses.

2.5. Microhardness characterization

The Vickers microhardness (HV) test was carried out on the R1 and 
R2 samples. The microhardness test was performed with a DHV-1000 
digital micro durometer (HUATEC Group Corporation, Beijing, China) 
using 200 gf and 15 s dwell following the ASTM E92-23 [32]. Three 
indentations for each zone (bottom, middle, and top) were performed. 
The reported result for each zone represents a mean value among the 
three indentations.

Table 1 
IN738 chemical composition in wt.% evaluated with EDS and LECO combustion analysis.

Ni Cr Co Al Ta Hf Mo Nb Ti Fe Mn C

Bal. 14.9 4.6 4.1 6.2 3.4 0.2 0.2 0.02 0.02 0.02 0.1

Fig. 1. (a) SEM low-magnification image showing a representative IN738 batch of powder particles. (b) SEM image of an IN738 cross-section particle with the 
reference microstructure.

Table 2 
Arcam A2X process parameters used to manufacture IN738 parts in the R1 and R2 conditions.

Parameter R1-Preheating R2-Preheating Parameter R1-Melting R2-Melting 1 R2-Melting 2

Preheating Temp. 1025 ◦C 950 ◦C Energy density 21 J/mm3 14 J/mm3 58 J/mm3

Beam current 48 mA 11 mA Beam current 15 mA 5.5 mA 11 mA
Beam speed 15750 mm/s 8000 mm/s Beam speed 4530 mm/s 3000 mm/s 3000 mm/s
Line offset 1 mm 1 mm Line offset 0.125 mm 0.1 mm 0.1 mm
Focus offset (FO) 425 mA − 10 mA Focus offset (FO) 15 mA − 10 mA 17 mA
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3. Results and discussion

3.1. Preheating temperature selection

Fig. 2 a represents a DSC heating (orange) and cooling (green) curve 
of IN738. The sample melted during the heating step, and the cooling 
curve was considered to identify the precipitation behaviour. Starting 
from the high temperature (indicated by the green curve), the 
exothermic peak at 1380 ◦C was identified as the onset of γ matrix so
lidification. After that first transformation, two other main exothermic 
peaks were identified, respectively at the temperature onset of 1335 ◦C 
and 1050 ◦C. The 1335 ◦C one was attributed to MC precipitation, while 
the 1050 ◦C one was recognized as the γ′ precipitation [17,33]. The MC 
carbides are also known as high-temperature carbides, and their pre
cipitation was found to occur right after the γ solidification [10]. 
Therefore, the preheating temperature ranges (700 ◦C–1100 ◦C) might 
have a side effect on MC precipitation and growth. Consequently, in this 
work, the MC carbides were not considered for the two preheating 
temperature setup choices. Instead, γ′ was used as the main reference 
due to its strong influence on the crack subjectivity of Ni-based super
alloys [9]. The R1 condition was identified at 1025 ◦C, fitting the tem
perature interval of the γ′ precipitation peak. According to the literature 
[24,26,27], preheating temperatures above 1000 ◦C guaranteed the γ′ 
precipitation, justifying the R1 condition choice. Conversely, the R2 
choice was set at 950 ◦C, this approach could increase the cooling rates 
toward the maximum γ’ precipitation range, thus limiting its precipi
tation and growth.

To further investigate the two preheating temperature selections, the 
M23C6 carbides temperature evolution was studied using TTT curve 
simulation by Thermo-Calc software. The results are visible in Fig. 2 b. 
According to the curve, the temperature range of M23C6 precipitation 
stood below 1100 ◦C, which fitted with the outcomes reported by Tan
cret et al. [34]. Therefore, their presence could not theoretically be 
avoided during the building step. The TTT curve displayed a preferential 
M23C6 precipitation around 1025 ◦C, where slightly more than 1 h 
soaking guaranteed the precipitation of carbides. Lowering the pre
heating temperature to 950 ◦C could increase this time to trigger the 
M23C6 precipitation. In this way, the formation of M23C6 carbides could 
be slowed down, thus minimizing their presence in the matrix.

Based on these results, the R1 (1025 ◦C) was chosen to represent the 
maximum precipitation condition, while the R2 (950 ◦C) was set to a 
slightly lower temperature to achieve a lower precipitation rate, 
allowing for a comparison of the material properties at different pre
cipitation kinetics.

3.2. Porosity and phases identification

Fig. 3 a and b represent an example of cross-sectional images of AB 
R1 and R2. As seen, in both cases of the R1 and R2 IN738 samples, the 
residual porosity was well below 0.2 %. The defects mainly included 
spherical gas porosities with diameters below 50 μm. Despite the two 
different preheating setups, the separate melting optimization allowed 
for reaching similar levels of residual porosity. The result highlighted 
the possibility of obtaining dense samples at both 1025 ◦C and 950 ◦C, 
thanks to tailored melting parameters.

After the porosity evaluation, the grain structure was investigated at 
low magnification. The LOM images are reported in Fig. 4 a and b for the 
R1 and R2 samples. The images reported the scenario evolution for both 
samples along the building direction. The general microstructure of AB 
R1 and R2 was composed of columnar grains elongated in the building 
direction, which grew for more than one layer. The grain size for R1 and 
R2 ranged in the same interval. The average width of grains was found to 
lie between 110 μm and 130 μm, while the average length stood between 
less than 1 mm to several mm, as displayed in Fig. 4. The use of differ
ential preheating temperature did not drastically influence the grain size 
evolution along the building direction. In both cases, the epitaxial 
growth typical of AM products was identified. The grain growth along 
the building direction can be explained by the preferential heat dissi
pation from the core to the top edge of the samples [35,36]. It is inter
esting to note that the negligible influence of the preheating temperature 
on grain distribution was already reported in the literature for 
PBF-EB/M IN718 [37]. The authors observed comparable grain struc
tures in the IN718 samples processed at 1000 ◦C and 950 ◦C preheating 
temperatures, confirming that this parameter has a negligible effect on 
grain morphology.

Fig. 5 a and b show the low magnification SEM images and EDS map 
of the R1 and R2 conditions. The images and maps are focused on a grain 
boundary area to highlight and identify the microstructural features.

The R1 condition (Fig. 5 a) revealed the presence of two main pre
cipitates soaked in the γ matrix and along the grain boundaries. The first 
type of phase revealed a bright tone with globular to blocky shapes and 
precipitation inside grains and along the grain boundaries. The EDS 
found them enriched in Ta and C, letting their identification as high- 
temperature Ta-rich MC carbides [38,39]. The second species was 
observed to have a dark shade and globular to elongated shape, located 
only along the grain boundaries. Their distribution was found 
non-homogeneous, and the EDS analyses highlighted higher concen
trations of Cr and C, thus indicating the association with M23C6 carbides 
[38–40]. Similarly, the R2 sample (Fig. 5 b) revealed the presence of two 
main species along the grain boundaries and inside the grain area. Both 

Fig. 2. (a) The DSC heating (orange) and cooling (green) curves of IN738. The precipitation was investigated in the cooling step after the superalloy melting in the 
heating one. (b) Thermo-Calc simulation of the TTT curve for the precipitation of M23C6 carbide at the grain boundary in IN738 superalloy.
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types of carbides found in the R1 sample were detected in the R2 one. 
The Ta-rich MC carbides were observed along the grain boundaries and 
inside grains with shapes and distributions close to the R1 condition. On 
the other hand, the Cr-rich M23C6 carbides were rarely found with 
globular and elongated shapes decorating a few grain boundaries.

By comparing the two scenarios, the temperature proved to have a 
limited role in the type of phases observed. This assessment is supported 
by the literature on IN718, which reports the precipitation of similar 
microstructural features at preheating temperatures of 950 ◦C and 
1000 ◦C [37]. In the current work, the preheating temperature had a 
negligible effect on MC carbide precipitation, leading to the detection in 
both R1 and R2 samples. The presence of MC carbides in the AB con
dition has already been reported in other literature works [24,26,27]. 

The M23C6 carbides underwent limited precipitation in both cases; 
however, reducing the preheating temperature allowed for a further 
decrease in the concentration, approaching total absence. The results 
agreed with the TTT diagram reported in Fig. 2 b. The presence of M23C6 
could be derived from the transformation of MC carbides [10] or directly 
precipitate from the matrix in the area of coexistence in the equilibrium 
diagram [34].

Fig. 5 c and 5 d display the high magnification images of the R1 and 
R2 conditions inside the grain area. The observation of the R1 sample 
(Fig. 5 c) revealed a third phase with a multimodal distribution; the 
coarse particles showed a spherical to cuboidal shape, while the fine 
population developed a spherical shape with sub-micrometer di
mensions. The shape and the distribution inside the γ matrix allowed 
their identification as γ′ particles [38,39]. Likewise, high-magnification 
images inside the R2 sample grains zone (Fig. 5 d) highlighted a popu
lation of fine and spherical γ′ particles soaked in the γ matrix. The 
presence of a low thermal gradient during the PBF-EB/M cooling pro
vided enough driving force and time for γ′ precipitation [41]. The higher 
preheating temperature experienced by the R1 condition could have 
favored the development of multimodal precipitation of γ’. Despite the 
hypothesis suggested by the DSC (Fig. 2 a), the γ′ phase was also 
observed in the R2 condition. Even if the solidification gradient under
gone by R2 was more severe compared to the R1 condition, the driving 
force given was found sufficient to trigger the precipitation of γ’, 
resulting in a fine population development [42].

The phases discussed above will be deeply quantified in terms of 
fractions and sizes in the following sections.

3.3. Microstructural features evolution

A deeper evaluation of γ’ and carbides fraction, as well as their di
mensions, was performed to illustrate the effect of the preheating tem
perature on their evolution. The different soaking times undergone by 
the samples bottom, middle, and top areas were deepened by evaluating 
the microstructural features in all three zones.

The γ’ evolution in the bottom, middle, and top zones is reported in 
Fig. 6 for the R1 and R2 samples.

Fig. 6 a–c displays the R1 size and morphology at the top, middle, 
and bottom zones, respectively. In all the areas, γ′ growth was verified, 
and two families could be observed, one with globular to cuboidal shape 
and the other predominantly globular (Figure A1). The first family dis
played coarser dimensions with a non-homogeneous distribution, while 
the second precipitated homogeneously with narrower dimensions in 
the matrix among the first family of γ′ precipitates. A similar behavior of 
the γ′ distribution was reported by Haghdadi et al. [24] and Lim et al. 
[26] in two separate works. The two studies agreed on the definition of 
the coarse γ′ particles as primary γ′, while the finer ones were defined as 
secondary γ’. The precipitation was found to occur in two separate 

Fig. 3. Cross-section LOM images acquired along the building direction of a polished (a) R1 and (b) R2 samples.

Fig. 4. Cross-section LOM images acquired along the building direction of a 
chemical etched (a) R1 and (b) R2 samples.
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stages during the PBF-EB/M process. This could be interpreted accord
ing to Radis et al. [42], where the temperature gradient from the melting 
to the preheating step allowed the precipitation and growth of the pri
mary γ′ phase from the Al and Ti segregated zone. Afterward, the pre
heating temperature above 1000 ◦C allowed the dissolution of some 
primary γ′ particles that further reprecipitated as fine secondary γ’ 
particles during the final cooling step. This complex precipitation path 
justified the multimodal distribution experienced in the R1 condition.

Fig. 6 d–f display the high magnification scenario at the top, middle, 
and bottom zones for the R2 sample. The γ′ precipitation occurred ho
mogeneously inside the grains with a unimodal distribution in the bot
tom, middle, and top areas. By comparing the R2 sample scenario with 
the R1, the more severe solidification gradient could have pushed the 
nucleation instead of growth, thus resulting in a finer primary γ′ popu
lation [43]. Furthermore, the preheating temperature at R2 might have 
hindered the γ’ dissolution plus reprecipitation behaviour observed in 
the R1 sample, leading to an unimodal distribution.

Coupled with the shape and distribution evaluation, γ’ fraction and 
dimension were calculated in the bottom, middle, and top areas for the 
R1 and R2 conditions. Fig. 7 a and b show the results obtained.

Fig. 7 a reports the γ′ fraction evolution along the building direction 
for the R1 and R2 conditions. R1 revealed a mean γ′ fraction slightly 
higher than R2, ranging between 55 % to 62 % and 52 % – 55 % 
respectively. However, by considering the standard deviation, the pre
heating temperature proved to have a side effect on the amount of γ’ 
precipitated. Overall, the values were found to be in line with the 
literature [26,27]. Likewise, both conditions underwent a similar evo
lution along the building direction with a controlled fraction reduction 
from the bottom to the top of the R1 and R2 samples.

Coupled with the fraction, Fig. 7 b represents the evolution of γ′ size 
along the building direction for R1 and R2 samples. The primary γ′ size 
in the R1 sample ranged between 1080 nm and 140 nm, and a severe 
coarsening was observed descending from the top to the bottom region, 
with a maximum size going from 850 nm to 1080 nm. Secondary γ′ 
covered sizes between 89 nm and 30 nm without a sensible size gradient 

Fig. 5. Cross-section SEM images and EDS maps acquired along the building direction of chemical etched (a) R1 and (b) R2 samples. The images and maps highlight 
the microstructural features in a grain boundary area. Cross-section SEM images at high magnification on chemical etched (c) R1 and (d) R2 samples. The images 
highlight the microstructural features inside the grain area.

Fig. 6. Cross-section SEM images at high magnification on chemical etched (a, 
b, c) R1 and (d, e, f) R2 samples. The images show the γ′ evolution inside the 
grain area at the top (a, d), the middle (b, e), and the bottom (c, f) zones.
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along the building direction. The R2 sample displayed primary γ’ di
ameters between 240 nm and 70 nm, with a slight coarsening going 
toward the bottom of the sample.

By comparing the R1 and R2 conditions, the differences in γ′ size 
could be attributed to the different thermal histories and evolution un
dergone by the phase in the two preheating conditions. The result 
highlighted a more severe microstructural gradient in the R1 sample 
compared to the R2 one. This behaviour could be justified by the 
coarsening and coalescence undergone by the γ′ phase during the 
soaking at a temperature around and above 1000 ◦C, as reported in the 
literature [44]. Moreover, the wide nucleation that occurred in the R2 
condition, coupled with the dissolution hindering, could have mini
mized the γ’ growth during soaking at 950 ◦C [42,43].

Coupled with the γ’ evolution, the carbides fraction and dimensions 
were investigated. Fig. 8 shows the evolution of MC and M23C6 carbides 
in the top, middle, and bottom zones for the R1 (Fig. 8 a–c) and R2 
(Fig. 8 d–f) conditions. Despite the differences in preheating conditions, 
the samples shared similarities in the location and distribution of car
bides. MC-type was found abundant and preferentially located inside 
grains; however, its presence was also detected along the grain bound
aries for both R1 and R2 conditions. The MC carbide evolution along the 
building direction followed similar behaviour for R1 and R2. It involved 
differences based on the location of MC carbides along the building di
rection rather than on their fraction and dimension. The MC carbides 
inside grains underwent a negligible transformation; instead, the grain 
boundary MC carbides strongly reduced their presence going from the 
top to the bottom of the samples. Meanwhile, M23C6-type was found 
only along the grain boundary and generally assembled in clusters. 
However, their presence was modest in both R1 and R2 samples except 
for some highly segregated areas preferentially located in the bottom 
areas of the R1 and R2 samples (Fig. 8 c and f).

The literature confirms the presence of MC carbides in the AB con
dition, reporting a similar scenario in other PBF-EB/M IN738 [24,26,
27]. Moreover, their stability in the temperature ranges studied was also 
highlighted in similar Ni-based superalloys production by PBF-EB/M 
IN738 [37]. On the contrary, the presence of M23C6 carbides has not 
been previously identified in AB IN738 processed by the PBF-EB/M 
process. In any case, both preheating temperatures used in this work 
fitted the interval of MC decomposition toward M23C6 verified for 
Ni-based superalloys [45,46]. This implies the beginning of MC 

decomposition during soaking at preheating temperatures. Moreover, Li 
et al. [27] identified a temperature threshold to induce M23C6 precipi
tation for IN738 alloy at 1029 ◦C, thus justifying their presence in both 
R1 and R2 conditions. Similar inconsistencies could be found in the AB 
PBF-LB/M IN738, where Zhou et al. [47] did not report the presence of 
M23C6 carbide, while Jena et al. [7] observed M23C6 precipitation and 
ascribed their presence to the interaction between Cr and free C not 
involved in MC precipitation.

The fraction and dimension of the two carbide types were calculated 
along the building direction for R1 and R2 conditions (see Fig. 9). 
Accordingly, Fig. 9 a shows the MC (darker colors) and M23C6 (brighter 
colors) fraction evolution in the bottom, middle, and top zones for R1 
and R2 conditions. R1 underwent a more severe evolution compared to 
R2; the MC ranged from a fraction of 1.4 % in the top zone to a minimum 
of 0.4 % in the bottom zone. In the R2 conditions, the MC fraction 
ranged between 0.9 % in the top area and 0.4 % in the bottom one. In 
both conditions, the MC carbides fraction observed in the R1 and R2 
samples was aligned with the literature [24,26,27]. The M23C6 carbides 
underwent an opposite evolution along the building direction, display
ing a smaller fraction compared to the MC. In the R1 samples, the mean 
values ranged between 0.2 % in the top zone toward 0.4 % and 0.3 % in 
the middle and bottom areas. Despite the mean values slightly above 0 
%, all the standard deviation bars ended at 0 % as a result of the 
segregation tendency already reported and discussed in Fig. 8 c and 8 f. 
Similarly in the R2 condition, the M23C6 fraction moved from 0 % at the 
top toward a mean value of 0.3 % in the following areas. The inverse 
evolution of MC and M23C6 fractions along the building direction could 
suggest a predominant effect of the grain boundaries MC degradation 
against the direct precipitation of M23C6 during the PBF-EB/M cooling 
step.

The results of the carbide size evaluation are reported in Fig. 9 b. In 

Fig. 7. The fraction (a) and size (b) quantification for the γ′ particles in the R1 
and R2 conditions. The graphs report the evolution along the building direction.

Fig. 8. Cross-section SEM images of chemical etched (a, b, c) R1 and (d, e, f) R2 
samples. The images report the carbide evolution at the top (a, d), the middle 
(b, e), and the bottom (c, f) zones.
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both R1 and R2 conditions, MC carbides displayed sub-micrometer di
mensions between 1 μm and 140 nm without a severe coarsening along 
the building direction, thus confirming the scenario reported in the 
literature [26,27,37]. The second type of carbides reported greater di
mensions due to their preferentially elongated shape developed along 
the grain boundaries. Moreover, a coarsening was detected from the top 
(maximum size 1 μm in R1) to the bottom (max 2.7 μm in R1 and R2). 
The coarsening could have occurred during the final cooling after the 
building step, due to the degradation of MC carbides toward M23C6, 
which was verified to be active up to 700 ◦C [48,49].

3.4. Effect of microstructural features evolution

GROD, KAM misorientation maps, and LAGBs could be considered an 
indirect method of evaluating the stresses in a given microstructure. In 
particular, high misorientation can be associated with high dislocation 
density, thereby allowing for a correlation with the presence of stresses 
in the microstructure [50]. To further evaluate the effect of the pre
heating temperature on the IN738 microstructure, GROD maps coupled 
with HAGBs/LAGBs and KAM evaluation were performed on R1 and R2 
samples in the middle area. Fig. 10 a, b, c, and d represent the GROD, the 
HAGBs/LAGBs, and the KAM maps and curve of the R1 sample, 
respectively. The GROD map (Fig. 10 a) revealed the presence of high 
misorientation values in the AB microstructure with a gradient evolution 
inside grains. The distorted microstructure resulted in 50 % LAGBs and 
high KAM misorientation, which was homogeneously distributed 
throughout the grain structure, as depicted by Fig. 10 b and c. Moreover, 
the KAM curve (Fig. 10 d) revealed a distribution of misorientation 
between 0◦ and 5◦ with a peak between 0◦ and 1.5◦, pointing out a 
smooth increase toward a maximum frequency of 25 % at 0.1◦ misori
entation. On the other hand, the R2 sample exhibited a different scenario 
(Fig. 10 e, f, g, and h). The GROD maps pointed out lower misorientation 
values than the R1 condition, with a limited gradient among the same 
grain (Fig. 10 e). Furthermore, the LAGB fraction was measured as 25 % 
with lower KAM values randomly distributed in a few grains, as visible 
in Fig. 10 f, and g. The KAM misorientation distribution (Fig. 10 h) 
showed the peak ranged between 0◦ and 1◦ with a sharp increase to 35 % 
frequency for a misorientation of 0.05◦.

By comparing the R1 and R2 conditions, it was evident that both 
samples underwent the formation of stresses after the building process, 
as indicated by the GROD maps. This behavior could be attributed to 
rapid solidification until reaching the preheating temperature. More
over, the LAGB values (50 % and 25 % for R1 and R2, respectively) and 
KAM maps could highlight a different dislocation distribution inside 
grains. By comparing the KAM misorientation curves, the R1 condition 
pointed out wider areas at higher misorientations. In particular, 90 % of 
the deformed areas in the R1 condition were below 1◦, while in the R2 
condition, the same fraction experienced only misorientations below 

Fig. 9. The fraction (a) and size (b) quantification for the carbides in R1 and R2 
conditions. The graphs report the evolution of MC and M23C6 along the 
building direction.

Fig. 10. EBSD analyses on R1 (a–d) and R2 (e–h) samples. The image reports the GROD (a, e) maps, the LAGBs/HAGBs (b with 50 % LAGBs, and f with 25 % LAGBs) 
evaluation maps, the KAM (c, g) maps, and curves (d, h). The maps were performed along the building direction in the middle zone of the samples investigated.
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0.5◦. The analysis confirmed a less severe dislocation density in the R2 
condition compared to the R1 condition. This behavior could have 
highlighted an additional contribution that altered the direct correlation 
between residual stress formation and temperature gradient after the 
PBF-EB/M production [51]. This contribution could involve the 
different γ′ evolution. The R1 primary and secondary γ′ particles inter
acted more efficiently with dislocations formed during the solidification, 
thus hindering their relief during the soaking within the preheating. This 
behavior is confirmed by Geddes et al. [10], in which coarse primary γ′ 
particles turning to a cuboidal shape possessed higher interfacial energy 
against the γ matrix, thus increasing the interaction efficiency with the 
dislocation movement. In addition, the size of fine secondary γ′ fitted 
with the optimal dimension (10 nm–100 nm [10]), thus increasing the 
hardening effect and resulting in an additional relieving limitation. On 
the other hand, the monomodal distribution of primary γ’ in the R2 
sample has exceeded the optimal size (10 nm–100 nm [10]) for maxi
mizing the hardening effect, thus allowing the beginning of the recov
ery, as confirmed in the literature by Galindo-Nava [52].

3.5. Micro-cracks formation tendency

Fig. 11 reports low-magnification SEM images of the R1 and R2 
samples. The R1 sample reported the formation of microcracks along the 
grain boundaries (Fig. 11 a). In this condition, both types of carbides 
were found along the crack path, thus suggesting a potential impact on 
crack initiation. On the contrary, the R2 sample was found crack-free 
without any micrometrical detachments along the grain boundaries, 
also where carbide precipitation was observed (Fig. 11 b).

The R1 sample exhibited strong stress development in the γ matrix, 
which resulted from the combined influence of the building process and 
the multimodal distribution of γ′. The strain induced at the grain 
boundaries could have induced the formation of detrimental micro- 
cracks in this R1 condition [21]. Moreover, the presence of Ta and 
Cr-rich carbide along the crack path could suggest an influence of the 
segregation on the crack propagation. According to Luo et al. [53], the 
segregation of solute elements such as Cr, W, C, B, and P along the grain 
boundaries plays a relevant role in the formation and evolution of 
micro-cracks in PBF-EB/M IN738. In particular, the lower cohesion 
forces induced by the segregation of solute elements led to weaker grain 
boundaries, reducing their resistance to grain strain and resulting in 
crack formation. On the other hand, the uniform γ’ precipitation in the 
R2 condition allowed the beginning of the dislocation recovery, 
reducing the tension acting along the grain boundary. Moreover, the 
limitation of carbide precipitation could suggest a reduction in solute 
elements segregation at the grain boundaries, thereby reducing the 
crack susceptibility of the R2 grain boundaries [53]. The combined ef
fect of lower stresses and segregation resulted in a crack-free micro
structure for the R2 sample.

3.6. Microhardness evolution

Fig. 12 shows the Vickers (HV0.2) microhardness evolution along the 
building direction for the R1 (Fig. 12 a) and R2 (Fig. 12 b) conditions. 
The differential microstructural evolution given by the preheating 
conditions allowed an overall increase in HV0.2 values in the R2 con
dition, compared to the R1 condition. Despite the multimodal precipi
tation of γ′ in the R1 sample, the coarser particles could have had a major 
contribution to the HV0.2 values, thus lowering the whole evaluation. 
Conversely, the monoidal and finer γ’ size distribution in R2 led to an 
increase in HV0.2 values compared to the other condition analyzed.

Furthermore, both R1 and R2 samples underwent an increase in 
HV0.2 values along the building direction. This behavior could be 
associated with the preferential coarsening of γ′ particles at the bottom 
area, due to the higher soaking time at the preheating temperature. 
According to Hall-Patch theory, larger particles led to a lower micro
hardness, justifying the property gradient. In their work, Lim et al. [26] 
reported a similar growth along the building direction, assessing the γ′ 
fraction and size contribution. Moreover, a tendency to HV0.2 increase 
from the center to the edges (x direction) was detected in both R1 and 
R2. This scenario could be correlated with the preferential heat dissi
pation that could have reduced the γ′ dimensions at the edges, resulting 
in an HV0.2 increase. Overall, the R2 condition proved to have smoother 
evolution in both building and x direction as a result of the lower 
coarsening of γ’ particle size, compared to the R1 condition.

4. Conclusions

In the current study, two different preheating conditions were used 
to investigate the effect of temperature on the precipitation and evolu
tion of phases. The microstructural features and hardness of the as-built 
IN738 samples were fully characterized. The main results can be sum
marized as follows. 

• The combined use of DSC analyses and Thermo-Calc simulation 
allowed the identification and selection of two preheating tempera
ture conditions. The 1025 ◦C one fell in the precipitation temperature 
ranges of γ′ and M23C6, while the 950 ◦C one was far from the γ′ and 
M23C6 maximum precipitation area. The MC precipitation was 
observed around 1335 ◦C, far from the preheating temperature 
ranges, thus making it impossible to optimize this feature.

• To enable preheating at lower temperatures, a new set of process 
parameters was developed. Despite the different preheating sce
narios, the optimization of the melting parameters performed for the 
R1 (preheated at 1025 ◦C) and R2 (preheated at 950 ◦C) conditions 
led to the production of nearly fully dense samples with residual gas 
porosity lower than 0.2 %. As expected, the preheating temperature 
did not alter the sample densification. The grain structure in AB R1 
and R2 conditions consisted of columnar grains elongated in the 

Fig. 11. Cross-section SEM images at low magnification on chemical etched (a) R1 and (b) R2 samples. The images highlight the grain boundary area and the micro- 
cracks in the R1 condition.
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building direction, following the heat dissipation preferential path. 
The grain dimension ranges were similar for both conditions, con
firming the negligible effect of the preheating temperature on grain 
coarsening.

• The phase identification step performed through SEM + EDS 
revealed similarities in terms of the microstructural features. At low 
magnification, Ta-rich MC carbides and Cr-rich M23C6 were detected 
in both the R1 and R2 samples by EDS maps. At high magnification, 
the images focused on the grain area revealed the precipitation of γ′ 
in both the R1 and R2 preheating conditions.

• The use of different preheating temperatures primarily impacted the 
γ′ precipitation, confirming the DSC information. R1 developed a 
fraction of γ′ between 55 % and 62 %, with a multimodal size dis
tribution. The spherical to cuboidal primary γ′ particles showed sizes 
between 1080 nm and 140 nm, while the secondary spherical γ′ 
population was below 89 nm. Conversely, the R2 condition experi
enced a precipitation of 52 % – 55 % γ′ fraction in a monomodal size 
distribution. Globular γ′ particles were observed with diameters be
tween 240 nm and 70 nm. Moreover, the 1025 ◦C preheating tem
perature strongly affected the primary γ′ coarsening, enhancing the 
microstructural gradient along the building direction.

• The carbide evolution was influenced to a lesser extent by the pre
heating conditions. For the R1 condition the carbide fractions ranged 
from 0.4 % to 1.4 % for MC and 0 % – 0.8 % for M23C6. Similarly, R2 
was subjected to the precipitation of MC carbides between 0.2 % and 
0.9 %, while the M23C6 fraction was from 0 % to 0.6 %. In both cases, 
the MC carbides were found in blocky shapes inside the grains and 
along the grain boundaries, while the M23C6 was preferentially 
elongated and distributed along the grain boundaries. The two car
bide fractions had an opposite evolution along the building direction, 
thus suggesting the beginning of MC transformation toward M23C6, 
particularly in the bottom area. The soaking at preheating temper
ature did not affect the MC carbide coarsening, with sizes ranging 
between 1000 and 140 nm in the bottom, middle and top areas. On 
the contrary, the M23C6 went from a maximum of 1 μm length to 2.7 
μm, thus confirming the predominant effect of MC transformation.

• The differential precipitation scenario that occurred between the R1 
and R2 conditions affected the development of residual stresses. The 
multimodal distribution of γ′ in the R1 condition hindered the 
beginning of dislocation recovery, resulting in a severely stressed 
microstructure with higher GROD, LAGB, and KAM values. More
over, this scenario triggered the formation of sporadic micro-cracks 
where the carbides acted as crack initiators. On the contrary, the 
R2 condition developed a more homogeneous γ′ precipitation that 
induced the beginning of an annealing effect with an overall stress 
reduction. Thanks to this scenario, no cracks were observed in the R2 
condition.

• The R2 condition showed overall higher HV0.2 values in the bottom, 
middle and top areas. In fact, the finer size of the γ′ particles 
compared to the R1 condition allowed an increase in the micro
hardness values. Moreover, the limited γ′ coarsening of the R2 con
dition along the building direction led to a smoother microhardness 
gradient evolution. On the contrary, the R1 sample underwent severe 
microhardness reduction from the top to the bottom areas.

This study proved that a tailored selection of the preheating tem
perature could affect the microstructural features in the PBF-EB/M 
process. Lowering the preheating temperature from 1025 ◦C to 950 ◦C 
allowed IN738 samples with finer monomodal size distribution of γ’ to 
be obtained, which reduced the residual stresses developed during the 
building step and increased the overall microhardness of the alloy.
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Appendix A 

Figure A1 shows examples of SEM images at 20000X (a, b, and c) and 100000X (d, e, and f) focused on γ′ in the top, middle and bottom of the R1 
sample. Figures A1 a, b, and c better highlight the coarse primary γ′ particles, allowing a wider evaluation of their size. On the contrary, high 
magnification images in Figures A1 d, e, and f focused on the fine secondary γ’ particles, thus enabling their size evaluation. 

Fig. 12. HV0.2 values on polished cross-section of (a) R1 and (b) R2 samples. The images highlight the microhardness HV0.2 evolution along the building direction.
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Figure A 1Cross-section SEM images at high (a, b, c) and low (d, e, f) magnification on the chemical etched R1 sample. The images report the γ′ evolution inside the 
grain area at the top (a, d), the middle (b, e), and the bottom (c, f) zones.
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